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Abstract

The scope of this thesis is to explore the applications of electron microscopy in the �eld
of hydrogen embrittlement (HE). The fundamental understanding of HE is still lack-
ing and requires some advanced approaches to improve it.

Electron energy-loss spectroscopy (EELS) was tested as a potentially viable tech-
nique for indirect hydrogen detection at nano-scale with transmission electron micro-
scope (TEM). Hydrogen trapped at the grain boundaries or dislocations was expected
to change electronic structure of local iron atoms in pure Fe specimens as predicted
by density functional theory (DFT). Unfortunately, no changes in electronic structure
were detected experimentally and the hypothesis was not con�rmed due to several pos-
sible reasons. Namely, high dose of electrons inducing radiolysis and knock-on damage,
and too high background signal. Recently developed direct-detection cameras are sug-
gested as a possible solution for overcoming both of these limitations.

The major contribution of this project to the scienti�c community was the obser-
vations of dislocation structures in post-mortem specimens fractured in hydrogen, air
and nitrogen gases. Scanning TEM was used to study these structures around the crack
wakes and have shown variations, which implied that hydrogen alters dislocation mo-
tion. Generally, dislocation structures were underdeveloped in specimens fractured in
hydrogen gas and this was attributed to hydrogen suppressed plasticity, which was ar-
gued to result from high concentration of hydrogen obstructing the motion of screw
dislocations by impeding their cross-slip and kink motion. Such behavior is only appli-
cable to body-centered cubic (BCC) steels, due to a special dislocation core structure,
which makes Peierls potential barriers for screw dislocations wider and their motion
harder.

Finally, HE in a commercial clad pipe was studied by using a combination of elec-
tron back-scattered di�raction (EBSD) and TEM imaging and di�raction. The dissim-
ilar interface layer forms during the production process of the clad pipe and becomes a
mechanically weak link of such structure. The EBSD and TEM di�raction has helped
to identify martensite phase in this layer, based on high dislocation density and orienta-
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tion relationship between the martensite phase and the local austenite. Dislocations are
very e�ective traps for hydrogen and makes martensite very susceptible to HE, which
lead to conclusion that this phase assisted the HE of the clad pipes. Rather di�erent re-
sults were observed in clad pipes with Ni interlayer. Nickel interlayer prevents the di�u-
sion of alloying elements between the clad and base metal and does not create su�cient
conditions for martensite formation. As a result, this structure has shown negligible
susceptibility to HE.
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Chapter 1

Introduction to hydrogen
embrittlement

1.1 Hydrogen embrittlement phenomenon
Hydrogen embrittlement (HE) can be de�ned as the deterioration of the mechanical
properties of materials due to hydrogen. This phenomenon was �rst reported in 1874
by Johnson [1]. He observed that steel or iron immersed in acids, which evolve hydro-
gen by reacting with the metal, su�ers from extraordinary decrease in toughness and
breaking-strain. Even more remarkable observation of the metal treated with acids was
the apparent frothing in water at elevated temperatures and the fact that the exiting gas
burned in a �ame characteristic to hydrogen. Since then, enormous volume of exper-
imental and theoretical works on HE has been published, but it is still a very compli-
cated phenomenon lacking complete scienti�c explanation. The complexity of the HE
lies in its multi-faceted dependence on various intrinsic and extrinsic variables. Essen-
tially, HE can be described as an outcome of the interaction between mechanical (type
of loading, stress state, strain rate, etc.), environmental (hydrogen fugacity, external or
internal hydrogen, gas source, etc.) and material related (crystal structure, phase sta-
bility, hydrogen solubility and di�usion, composition, etc.) factors. Since hydrogen is
the lightest chemical element and consists of a single proton and an electron it has high
di�usivity coe�cients and can easily move in various materials. Nevertheless, the HE
starts with hydrogen entry into material.

Hydrogen entry can happen either from gas or liquid phase. In case of entry from
gas, the initial step is gas adsorption and can be divided into physisorption (physical
attraction by van der Waals forces) and chemisorption (chemical reaction between ad-
sorbent molecules and the solid surface). The basic model for adsorption and di�usion
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from the gas phase was introduced by Wang et al. [2] and later developed by others [3–5].
In principle, it explains how di�erent kinetic steps involved in the adsorption determine
the subsurface hydrogen concentration, which can be expressed by the Sievert’s law:

C0,eq = S
√
p (1.1)

where S is Sievert’s constant that depends on the kinetics of adsorption and desorption
and p is the gaseous hydrogen pressure [6].

For adsorption from liquid phase, the hydrogen is typically generated as a by-product
of the chemical reaction between the hydrogen containing liquid solutions and the
metal due to corrosion. As the metal corrodes there are several reactions, that can take
place, but for the HE, the hydrogen evolution reactions (HERs) are the most impor-
tant:

H3O
+ + e⇒ 1/2H2 + H2O (in acids)

H2O + e⇒ 1/2H2 + OH− (in neutral and alkaline solutions)
The formed hydrogen then gets absorbed into the metal. The metal/liquid inter-

face is a very complicated one and many steps can be involved during absorption events,
which encumber the analysis [7]. Indeed, di�erent models were proposed to elucidate
the adsorption mechanism [8–11], but there are still some disagreements whether hy-
drogen is �nally absorbed as a neutral atom, H+ or H− [12].

1.2 Motivation

As discussed in the previous section, hydrogen can enter the metals from both gas and
liquid phases. As a result, hydrogen can be absorbed during manufacturing or various
processing steps like electroplating, solidi�cation, forging and welding as well as during
exploitation period. This means that structural components could be unexpectedly
charged with hydrogen and su�er from sudden mechanical failure caused by HE. This
is relevant in many industries, but especially in o�shore oil and gas, hydrogen energy
and nuclear power �elds.

First of all, various alloys, which were and are being used in o�shore industry are
susceptible to HE. In most cases, hydrogen forms as a by-product of corrosion or ca-
thodic protection (CP). In the case of gas wells, acidic gases like CO2 and H2S create a
highly corrosive environment due to low pH values and serves as a hydrogen source [13].
There are many reports about HE of di�erent alloys caused by a combination of hydro-
gen absorption and plastic straining [14–19].
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Hydrogen is becoming an important energy carrier, which can be used for power-
ing fuel cell vehicles (FCV). Due to several practical reasons, compressed hydrogen is the
most viable alternative for storing hydrogen [20]. In such case, external HE becomes a
relevant issue for all the metallic components, which are in contact with hydrogen gas.
Fuel cell application in automotive industry is a relatively young technology and there
are still no industry standards, which would adequately regulate the quali�cation of
materials for use in hydrogen atmosphere [21]. Therefore, in order to utilize the poten-
tial of FCV and to progress this technology in a safe and cost-e�ective way, it is crucial
to improve fundamental understanding about the HE and to create predictive models,
which would allow more deliberate material selection.

Another area where HE is a relevant problem is nuclear power. In boiling water
or pressurized water nuclear reactors hydrogen is generated from corrosion or from
gaseous additions to the water and can cause low temperature crack propagation [22].
This is mostly pronounced in Ni based alloys, is manifested by a rapid crack growth
and can be detrimental to nuclear power plant operations [23]. Secondly, hydrogen can
cause a number of issues on nuclear waste systems and can compromise the safety of
the repository system [24].

Clearly, hydrogen can cause catastrophic consequences for various industries. Hy-
drogen induced fractures are normally not detectable prior to the critical stage of frac-
ture. The ability to predict such failures could improve the material selection and would
enable the engineer to secure the longevity and reliability of structural materials exposed
to H-containing environments. To create a predictive model, it is �rst necessary to ob-
tain correct input parameters, like hydrogen content, hydrogen di�usion coe�cient,
trapping energies, and also to understand how these parameters a�ect material response
to stress in terms of dislocation motion and crack growth characteristics. Thus, the mo-
tivation of this thesis was to apply advanced, electron microscopy-based experimental
techniques, to develop a novel, nano-scale hydrogen detection technique and to eluci-
date hydrogen in�uence on collective dislocation behaviour during hydrogen-induced
cracking.

1.3 Types of hydrogen embrittlement
Hydrogen can induce di�erent types of damage [25,26]. HE or hydrogen-assisted crack-
ing (HAC) is a separate form of hydrogen damage and is divided into separate cate-
gories. Environmental hydrogen embrittlement (EHE) is cracking in cathodically pro-
tected structures. Internal HE (IHE) is embrittlement due to hydrogen, which already
exists in the bulk material, typically in various types of traps and in regions of high
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hydrostatic stress. Hydrogen environment embrittlement (HEE) involves the deterio-
ration of the mechanical properties of the material, when exposed to gaseous hydrogen
or hydrogen containing gases. Several examples of less popular types are listed below,
but will not be considered further in this thesis :

1. Hydrogen blistering — if metals absorb or are charged with high amount of
atomic hydrogen, these atoms recombine and create localized high pressure gas
clusters. In ductile materials such clusters deform the material and form blisters.

2. Hydride formation — some metals, like Ti, Zr, V, Nb, Ta, Mg, U, Th and their
alloys tend to form hydride phases above a critical hydrogen concentration. Pre-
existing cracks may serve as the initiation sites, since H tends to di�use towards
the region of high-stress crack tip. The hydride phase has a higher volume than
the parent metal and creates local deformations.

3. Hydrogen decarburization — at high temperatures (200-300° C) hydrogen
can react with iron carbides in the steel to form methane gas, thereby decreasing
carbon content in the alloy. This will result in a reduced strength of the material
as well as increased internal pressures that may lead to cracking or blistering.

4. Hydrogen attack — hydrogen reaction with carbides and oxides in steels or cop-
per alloys at high temperatures, which results in high-pressure methane and wa-
ter vapour formation. This causes the development of internal voids and cracks.

1.4 HE in di�erent metals

Categorizing HE e�ect on di�erent metals can be done in many ways - based on metal
strength, crystal structure, microstructure, composition, etc. However, none of these
classi�cations show general trends in the susceptibility to HE and this is one of the rea-
sons, why this phenomenon is so complicated. In this work, the materials will be dis-
cussed in terms of their crystal structure, namely body-centered cubic (BCC) or face-
centered cubic (FCC) and some special cases of high-strength steels, martensitic steels
and Ni-based alloys will be brie�y described separately. A comprehensive database com-
pilation prepared by Lee [27] and the Sandia technical report [28] with the references
within will be used as a guide for this section. Summary is provided in Table 1.1.

First of all, the metals, which fall into BCC category, are only di�erent classes of Fe-
based alloys. In plain carbon and low-alloy ferritic steels hydrogen degrades reduction
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Table 1.1: HEE indexes for selected steels tested at 24degC under various hydrogen pres-
sures. NTS=Notched Tensile Strength; EL=Plastic Elongation; RA=Reduction of
Area. Modi�ed based on [29]

HEE Index, (Ratio H/He)
Alloy
System Material

H
Pressure
(MPa)

Qualitative
Rating for
HEE

NTS EL RA

N
ick

el
ba

se
d Nickel (electroformed) 68.9 extreme 0.31 — —

Nickel 270 68.9 high 0.70 0.92 0.75

K-Monel (precipitated) 68.9 extreme 0.45 — —

C
op

pe
rb

as
ed Copper (OFHC) 68.9 negligible 1.00 1.00 1.00

Aluminum Bronze 68.9 negligible — 1.02 1.05

Be-Cu alloy 25 68.9 small 0.93 1.00 0.98

70-30 Brass 68.9 negligible — 0.98 1.20

A
lu

m
in

um
ba

se
d 1100-TO 68.9 negligible 1.38 0.93 1.00

2024 68.9 negligible — 0.95 0.97

5086 68.9 negligible — 1.05 1.03

6061-T6 68.9 negligible 1.07 1.00 1.08

7075-T73 68.9 negligible 0.98 0.80 0.94

A
us

te
ni

tic
ste

els 304L 68.9 high 0.87 0.92 0.91

310 68.9 small 0.93 1.00 0.96

316 68.9 negligible 1.00 0.95 1.04

347 68.9 small 0.92 1.00 1.00

Fe
rr

iti
cs

te
els

HY-80 68.9 high 0.81 0.86 0.85

X60 6.9 small 0.92 0.77 0.55

Iron (ARMCO) 68.9 high 0.86 0.83 0.60

X100 13.8 severe — 0.63 0.49

4140 68.9 extreme 0.40 0.18 0.18

M
ar

te
ns

iti
cs

te
els H11 68.9 extreme 0.25 0.00 0.00

Fe-9Ni-4Co-0.2C 68.9 extreme 0.24 0.03 0.22

410 68.9 extreme 0.22 0.12 0.19

440C 68.9 extreme 0.50 — 0.06

17-7PH 68.9 extreme 0.23 0.10 0.06
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of area (RA)1 in smooth tensile specimens. It also severely degrades RA in notched
tensile specimens [30, 31], reduces crack propagation resistance in fracture toughness
tests [32] and also enhances fatigue crack-growth rate [33]. Ferritic stainless steel (430F)
was reported to be highly susceptible to HE [34], but in duplex and semi-austenitic
stainless steels the resistance to hydrogen-assisted cracking increases with the fraction
of austenitic phase [35]. In general, most of ferritic steels show high, severe or extreme
susceptibility to HE, which manifests as a reduced tensile strength and low relative re-
duction in area (RRA) 2 (compared to air or inert gas).

Metals, which have FCC crystal structure, can be classi�ed into Ni-, Al-, Cu- or Fe-
based alloys. As for austenitic (Fe-based) stainless steels, they are generally considered
as highly resistant to HE. However, when the stability of austenite phase is relatively
low, the steels su�er from dramatic hydrogen-induced degradation under plastic de-
formation, which is generally attributed to the strain-induced α′ martensitic transfor-
mation [36]. Stabilizing austenitic phase by increasing chromium and nickel content
is proposed as a possible solution for improving these stainless steels [28]. Hydrogen
e�ect on aluminium and copper-based alloys is negligible, except for the cases when
aluminium is exposed to moisture [37] or when copper-based alloy contains oxygen in-
clusions [38]. These alloys form strong protective oxide layers, which work as a barrier
for hydrogen uptake. In addition, the solubility and di�usion coe�cients of hydrogen
are signi�cantly lower than in BCC steels, which can play a strong role in HE suscepti-
bility. FCC nickel is an exception among other highly resistant FCC metals and alloys.
Both puri�ed and alloyed nickel is very susceptible to hydrogen embrittlement despite
their good properties for high-temperature strength, oxidation, and hot corrosion resis-
tance [29]. Both heat-treatable and precipitation-hardened martensitic stainless steels
are very sensitive to the HE, which is a common characteristic for high-strength alloys.
This is expressed in signi�cant loss of RA in smooth tensile specimens [39], reduction
of fracture toughness [40], and signi�cant increase of FCGR [41]. Superalloys are very
important materials for high temperature applications due to their superior oxidation
and corrosion resistance as well as high mechanical performance in hot environments.
According to Table 1.1, some Fe-based superalloys are relatively immune to HE at room
temperature. However, most of the superalloys show considerable susceptibility to HE
at higher temperatures and it is a very relevant issue for their applications in aerospace
industry [29].

1RA is a di�erence between cross-sectional area of the specimen before and after fracture expressed as
% decrease in original cross section. RA = originalcross−sectionalarea−finalareaatthefractureplane

originalcross−sectionalarea ·
100%

2The RRA is a ratio of a reduction in area in hydrogen gas to a RA in inert gas. RRA =
RAH2

RAinert
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To summarize, based on the above presented database it is not possible to generalize
of what causes susceptibility to HE. Almost all FCC metals are immune or highly resis-
tant to HE, except for the cases where nickel-based, high-strength alloys or superalloys
are considered. Austenitic stainless steels fall into a special category, where they show
quite good resistance, except when austenitic phase is not stable, and strain-induced
martensitic transformation becomes the determining factor for causing HE. The pos-
sible reasons for such di�erences between BCC and FCC metals will be discussed in
more detail in Chapter 3. However, care should be taken as this brief review is based
on experimental data performed at room temperature in gaseous hydrogen. Di�erent
behaviour is expected at di�erent temperatures, gas pressure, hydrogen charging condi-
tion, etc. and this will be discussed in more detail in the next section.

1.5 HE dependance on di�erent parameters
Important variables, which a�ect HEE, include hydrogen pressure, temperature, strain
rate, and alloy strength. There are di�erent parameters to express the sensitivity to HE,
like already mentioned RA and RRA. In this section, a more universal parameter, called
embrittlement index (EI) is used to convey the e�ect of some external and internal fac-
tors on the susceptibility to HE. Essentially, EI is a ratio between a relative reduction
of some mechanical property in hydrogen and its original value in inert environment
—EI = X−XH

X
, where X denotes some mechanical property, for example elongation,

ultimate tensile strength, etc. A brief summary of the mentioned relations is presented
in Fig. 1.1.

1. Increasing hydrogen-gas pressure results in increasing susceptibility to the HE,
but there seems to be critical hydrogen concentrations, which induce di�erent
types of fracture, thus causing transitions to a weaker or stronger embrittlement
e�ect. Moreover, there seems to be a saturation concentration, where the e�ect
of additional hydrogen becomes negligible.

2. Susceptibility to HE is often greatest around room temperature and gradually
decreases with higher and lower temperature ranges. This e�ect is commonly
attributed to hydrogen trapping, meaning that at low temperatures the di�usion
of H is too slow to �ll all the traps, whereas at high temperatures the hydrogen
atoms are energetic enough to escape the traps.

3. Strain rate e�ect can be related to the di�usion too. Slower strain rates mean that
hydrogen has su�cient time to di�use to the traps and to the crack tip and assist
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Figure 1.1: Schematic plots of the dependence of embrittlement index on: a) hydrogen
pressure, b) temperature, c) strain rate, and d) hardness. EI = X−XH

X
, where X can be

some measured mechanical property, i.e. elongation, before �nal fracture.

the cracking, while in rapid loading (i.e. impact loading) there is not enough time
for di�usion, thus insigni�cant susceptibility is observed in such experiments.

4. The embrittlement index seems to directly depend on the hardness, which can be
related to material strength [42]. High strength alloys are extremely susceptible
to HE, while softer metals tend to be more resistant. However, microstructure
can be a more in�uential factor for HE e�ects. Grain size, amount of retained
austenite, the type of martensite, impurity type and content can either increase
or decrease H e�ect. Therefore, strength as an embrittlement parameter cannot
be directly correlated in specimens with di�erent microstructures.
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Chapter 2

Mechanisms of hydrogen
embrittlement

Numerous mechanisms have been proposed to explain HE over the last few decades.
Some models have developed over time based on new �ndings and more advanced cal-
culations, while others lost the popularity. The main mechanisms, which stood the test
of time, will be presented in this chapter. However, there is still no common agree-
ment on a single mechanism, which would satisfyingly explain all the aspects of HE in
di�erent materials.

2.1 Hydrogen-enhanced decohesion - HEDE
The hydrogen-enhanced decohesion (HEDE) model is based on the hypothesis that
hydrogen, dissolved in steel (or some other metals), reduces the cohesive strength of
the matrix atoms. HEDE mechanism is typically associated with intergranular (IG)
or quasi-cleavage (QC) type fracture, since grain boundaries and cleavage planes corre-
spond to the interfaces of weakest cohesive strength. HEDE operation in HEE could
be depicted as shown in Fig. 2.1. When stress is applied in gaseous hydrogen, the max-
imum stress is established in front of the crack-tip and once hydrogen concentration
there exceeds a critical value, a crack nucleates and spreads along the cleavage plane.
Macroscopic crack grows through successive micro-cleavage events.

Troiano [43] suggested that bond strength weakening in steels is caused by the in-
teraction of electrons between the dissolved hydrogen and iron. Namely, if a hydrogen
atom donates its single electron to the partly �lled 3d band of iron, then the increased
electron concentration of these bands would enhance the repulsive forces between the
metallic cores. On the same note, if any transition metal is alloyed with elements, which
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Figure 2.1: Schematics of HEDE mechanism in gaseous hydrogen

decrease the electron concentration in the 3d band, then HE would be reduced. If the
d band is completely �lled then the metal would be resistant to HE as is generally the
case for Cu-based alloys [44].

Figure 2.2: Data points for chem-
ical and mechanical equilibrium
between hydrogen or deuterium
gas at pressure p, and a crack in
AISI 4340 steel at stress intensity
parameter K. The solid lines repre-
sent theoretical �ts [45]

Oriani and Josephic [45] later developed
a numerical expression of decohesion e�ect
based on experimental results. They pro-
posed a criterion to determine if the crack will
propagate at given hydrogen concentration or
not, which is an evaluation of whether the ap-
plied stress is higher than the maximum cohe-
sive force:

k′σ(Lρ)(1/2) = nFm(c′) (2.1)

where σ is the applied tensile stress, L is the
crack length, ρ is the crack-tip radius, n is
the number of atoms per unit area of crys-
tallographic plane, Fm(c′) is the maximum
cohesive force at a local hydrogen concentra-
tion, c′, and k′ is a numerical parameter. Ac-
cording to the authors, the cohesive force de-
creases with increasing hydrogen concentra-
tion and such hypothesis was experimentally
proven by studying AISI 4340 steel (Fig. 2.2).
Stress intensity factor, K, for initiating crack
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propagation was measured as a function of hydrogen and deuterium pressure. After the
crack was arrested, the gas pressure was increased a little bit and K value was measured
again. Progressively lower stress intensities were needed to initiate the crack growth at
higher gas pressures.

In one of the later reports, Knott [46] discussed hydrogen e�ect on BCC mild steel
from the crystallographic perspective. By using etch-pit technique he found that the
crack propagates along (100) cleavage plane and the fracture surface had features rem-
iniscent of low-temperature cleavage . Similar fracture was also reported by other re-
searchers on iron-silicon single crystals [47, 48]. In addition, Veho� and Roethe [49]
reported crack tip opening angle dependence on hydrogen pressure (Fig. 2.3) together
with fracture feature analysis in Fe-3%Si alloy. According to them, hydrogen causes
crack tip to become sharper and fracture surface to become more featureless as the hy-
drogen pressure is increased. Such observations were interpreted to be caused by hydro-
gen induced micro-cleavage.

Computer simulations also suggest that hydrogen can reduce cohesive force. For ex-
ample, Gavriljuk et al. [50] used atomistic calculations to show that hydrogen induces
free electron concentration, when absorbed in the Fe lattice, as initially predicted by
Troiano. Higher free electron concentration results in a more metallic, weaker bond-
ing, which would support HEDE mechanism. Geng et al. [51] has shown that hydrogen
induces decohesion e�ect between martensite planes and along martensite/ferrite inter-
face. Such calculations were also supported by experimental work by Koyama et al. [52].

The HEDE model is commonly criticized for several reasons. Firstly, there is no
direct experimental evidence of hydrogen, reducing cohesive force. This is primarily
due to the lack of experimental techniques capable of studying such kinetic events in
the bulk material at the crack tips. Secondly, the macroscopic results of the fractures
are controversial. Typically, HEDE is associated with �at, featureless fracture surfaces
along grain boundaries or (100) planes with signi�cantly reduced or no plastic deforma-
tion. However, Lynch [53] suggested that in some cases scanning electron microscopy
(SEM) observations are not capable of resolving nano-sized dimples. In addition, strong
irregularities were observed by SEM on IG fracture in pure Fe [54] and large amounts
of plastic deformation beneath both IG and cleavage fracture surfaces were detected in
numerous experiments [54–57]. Finally, even if hydrogen reduces the cohesive energy
between the matrix atoms, it does not necessarily has to result into HEDE being the
primary mechanism for determining the fracture [58].

Nevertheless, HEDE is almost unanimously agreed to be responsible for HE in
high-strength steels, because high concentrations of hydrogen are expected due to high
hydrostatic stress at the crack tips [59].
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Figure 2.3: Optical photographs of the crack tips obtained after strain-
ing at 300 K in di�erent environments: a) 10 Pa hydrogen gas; b) 0.7
Pa hydrogen gas; c) vacuum [49]
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2.2 Hydrogen-enhanced localized plasticity - HELP

Hydrogen-enhanced localized plasticity (HELP) model is based on the hypothesis that
hydrogen, dissolved in the metal, enhances the dislocation motion. The foundation for
this model was laid by Beachem [60], based on macroscopic observations of ductile
features on IG and QC fractures. Direct observations of hydrogen enhancing plas-
tic events were acquired by performing in-situ TEM experiments [61–66]. The re-
sults from these reports showed that the introduction of hydrogen gas into the column
of transmission electron microscope (TEM) increased the dislocation velocity in the
strained TEM specimen. Such e�ect was reversed upon removal of hydrogen gas. In
addition, stationary dislocations in a strained specimen started to move upon intro-
duction of hydrogen gas, which indicated that the �ow stress was reduced. The results
were consistent for all types of dislocations and for both FCC and BCC metals.

Based on these �ndings, Birnbaum and Sofronis developed a theoretical framework
for the HELP mechanism [67, 68]. The authors proposed a hydrogen shielding con-
cept, based on the theory of elasticity, to explain the dislocation-hydrogen interactions.
Essentially, it states that hydrogen segregates to the stress �elds of dislocations and mod-
i�es it so that the stresses decrease in certain directions. This means that dislocations can
move at lower stresses and also their pile-up distances are reduced. These statements are
applicable as long as hydrogen is travelling together with the dislocation. Therefore, this
theory successfully predicts HE reduction at high strain rates and high temperatures,
where dislocations e�ectively break-away from the hydrogen atoms. Finally, according
to the HELP model, the hydrogen attached to the dislocation increases slip planarity
(impedes cross-slip), since the hydrogen atmosphere would have to be redistributed in
order for the the dislocation to be reoriented to the necessary screw con�guration. This
interaction between hydrogen and dislocations leads to localized deformation in the
vicinity of the fracture surface, since hydrogen is mostly attracted to the crack-tip by
high levels of hydrostatic stress. As a result, the crack propagation progresses through
microvoid-coalescence.

In the following years, the proponents of the HELP model published numerous
articles showing the macroscopic relation of fracture features to the enhanced mobility
hypothesis [55,56,69–73]. A general observation was that dislocation structures beneath
the fracture surfaces were developed into dislocation walls or bands corresponding to
signi�cant amount of plastic deformation. In addition, some examples have shown that
if the metal was fractured in hydrogen gas (or was charged with hydrogen) and in air, the
dislocation structures were more developed in the case of hydrogen [69, 70]. An exam-
ple in Fig. 2.4 [70] demonstrates dislocation structures of hydrogen-free and hydrogen-
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Figure 2.4: Comparison of the evolved microstructural state at a shear strain of 0.23. a)
bright-�eld scanning transmission electron microscopy (STEM) defect contrast image
of the microstructure and b) selected area di�raction pattern at the [-112] zone axis in the
uncharged material; c) bright-�eld STEM defect contrast image of the microstructure
and d) selected area di�raction pattern at the [-112] zone axis in the hydrogen-charged
material. Insets show enlarged view of indicated di�raction spot. Transmitted spots in
di�raction patterns are marked by “o”. [70]

charged Ni samples subjected to high-pressure torsion loading. Close to the free surface
(left side) the dislocation structures are similar, however more than 6µm away from the
surface, the cells were smaller in H-charged specimen than in uncharged one. Such be-
haviour was attributed to hydrogen accelerating the evolution of dislocation structure
development.

Ductile, IG and QC features were studied in Fe, Ni and various steels and all features
contained signs of deformation both on the surface and beneath the surface [55, 56, 73].
In most cases high spatial resolution techniques, such as high-resolution SEM, atomic
force microscopy or TEM, were necessary to detect the ductile features.

HELP mechanism is also supported by several studies based on atomistic calcula-
tions. Pezold et al. [74] used ab initio calculations to study hydrogen e�ect on dislocation-
dislocation interaction in Ni system. They indicated that, even at dilute hydrogen atmo-
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spheres, local hydride phase can form along the dislocation core, which causes a strong
shielding e�ect along the glide plane of the dislocation and leads to micro-crack forma-
tion at the tip of dislocation pile-ups. Lu et al. [75] con�rmed that hydrogen dissolved
in Al does increase dislocation motion, as well as promotes dislocation emission from
the crack-tip.

Despite of these strong arguments, there are still some criticism directed to the
HELP model. According to the proponents of this model, HE is observed in the tem-
perature range, where H enhanced plasticity is expected [67]. Accordingly, enhanced
plasticity e�ects should not occur at low temperatures since hydrogen di�usion rate
becomes too low for it to move together with dislocations. However, there exists nu-
merous reports of HE at low temperatures, for example, nickel charged with hydro-
gen showed signi�cant embrittlement e�ect in a wide temperature range down to 77
K [76, 77]. HELP mechanism is also lacklustre in explaining fracture along cleavage
planes or grain boundaries. It seems that even if this mechanism is operational it is
not fully determining the fracture conditions and most likely plays a secondary role.
Gavriljuk et al. [50] expressed their criticism to the HELP model in relation to its anal-
ysis in terms of continuum mechanics. Firstly, the amplitude-dependent internal fric-
tion experiments have proven that density of the hydrogen clouds around the dislo-
cations has no a�ect on HE, which contradicts the idea that hydrogen shielding is a
reason for HELP. Secondly, hydrogen was not identi�ed in the elasticity approach as
an alloying element, instead it was described as merely a point defect causing elastic dis-
tortions. Nevertheless, based on amplitude-dependent internal friction experiments, it
was shown that hydrogen has very similar e�ect on dislocation mobility as interstitial
nitrogen and this behaviour was explained in terms of electronic structure modi�cation
of the matrix elements upon hydrogen uptake.

2.3 Adsorption-induced dislocation emission - AIDE
The adsorbtion-induced dislocation emission (AIDE) mechanism is based on the idea
that hydrogen, adsorbed on the surface at the crack tip, induces dislocation generation
and their further motion into the material, which facilitates crack growth [26, 53]. First
of all, it is worthwhile to describe the di�erences of crack growth in non-embrittling and
embrittling environments. In the �rst case, when ductile crack growth is considered, the
dislocations are primarily generated in the plastic zone around the crack tip and only a
small fraction of them intersect the crack tip and participate in crack advancement. In-
stead, they mostly contribute to crack blunting, micro-void formation and coalescence.
In contrast, if adsorbed hydrogen assists the dislocation generation from the crack tip
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Figure 2.5: Schematics of AIDE mechanism. Crack grows by alternate-slipping at the
crack tip, keeping the tip sharp. Crack growth is facilitated by the coalescence of the
major crack with voids formed in front of it [26].

surface, then these dislocations will contribute to crack advancement. As a result, the
crack will grow at lower stress and thus the strain in the plastic zone will be reduced
as well. In addition to that, the crack growth will also be assisted by crack coalescence
with micro-voids. However, due to smaller strain amplitudes, the micro-voids will also
be smaller and shallower dimples will be produced on the fracture surfaces. This can
explain the general observation that only high spatial resolution techniques are capable
of resolving plastic features on brittle-like fracture surfaces as was mentioned in Section
2.2. A schematic diagram explaining AIDE mechanism is shown in Fig. 2.5.

In numerous studies it was reported that Fe, Fe-Si and Ni single crystals prefer to
crack along {100} plane [49, 57, 78–80]. However, the fracture typically proceeded in
<110> direction, independent of how single crystals were oriented. Namely, if single
crystal was oriented as {100}<110>, then the crack grew along the cleavage plane in a
direction perpendicular to the crack front, whereas if the specimen was oriented as
{100}<100>, then the crack propagated along the cleavage plane but in two <110> di-
rections thus forming a herringbone pattern on the surface as shown in Fig. 2.6. Such
behaviour can be elegantly explained by using the description of the AIDE model [81].
As the crack grows by dislocation nucleation and alternating slip on both sides of the
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Figure 2.6: Fracture surface morphology of Fe-3%Si single crystals monotonically
loaded in 100 kPa hydrogen gas. Crack growth planes and directions were orientated
along a) {100}<100> and b) {100}<110> [57]

crack plane, the slip planes intersect the crack plane and form a step or protrusion along
<110> direction, which is a common line of cleavage and slip planes in both FCC ({111}
slip planes) and BCC ({112} slip planes) materials (see Fig. 2.7).

One of the most convincing evidences for AIDE as an operating mechanism in HE
is the similarity of fracture morphologies between materials fractured in hydrogen and
in liquid metals like mercury, caesium or lithium. In the case of liquid metal embrittle-
ment it is commonly agreed that surface adsorption has to be responsible for embrit-
tlement e�ect since crack growth is very quick (up to 200 mm/s) and there is no time
for other reactions to take place or for hydrogen to di�use into the material [53, 82, 83].
The fact that crack growth in hydrogen gas (or hydrogen charged metals) is much slower
than in liquid-metal environments means that hydrogen has su�cient time to di�use
to the bulk of material. This motivated other researchers to propose di�erent models
based on the various e�ects of absorbed hydrogen.

As concluding remarks, it is worth saying that AIDE mechanism can universally
explain most of the features associated with HE. The fractographic features observed at
IG, cleavage and ductile fractures are successfully described by the crack growth through
alternating slip and subsequent coalescence with micro-voids. The signi�cant plastic
deformation beneath cleavage or QC fractures can be attributed to dislocation activ-
ities during the slipping. The e�ects of pressure, temperature and material strength
on stable crack growth kinetics were explained with a kinetic model based upon ad-
sorption/desorption kinetics and the e�ect of plastic strain [84]. Finally, according to
Lynch, AIDE mechanism predicts both IG and transgranular fracture depending on
whichever is more favourable at the given environment conditions and the material.

17



Figure 2.7: Schematics of striation formation based on crystallographic representation
in a) FCC metals and b) BCC metals

2.4 Hydrogen-enhanced strain-induced vacancy for-
mation - HESIV

The hydrogen-enhanced strain-induced vacancy formation (HESIV) mechanism pro-
posed by Nagumo [85] suggests that hydrogen enhances vacancy formation and then
stabilizes them and reduces their mobility. This causes vacancies to agglomerate into
larger clusters which then coalesce into larger voids and micro cracks. Such accumu-
lation of "damage" in the material causes it to fail prematurely through micro-void co-
alescence. As a result, the HESIV model treats hydrogen as an indirect and subsidiary
source of HE and the abundance of vacancies is considered to be the primary reason for
embrittlement. The process of how hydrogen enhances vacancy formation is not eluci-
dated in this mechanism and is not considered as a determining factor. Nevertheless, it
is assumed to originate from the interaction of dislocations and dislocation structures.

The hypotheses of this model primarily originate from the correlation between de-
fect density and material susceptibility to HE. According to Takai et al. [86], hydrogen
charging induced HE in Inconel 625 alloy, but the embrittlement e�ect was reversible
upon annealing at 200 °C when all hydrogen was desorbed as well as some of the defects
were removed (Fig. 2.8). On the other hand, when the same specimen was aged at 30 °C
then only hydrogen was removed, but not the defects, and the embrittlement e�ect was
only partly reduced. This indicated that hydrogen itself is not necessary for the fracture
at the �nal stage, instead it is the defects, which played the critical role.
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Figure 2.8: Stress–strain curves of Inconel
625 at tensile tests with interposed unload-
ing and ageing combinations indicated in
the �gure [86]

The defect density itself was exhib-
ited by the means of thermal desorption
analysis (TDA). Since hydrogen is being
trapped at lattice defects, the amount of
hydrogen debsorbed in a strained speci-
men during TDA is a measure of the de-
fect density. In several experiments it was
shown that more hydrogen is absorbed in
strained specimens [87, 88]. In addition
to that, hydrogen signi�cantly enhanced
vacancy formation in Inconel 625 and in
commercially pure iron (Fig. 2.9) [86].
Aging of the deformed specimens at tem-
peratures up to 200°C prior to the charg-
ing remarkably reduced the desorption.
The desorption behavior was consistent
with the annihilation of vacancy-clusters
and vacancy-carbon pairs, which act as
the trapping sites of hydrogen. In addition, Fuchigami et al. [89] reported the embrit-
tlement e�ect in a medium carbon martensitic steel to be more pronounced, when hy-
drogen absorption capacity was increased through strain-induced vacancies.

However, the HESIV mechanism still lacks completeness in term of explaining var-
ious aspects of HE, such as strain-rate dependence, fracture along cleavage planes, HE
at low temperatures, liquid-metal embrittlement, etc. [50] and is debatable to play a
major role in embrittlement process.
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Figure 2.9: The amounts of the tracer-hydrogen introduced to iron and Inconel 625
specimens after straining [strain], strained after hydrogen-precharging [H+strain] and
further annealing at 200 °C [H+strain+200 °C] [86]
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Chapter 3

Hydrogen embrittlement in BCC
steels

This chapter is not meant to answer the questions about HE in BCC steels, it is rather
a summary of relevant factors related to BCC steels, which could in�uence embrittle-
ment e�ect and the di�erences of it from FCC metals. The majority of this thesis was fo-
cused on pure Fe based on the initial hypotheses that hydrogen absorption and motion,
dislocation behaviour and electronic structure of BCC iron can be the determining fac-
tors for HE. As a result, a brief description of hydrogen solubility, di�usion, fracture
morphologies, dislocation core structure, dislocation interactions and electronic struc-
ture will be given in this chapter.

3.1 General parameters regarding hydrogen in iron

Hydrogen solubility

As mentioned in Chapter 1 the solubility of hydrogen in solid solution can be expressed
by the Sievert’s law. For pure Fe, the Sievert’s law becomes [90]:

c0 = 0.00185
√
p exp(−3440/T ) (3.1)

where c0 is concentration, p is gas pressure and T is temperature in Kelvins. Thus at
room temperature and in atmospheric pressure of gaseous hydrogen the equilibrium
concentration of hydrogen in BCC iron is approximately 2 · 10−8 (atomic ratio). The
solubility is higher when iron goes through phase transformation into FCC arrange-
ment (Fig. 3.1) [91]. However, hydrogen content in steels is often of the order of 1 mass
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Figure 3.1: Hydrogen solubility vs. temperature in pure iron [91]

ppm, which is considerably higher than the solubility in solid solution at room tem-
perature and this is attributed to hydrogen trapping at various defects including dis-
locations, vacancies, inclusions, interstitial or substitutional defects, etc. For the same
reason, alloying has signi�cant e�ect on the solubility as is visible in Fig. 3.2. To in-
clude these contributions, the hydrogen content in the materials can be obtained by
performing hydrogen permeation experiments [92].

Figure 3.2: Hydrogen solubility in various Fe-based alloys [93]
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Hydrogen di�usion

The di�usion of hydrogen can be expressed by the Fick’s law:

J = −DdcH
dx

(3.2)

where J is �ux, D is di�usivity coe�cient, cH is hydrogen concentration and x is po-
sition. The steeper the concentration gradient, the higher the �ux. However, the dif-
fusivity coe�cient is heavily dependent on temperature and activation energy and is
expressed as:

D = D0 exp

(
−EA
RT

)
(3.3)

whereD0 is the maximal di�usion coe�cient at in�nite temperature, EA is activation
energy, R is the universal gas constant and T is temperature. Kiuchi and Mclellan [94]
studied hydrogen di�usivity in well-annealed and deformed iron and found that above
about 400°C the di�usion coe�cient is almost as high as the di�usivity in perfect iron
lattice, where EA is about 7.9 kJ ·mol−1. On the other hand, at lower temperatures
the di�usivity values of hydrogen dropped rapidly from the one extrapolated in accor-
dance to the high temperature curve and also the results of multiple experimental trials
scattered over a wide range (ref. Fig. 3.3). Hydrogen trapping was predicted to play the
determining role in such di�usivity changes.

Figure 3.3: Hydrogen di�usivity in well-
annealed iron [95]

Comparison of well-annealed and de-
formed iron, tests of single crystal versus
polycrystalline structure [95] showed that
there is a variety of traps contributing to
hydrogen di�usion and not only dislo-
cations. The binding energies of di�er-
ent types of traps are compiled in Table
3.1. The same laws apply to FCC iron,
however due to the close-packed struc-
ture and the fact that there is only 4 oc-
tahedral and 8 tetrahedral interstitial sites
per unit cell, when compared to the BCC
lattice with 6 octahedral and 12 tetrahe-
dral sites, makes the di�usivity in FCC
lattice much lower than in BCC (respec-
tively about 20 nm and 100 µm per second at room temperature).
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Table 3.1: Binding energies of various traps in BCC iron

Trap site Eb(kJmol
−1) Source

Grain boundary 9.6 Choo and Lee [96]

Dislocation core 20 Kumnick and Johnson [92]

Free surface 70 Chornet et al.

Vacancy 46 Gibala and Kumnick [37]

According to the HELP model, hydrogen can also be transported together with
moving dislocations. If plastic deformation is introduced this could lead to increased
amount of hydrogen as well as quick redistribution of it. At low strain rate the hydrogen
is capable of keeping up with the dislocation core and then newly formed dislocations
can attract more hydrogen and can be treated as a source of hydrogen (considering hy-
drogen availability in the atmosphere). As a result, dislocations may play very important
role in hydrogen di�usion in metals.

3.2 HE manifestations in terms of fracture

HE is typically manifested by crack-tip sharpening, reduced and/or localized plasticity
and changes in fracture surface morphology. For instance, Veho� and Rothe [49, 97]
studied the crack propagation in Fe-2.6%Si single crystals in low-pressure gaseous hy-
drogen. They found that the crack propagated by alternating slip emission from the
crack-tip with the enhanced fraction of cleavage due to the presence of adsorbed hy-
drogen resulting in a substantially reduced crack-tip opening angle.

Plasticity localization and/or reduction was observed in numerous papers by dif-
ferent techniques including optical microscopy, selected area electron channelling and
electron-back scattered di�raction. Based on the optical microscopy observations some
researchers interpreted the hydrogen to induce plasticity localization [98,99]. However,
it is important to note that these observations were performed on the lateral surface of
the compact tension specimens or at the surface of notched round bar specimens, which
correspond to the plane-stress condition. Chen et al. [47] investigated stress state in-
�uence on HAC and concluded that the degree of the environmental interaction was
highly dependent upon the state of stress, with the plane strain condition providing
the most severe micromechanical conditions for HAC. Indeed, our plasticity distribu-
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tion analysis based on EBSD technique [100] at the mid-thickness region of the CT
specimens have shown that plasticity is drastically suppressed and localized. This study
con�rmed the importance of studying the plane-strain regions since they are more rep-
resentative in bulk specimens.

Figure 3.4: SEM images of the fracture surfaces of the specimens subjected to ∆P-
constant tests in a)b) air, c)d) 0.7 MPa H2, and e)f) 90 MPa H2 at di�erent ∆K. The
crack growth directions are bottom to top.

Fracture surfaces describe the preferable crack path and can reveal important in-
formation about the causes of material failure. Fracture can happen in three primary
modes: intergranular (IG), cleavage or transgranular ductile. Pure cleavage fracture is
quite rare in metals as there is almost always some amount of plastic deformation and
thus QC term is typically used to describe fairly �at transgranular fracture with some
ductile features such as tear ridges, striations, etc. Hydrogen induced fracture can be
manifested by all these fracture modes and is dependant on various parameters, such
as hydrogen content, steel microstructure, stress state, strain-rate, etc. Nevertheless, it
is well established that hydrogen induces QC fracture in pure iron and Fe-3%Si crystals
along (100) or (110) planes depending on orientation and iron crystal purity [57, 79].
Various BCC-steels with partly or fully ferritic microstructure tested by monotonic or
cyclic loading show hydrogen-induced QC fracture as well [21,101]. In a series of articles
we reported that hydrogen can induce both IG and QC fractures during fatigue exper-
iments depending on hydrogen pressure and stress-intensity factor range [54, 100]. As
seen in Fig. 3.4 in air only ductile features are visible, while in low pressure (0.7 MPa)
hydrogen gas some IG features appear at low ∆K values, and QC dominates the sur-
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face at high ∆K and in high pressure (90 MPa) hydrogen gas the fracture surface is
predominantly covered by QC throughout the tested ∆K range. Interestingly enough,
the fatigue crack growth rate correlated with the fraction of QC coverage, indicating
that QC fracture was responsible for accelerating the crack growth rate. Even though
IG fracture is typically attributed to a brittle-type in high-strength steels, in our experi-
ments we observed signi�cant plasticity beneath the IG fracture features. Other reports
demonstrated similar results for low-alloy [102] and martensitic [103] steels.

3.3 Dislocations in BCC iron

Despite the fact that hydrogen induces a seemingly brittle fracture (IG or QC), there
is certainly some amount of plastic deformation involved. Since dislocations are one of
the traps for hydrogen, and conversely hydrogen a�ects dislocation motion, dislocation
dynamics becomes a very important topic in HE �eld. The majority of the work done
in this thesis is based on the hypothesis that dislocation interaction with hydrogen is
the determining factor for HE. However, it was neither proved, nor denied as will be
discussed in the results section and is discussed in the publications.

The ease of dislocation motion is described by the Peierls stress — a force needed to
move a dislocation across a single atomic plane:

τP = G exp

(
−2πd

(1− ν)b

)
(3.4)

where G is the shear modulus, d is the spacing of atomic planes parallel to slip plane,
b the magnitude of Burgers vector, and ν the Poison’s ratio. Due to periodic struc-
ture of atomic planes in metals, the Peierls stress is also periodic along the slip plane.
In addition, Peierls stress is lower for smaller Burger’s vector, which means that dis-
locations "prefer" to slip along closest packed planes. Most importantly, the crystal
structure plays a signi�cant role on dislocation mobility, because in FCC metals the
slip on close-packed planes (111) is much easier than in BCC metals (along (110) planes)
due to higher interplanar spacing. What is more, Suzuki [104] pointed out that screw
dislocations in BCC lattice have a special core structure consisting of low energy and
high energy positions due to the geometrical speci�cs of the lattice. Fig. 3.5 shows a
schematic diagram of atomic arrangement in BCC lattice oriented along <111> direc-
tion and the numbers indicate atomic positions in units of the Burgers vector. Two
loops are marked in the triangles "A" and "B" and they indicate that by following these
loops we can follow the atoms positioned in a spiral con�guration in the perpendicular
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direction to the paper plane. If we add a screw dislocation (Fig. 3.4b) to the perfect
lattice, then atomic positions will shift and will become as shown in Fig. 3.5c and d.
Atomic positions of the three central atomic rows in (c) take the same spiral con�gu-
ration as in the perfect lattice, whereas those in (d) come to the same level, resulting in
a reduction of the interatomic distance by about 6%. Consequently, the core energy
of the dislocation at "B" triangle is considered to be higher than that of "A". Thus, the
screw dislocation in the BCC lattice has minimum energy positions at triangular posi-
tions with a separation of (2

√
2/3)b and Peierls potential barriers appear further apart

than in a perfect lattice and screw dislocation motion becomes much slower than edge
dislocation. Thus the plastic deformation in BCC metals is essentially limited by the
movement of screw dislocations and since their glide needs signi�cant amount of force,
it is more energetically favourable for them to move through a kink-pair mechanism.

Figure 3.5: Atomic arrangements
in BCC crystal in a) perfect lattice,
c) and d) lattice with dislocation
[104]

Kinks are deviations of dislocation line in the
glide plane, they are mobile and can be ther-
mally activated. In addition, the kink part of the
screw dislocation is actually an edge component,
which has much higher mobility in BCC materi-
als. A kink-pair mechanism can be easily explained
through schematic example (see Fig. 3.6). If kink-
pair is thermally activated, these kink can move
apart and if this process is repeated the screw dis-
location propels forward. According to works by
Caillard [105–108] and Matsui et al. [109–111] dif-
ferent alloying elements, including hydrogen, can
both soften and harden pure Fe by a�ecting the
motion of screw dislocations. This e�ect depends
on many factors, such as temperature, strain rate,
and material purity. Matsui et al. deduced that the
softening occurs due to hydrogen enhancing the
nucleation of kink pairs and increasing the mo-
bility of screw dislocations. On the other hand,
at higher hydrogen concentrations, the hydrogen
may form pairs or clusters or interact with inter-
stitial carbon atoms and pin the edge dislocations.
This can cause a signi�cant reduction of the screw dislocation mobility by slowing
down the kinked edge components of the screws.
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Figure 3.6: Schematics of dislocation motion through kink-pair mechanism [104]

Such hypothesis contradicts with the experimental evidence (in-situ TEM) of hydrogen-
enhanced dislocation mobility, which was already described in section 2.2. However,
one needs to keep in mind that the conditions in in-situ TEM are quite di�erent from
bulk specimen testing: i) strain rate di�erence; ii) stress state di�erence (plane-stress
in in-situ TEM and primarily plane-strain in bulk experiments); iii) potential surface
e�ects due to specimen thickness in case of in-situ TEM experiments and potential ox-
idation during sample mounting; iv) low hydrogen pressure of about 40 kPa in in-situ
TEM experiments, while in bulk tests it can range up to 100 MPa. It is more accurate
to talk about fugacity when considering in-situ TEM experiments, since electron beam
is very e�ective in ionizing the hydrogen gas, however it is also important to consider
beam-induced radiolysis and knock-out damage, which may remove hydrogen from the
lattice. As a result, it is very di�cult to quantify the amount of hydrogen trapped in the
lattice, but it is reasonable to believe that this quantity is lower than at the crack tips of
bulk specimens exposed to 100 MPa gaseous hydrogen and thus too low to trigger screw
dislocation mobility reduction.

In addition, when analyzing plastic deformation of a bulk specimen it is important
to emphasize the collective behaviour of dislocations instead of their individual motion.
Most plastic processes are controlled by dislocation structures, which form through
continuous rearrangement of individual dislocations depending on strain magnitude,
rate, temperature and other factors. Since the motion of screw dislocations is thermally
assisted via the formation of kink pairs in BCC metals, the dislocation structures are
heavily dependant on the temperature and high- and low-temperature regimes are typ-
ically distinguished. In the high-temperature regime the mobility of screw dislocations
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becomes almost equal to the edge dislocations and plastic behaviour becomes very sim-
ilar to FCC metals. However, in the low-temperature regime (the critical temperature
in BCC iron is approximately T0 = 0.2Tm ≈ 340K , where Tm is the melting tem-
perature [112]) the dislocation structures change. Most research is done on cyclically

Figure 3.7: TEM micrograph of an aluminum single crystal, compressed at room tem-
perature to a strain of ε = 0.3, with examples of GNBs and IDBs [113]

loaded specimens and it is well established that dislocation reorganize themselves to
the most energetically favourable state depending on external and internal parameters.
Generally, as the plastic deformation starts, individual dislocations are being generated
and start to move. As their density becomes high enough, they start interacting and
entangling with each other, this is the work hardening stage. Subsequently, if disloca-
tions are able to leave their glide plane they gather into dislocation-rich veins or walls
(boundaries), leaving other regions depleted of dislocations. These walls can rearrange
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into various formations such as persistent slip bands, ladders, labyrinths, and cells [114].
From the di�erent morphologies, di�erent types of boundaries have been identi�ed
(Fig. 3.7) [113, 115]: geometrically necessary boundaries, GNBs, formed from di�erences
in activated slip systems on the adjoining crystallites; and incidental dislocation bound-
aries, IDBs, forming by statistical mutual dislocation capture processes. Based on exist-
ing literature, it is well established that both fatigue life and plastic strain amplitude can
determine the most e�ective formation [112, 114, 116–118]. As summarized by Petrenec
et al. [114] in their work on ferritic X10CrAl24 stainless steel, at the lowest plastic strain
amplitudes (εap < 5 ·10−5) individual, mostly screw, dislocations were distributed ran-
domly in the lattice, for medium plastic strain amplitudes (5 · 10−5 < εap < 2 · 10−3)
veins and walls intersected by ladder-like structure were observed and for the high plastic
strain amplitudes (εap > 2·10−3) predominantly wall, labyrinth and cellular structures
formed. In the high plastic strain regime, the cell size is decreasing and the misorienta-
tion angle between the cells is increasing as the strain gets higher. Eventually, the cells
transform into sub-grains with signi�cant misorientation angle between them. For vi-
sualization, an example of dislocation structure evolution in AISI 316L steel fatigued at
room temperature at constant total strain amplitude of±0.7 pct at a strain rate of 10−3

per second is shown in Fig. 3.8.

Consequently, observation of dislocation structures is a useful tool to study plastic
deformation processes during fracture and can be used to predict the local plastic strain
amplitudes around the crack tips [119]. As a result, a substantial amount of work has
been done on investigating dislocation structures of specimens fractured in gaseous hy-
drogen or with pre-charged hydrogen. The IG fractures of pure Fe [56] and Ni [55] crys-
tals charged with hydrogen have shown large amounts of plasticity beneath the fracture
surfaces. For both cases, the failure mechanism was attributed to plasticity-mediated
decohesion, where the role of hydrogen was to drive the development of complex dis-
location structures, which increase local stress level and assist hydrogen transport to
the grain boundaries, where critical concentration is needed to trigger the decohesion.
Wang et al. [70] studied hydrogen-charged Ni subjected to high pressure torsion loading
and observed dislocation structures at various locations, which corresponded to di�er-
ent strain amplitudes. Dislocation cells were smaller and misorientation angle between
them was higher and, based on that, the overall conclusion was that hydrogen accelerates
the evolution of dislocation structures and this is facilitated by the HELP mechanism.
In another paper Wang et al. studied low-carbon steel fatigued in air and in hydrogen
gas [69]. According to the authors: "...di�erences in the microstructure attributed to the
presence of hydrogen include: i) the cell size was notably smaller than the sub-grain size, ii)
the misorientation angle between the cells was smaller than that between the sub-grains at
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Figure 3.8: Dislocation evolution and the corresponding cyclic deformation behavior
of AISI 316L steel for the±0.7 pct 10−3s−1 at 293 K test [117].

the same distance from the fracture surface and iii) the cumulative increase of misorien-
tation as the fracture surface was approached was smaller." The authors used the argu-
ments that hydrogen suppresses cross-slip and induces slip planarity, reduces spacings
between dislocations and thus causes higher amount of smaller cells to accommodate
high misorientation angles, which were seen in the case of air. These conclusions again
were linked to the HELP model.

Conversely, in a series of papers by our group (regarding pure Fe) [100, 120] and
Wan et al. (regarding Fe-3%Si) [121] it was shown that hydrogen can drastically suppress
plasticity and slow down the development of dislocation structure formation up to a
point where only dislocation tangles and individual dislocations were observed beneath
QC fractures corresponding to ∆K = 17 MPa ·m1/2. Such con�icting results add
to the long lasting controversy between the supporters of di�erent models. The main
concern is why and how the outputs of such similar experiments can be essentially op-
posite. Another matter of interest is whether these di�erences in dislocation networks
are the cause or the reason for HE. For example, if HEDE or AIDE mechanisms are
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assumed to be responsible for HAC, then the fracture would be expected to happen at
lower plastic strains — thus less developed dislocation structures. On the other hand, if
HELP mechanism is operational or if, as predicted by [109–111],large concentrations of
hydrogen lock the dislocation motion, then the observed structures do not necessarily
explain the enhanced crack growth, but rather re�ect the consequences of altered dis-
location motion with absorbed hydrogen. Answering these question with convincing
experimental evidences will require some novel experimental methods and will most
likely make a breakthrough in HE research.

3.4 Electronic structure
It is a great mystery of how an in�nitesimal amount of hydrogen in steels (see subsec-
tion "Solubility" in 3.1) can cause such dramatic e�ects on the mechanical performance
of metals. One explanation for that is that high di�usivity of hydrogen allows its fast
redistribution in the lattice. Clearly the local concentrations at the traps or crack-tips
are then modi�ed by the stress �elds and can attract much more hydrogen, which may
justify the decohesion process [57]. Nevertheless, the direct experimental observations
of hydrogen are challenging and even more so, when it comes to quantitative evaluation
of hydrogen concentration. One possibility to perform an indirect imaging of hydrogen
positions on atomic scale would be by probing the electronic structure variations over
the lattice as will be discussed in the next chapter. In order to understand this concept,
it necessary to brie�y discuss the e�ect of hydrogen on the bonding nature of Fe.

The electronic con�guration of iron is 1s22s22p63s23p63d64s2 with the 3d band
not �lled completely. For austenitic steels Gavriljuk et al. [122] found that hydrogen in-
duces the bound states at the bottom of the d-band, shifts the electron states to higher
energies and increases their density at the Fermi level, which suggests that hydrogen
should increase the concentration of conduction electrons. These predictions were
con�rmed by the measurements of conduction electron spin resonance in hydrogen-
free and hydrogen charged steels. Several other studies based on density functional the-
ory (DFT) claim that hydrogen changes the density of states in BCC iron lattice and
diminishes Fe-Fe bond strength [123, 124]. Most of these articles agree that hydrogen
reduces Fe-Fe bond, but the interpretation of how these changes a�ect the mechanical
performance is not equivocal and support either decohesion or the HELP model.
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Chapter 4

Experimental methods

In this chapter, the experimental methods related to the work published in the papers
I-IV and unpublished results presented in the following chapter are described. A more
comprehensive text about the basic principles of SEM and TEM operations can be
found in the following textbooks [125–127].

4.1 Mechanical testing

The mechanical tests were carried out by servo-hydraulic testing machines equipped
with a hydrogen gas chamber, where high-purity (higher than 99.999%) hydrogen of
up to 120 MPa pressure could be introduced with a possibility to heat the chamber
up to 100C. Two types of tests were performed on pure Fe specimens. The fatigue tests
were done on compact tension specimens according to the ASTM E647 standard [128],
with the load range, R, and the test frequency, f, chosen as 0.1 and 1 Hz, respectively, as it
was con�rmed that FCG rate in 0.7 MPa hydrogen peaks at f of 0.1–1 Hz [129]. Elasto-
plastic fracture toughness tests were conducted based on the resistance curve procedure
described in ASTM-E1820 standard [130]. According to the procedure, the CT speci-
men was loaded monotonically with multiple intermittent unloading cycles, and the J
value was calculated according to the area below load-COD curve, where COD is the
crack-mouth opening displacement measured via clip-on gauge. The crack extension
was monitored using the elastic compliance on the multiple unloading line.
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4.2 Sample preparation

Scanning electron microscopy

EBSD and ECCI techniques set strict requirements on the specimen surface quality, es-
pecially the �atness and cleanliness of it. Specimens were �rst buried in conductive resin
to retain the �atness of the sample edges. Then they were ground with SiC paper and
polished to mirror-�nish by using diamond suspension solutions containing 9, 3 and 1
µm sized particles. The �nal preparation step was done with colloidal silica solution to
further polish, clean and etch the surface, in order to reveal individual grains.

FIB specimens for transmission electron microscopy

FIB specimens were prepared either from polished lateral surfaces or from the fracture
surface of the fractured specimens. 30 kV ion beam is used to cut a thin lamella (ap-
prox. dimensions are 20×10×2 µm) out of the bulk specimen. Ion or electron beam
can also be used for imaging the specimen, which allows accurate selection of the area
of interest, i.e. grain boundary or speci�c grain. The lamella is then "welded" on a TEM
grid and thinned with progressively weaker, but more focused ion beam. For the �n-
ishing steps the acceleration voltage is ramped down to 10 or 5 kV and is used to remove
amorphisized layer from both surfaces of the lamella.

Specimen extraction from �at, polished lateral surface can be done according to
standard procedures. On the other hand, fracture surfaces are usually rough and multi-
faceted. This means that if the specimen is being extracted from the area (surface),
which cannot be tilted perpendicularly to the optical axis of the ion beam then one
region of the lamella will be higher and another will be lower. Such lamella cannot
be thinned uniformly, because the ion beam will be focused on di�erent heights on
the specimen. To prevent such e�ect, it is important to position the area of interest as
parallel to the horizontal plane of the holder as possible. Sometimes multiple manual
repositioning is required for optimal condition.

In experiments where FIB lamella had to be deposited on the chip (part of the envi-
ronmental TEM holder) an extra step had to be included. Namely, the TEM grid had
to be taken out of the FIB chamber and placed together with and parallel to the chip.
The specimen was then cut o� the grid and carefully welded on to the chip.
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4.3 Scanning electron microscopy — SEM

A scanning electron microscope (SEM) scans a focused electron beam over the sample
in a raster pattern. The electrons generate various signals through interaction with the
atoms of the sample. The collected signal at each scanned point can then be used to
create an image. The type of image depends on the nature of the signal detected and
can be an elemental map, a topography image or a map containing crystallographic in-
formation.

Fig. 4.1 shows a schematic diagram of where di�erent signals are generated during
electron interaction with the specimen. Since secondary electrons (SE) have low en-
ergy, only the ones originating from a region of a few nm below the surface can escape
from the specimen. These electrons are therefore collected for the topographic anal-
ysis. Back-scattered electrons (BSE) are the primary beam electrons, that are re�ected
or back-scattered by elastic interactions with the specimen. Since the cross-section of
elastic scattering depends on the atomic number, the images formed using these elec-
trons give contrast based on the chemical composition of the scanned region. In addi-
tion, back-scattered electron contain crystallographic information as will be explained
in more detail in the next section. The interaction volume is an important factor, which
de�nes the resolution of the BSE image, EDS map, etc. The depth, x, and width, y, of
the excited volume in µm is approximately [131]:
x = 0.1E0

1.5

ρ

y = 0.077E0
1.5

ρ

where E0 is accelerating voltage in kV, ρ is sample density in g/cm3. As a result, if
higher spatial resolution is desired, then lower acceleration should be chosen.

In this work, SEM was extensively used for fracture surface observations, electron
back-scattered di�raction and electron channeling contrast imaging. As a result, both
SE and BSE were employed to accomplish these tasks. Some features, like fatigue stri-
ations may be di�cult to resolve due to their �ne spacing and low height pro�le, but
su�ciently low accelerating voltage typically solves this issue. EBSD analysis requires
high amount of signal, which can be achieved by either increasing the beam current
through aperture and beam size adjustment. Accelerating voltage has to be carefully
selected, since if �ne-grained material is analyzed, the interaction volume can be larger
than the grain size and the resolution will not be su�cient to distinguish them. For
ECC imaging, high resolution is the primary parameter. Since BSEs are used to acquire
ECC images, low accelerating voltage is preferable in cases where individual disloca-
tions are to be imaged. If larger size features, like grains, dislocation bands, etc. are of
interest, then high accelerating voltage is acceptable as well.
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Figure 4.1: An overview of di�erent signals generated during the interaction of incident
electron beam with the specimen in SEM

4.4 Transmission Electron Microscopy — TEM

In contrast to SEM, in TEM the image is formed by the electrons transmitted through
an electron transparent specimen. TEM is superior over SEM in terms of resolution,
because of higher accelerating voltage, typically ranging up to 300 kV versus 1-30 kV
in SEM. In addition, transmission electron microscope is a very versatile tool, which
can be used in di�erent operating modes and can also be equipped with a variety of
detectors.

Conventional TEM involves operation with a uniformly spread beam, illuminat-
ing and imaging large area at the same time. This allows fast, real time, observations,
which can be monitored on the �uorescent screen or a CCD/CMOS camera. In ad-
dition, since the transmitted electrons pass through an objective lens, they will form a
di�raction pattern at the back focal plane (see ray diagrams in Fig. 4.2). This means
that by setting the microscope lenses the operator can project either the imaging plane
or the back focal plane on the screen. Consequently, it is very easy to interchangeably
acquire image and crystallographic data from the region of interest.

If TEM is operated in a scanning mode, then the temporal resolution is limited by
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Figure 4.2: Two conventional TEM operation modes: a) di�raction, when back focal
plane is projected on the screen to form di�raction pattern; b) imaging, when imaging
plane is projected on the screen. In both modes parallel electron beam is illuminat-
ing the specimen, where some of the electrons are elastically scattered at Bragg’s angles.
A series of lenses then project transmitted electrons on the screen. Objective aperture
is used to select electrons di�racted at speci�c angle, selected area di�raction (SAD)
aperture is used to select area on the specimen, where di�raction pattern will be taken
from [127]

the scan rate and is traded o� with the image quality. Scanning TEM (STEM) is more
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bene�cial for doing spectroscopy on small features or for doing elemental analysis. With
a recent improvement in electromagnetic lenses, the aberration-corrected microscope
in STEM mode can acquire atomic resolution elemental maps by using either energy-
dispersive X-Ray spectrometer (EDS) or electron energy-loss spectroscopy (EELS). In
addition, in STEM mode it is possible to acquire both image and spectroscopy data
simultaneously by using multiple detectors. The schematics shown in Fig. 4.3 explains
how such versatility is achieved. In this work, parallel beam TEM mode was used to
acquire di�raction patterns and some images. The STEM mode has been primarily
used for imaging dislocations and dislocation structures. EELS technique has bene�ted
for analysing electronic structure of pure Fe in environmental TEM conditions.

Figure 4.3: Schematics of how electron beam interacts with specimen in STEM mode.
The converged beam generates X-rays when interacting with the specimen, which are
then collected by the EDS placed above the specimen. Transmitted electrons are scat-
tered at various angles — some pass through with minimal angular de�ection and can
be collected by EEL spectrometer; some are scattered at low angles (elastic scattering
from dislocations, light elements, etc.) and are collected by annular dark-�eld (ADF)
detector, and the ones which are diverted at high angles by heavy elements are collected
by high angle annular dark-�eld (HAADF) detector
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4.5 Electron back-scattered di�raction — EBSD
Electron back-scattered di�raction (EBSD) is a complementary technique, which can
be implemented into a SEM. The operation of EBSD hardware involves some adjust-
ment of electron beam-sample-detector geometry. In principle, the electron beam illu-
minates the specimen and generates back-scattered electrons due to Rutherford scat-
tering. These back-scattered rays form a characteristic Kikuchi di�raction pattern —
an arrangement of broad bands crossing each other at various angles and various loca-
tions. The signal then falls onto the phosphorus screen, which emits photons when hit
by electrons. The light signal is then detected by the CCD camera. The EBSD detec-
tor is typically placed on the side wall of the SEM chamber and in order to direct the
back-scattered electrons toward it, the specimen needs to be tilted at around 70° with
respect to the horizontal plane. An example of a typical Kikuchi pattern and schematic
diagram of EBSD setup is shown in Fig. 4.4.

Figure 4.4: a) Kikuchi di�raction pattern; b) Schematic diagram of EBSD setup

The geometry of a Kikuchi pattern can be interpreted as a gnomonic projection of
the crystal lattice on the �at phosphor screen. The Kikuchi bands are the projections
of crystallographic planes and their thickness is related to the interplanar spacings. Ad-
ditional parameters like band contrast or band slope re�ect the image quality (IQ) and
gives information about the defect density or strain in the lattice [132]. EBSD analysis
enables the identi�cation of individual grain orientations, grain boundaries, local tex-
ture, point-to-point orientation correlations, phases, etc. on the surfaces of bulk crys-
tals. The technique is relatively easy to use and the data acquisition can be rather quick
depending on the quality requirements.
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Figure 4.5: a) Crystal orientation map; b) EBSD GROD map
showing plasticity distribution

In this work, two
types of maps were used
to re�ect the overall crys-
tal microstructure and
the plastic deformation
distribution (Fig. 4.5).
Crystal orientation maps
with a respective inverse
pole �gures represent
crystal microstructure in
a colour coded map,
where the color re�ects
the orientation. The
software is capable of
identifying the bound-
aries of each grain, thus
grain size distribution

histograms can be built as well. Grain relative orientation deviation (GROD) maps are
constructed by assigning an average orientation value for each individual grain as a ref-
erence and then colouring each pixel in the particular grain based on it’s misorientation
with respect to the reference value.

4.6 Dislocation observation by TEM and ECCI (di�rac-
tion contrast)

Scattered electrons in a crystalline specimen are discontinuously distributed as di�racted
waves. The di�raction condition can vary over the specimen depending on orientation
and phase variations and this causes di�raction contrast in a TEM image. In the bright-
�eld image (formed by the transmitted wave), the area where di�raction takes place loses
its image intensity, thus getting darker. In the dark-�eld image (formed by a di�racted
wave), the corresponding area gains image intensity, thus getting brighter. Di�raction
contrast plays a crucial role in dislocation imaging. If one imagines dislocation located
in an otherwise perfect crystal, then it is not di�cult to understand how dislocation
causes contrast variation in imaging mode. In the schematics shown in Fig. 4.6 two
atomic planes are drawn with a dislocation in between them. Far away from the dislo-
cation line, the planes can be assumed to be extending vertically from the top to the bot-
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tom of the specimen and oriented for di�raction with a slight misorientation from the
perfect Bragg’s condition (Ewald’s sphere does not cross the spot marked "g"). In TEM
theory the di�erence between the real di�raction vector and exact reciprocal lattice vec-
tor is expressed as an excitation error "s". Near the dislocation line, the di�racting planes
bend towards the Laue condition (towards smaller s), or bend away from the Laue con-
dition (larger s) which results in a contrast variation in the background of a perfect crys-
tal. Conventional TEM imaging has been successfully used for imaging dislocations for
decades, however it has an inherent disadvantage in that it is not possible to eliminate
bending contours and other possible phase contrast artefacts from the images. These
features typically complicate the interpretation of the results and can be particularly
frustrating in heavily deformed specimens. Fortunately, scanning TEM mode solves
these issues with a proper set up of the experimental conditions [133]. Essentially, the
dark �eld detector needs to be set so that beams di�racted at mid-range angles, which
correspond to di�raction from dislocations, are collected and the beams di�racted at
low angle pass through the aperture. In this work, the annular dark-�eld STEM images
were acquired with FEI Titan G2, �eld-emission-TEM, operated at 300kV with other
conditions optimized for dislocation imaging.

TEM has been the main tool to observe dislocations for a long time. Nevertheless,
the need for alternative technique, which would allow to study dislocations in bulk
specimens and not only of ultra-thin foils drove the development of ECCI. This tech-
nique is implemented in the SEM and is typically used in combination with EBSD, but
can be easily employed as a stand-alone technique. ECC imaging involves mapping the
variations of channelling contrast, which is closely related to the di�raction contrast
in TEM. For crystalline materials, this contrast is modulated by a dependence of the
back-scattered electron intensity on the orientation of the crystal lattice with respect
to the primary beam direction, and on the crystal lattice parameters. As the primary
electron beam enters the crystal it is coherently scattered by the atoms of the crystal lat-
tice and form a lattice-coherent electron wave �eld, which maybe described by a set of
Bloch waves. Depending on the orientation of the crystal lattice with respect to the pri-
mary electron beam direction, the electron wave �eld inside of the crystal has a higher or
lower density at the atomic nuclei, which leads to more or less inelastic back-scattering.
The resulting back-scattered electron beam has a broad energy distribution, but its in-
tensity depends on the crystallographic direction parallel to the primary beam. Clearly,
if some defects like dislocations or stacking faults are present, they will alter the chan-
nelling conditions, which will be re�ected in the back-scattered electron image.

ECC imaging is preferably performed with a two-beam di�raction condition to
maximize the contrast. In addition, back-scattered or front-scattered detectors can be
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Figure 4.6: Diagram of atomic planes around a dislocation [134]

used to observe ECC images. Nevertheless, in the current work the ECC imaging was
performed with a standard FEG-SEM equipped with a conventional BSE detector. In
such setup, an emphasis must be put on sample location with respect to the detector,
because the backscatter electron detector (BSD) sits just below the pole piece, and the
fraction of collected BSE depends on specimen distance from the detector (for a typ-
ical detector diameter of the order of 10 mm, the optimal distance is ≈5 mm). If the
acceptance angle is increased further by moving the sample closer to the detector, a sig-
ni�cant amount of electrons will be lost through the primary beam bore hole in the
detector [135]. Examples of imaging individual dislocations and dislocation structures
in bulk specimens by ECCI is shown in Fig. 4.7.
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Figure 4.7: ECCI of a) single dislocations in Fe-Si alloy and b) large area of bulk 20%
cold-rolled TWIP steel [135]

4.7 Hydrogen detection by EELS

HE can be caused by a tiny amount of hydrogen in the ppm range. Reliable technique
for quantitative hydrogen detection with high spatial resolution is crucial for two main
reasons: i) to understand the fundamental mechanism of HE; ii) to provide accurate
input parameters for the computational simulations, which can then be used to create
predictive models for HE. In the current state, there exist several techniques for hydro-
gen detection. Thermal desorption analysis/spectroscopy (TDA/TDS) allows extract-
ing the binding energies of the di�erently bound hydrogen, but does not provide spa-
tially resolved information [136]. A few viable techniques with some spatially resolving
power do exist as well. Nuclear reaction analysis (NRA) is used for depth pro�ling the
concentration of hydrogen, where the specimen is irradiated with pre-de�ned nuclei
at kinetic energies Ekin. The elements in the specimen then undergo a nuclear reac-
tion under resonance conditions for a sharply de�ned resonance energy. The reaction
product is usually a nucleus in an excited state, which immediately decays and emits
ionizing radiation [137]. Another, tritium autoradiography technique involves loading
samples with hydrogen isotopes that are rich in tritium and then coating them by a sen-
sitive �lm of photographic nuclear emulsion made of �ne silver bromide grains. The β-
rays emitted from the tritium decompose the silver halides in the �lm and upon special
chemical treatment the traces of tritium can be observed by SEM or TEM [138]. Silver
decoration is a similar technique, but the specimen is immersed in a silver-containing
solution, where silver ions are reduced by absorbed hydrogen. This results in a metallic
silver covering the area correspondent to the distribution of di�usible hydrogen [139].
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Kelvin probe microscopy is another technique for hydrogen detection, where changes
in the surface work function are measured and attributed to hydrogen absorption. It
has superior sensitivity and spatial resolution over the other techniques, but careful cal-
ibration and well-controlled environmental conditions are necessary and not trivial to
achieve [140].

TEM has a great potential in hydrogen detection. The instrumentation allows sub
angstrom resolutions and di�erent spectroscopy techniques to aid the elemental anal-
ysis. On the other hand, it is di�cult to perform imaging of hydrogen atoms, because
they have negligible scattering factor and only slightly contribute to the di�raction con-
trast. Nevertheless, hydrogen atomic columns have been directly observed in several
hydride systems by employing scanning TEM imaging [141, 142]. For the HE appli-
cations such imaging is not reasonable, because the hydrogen concentration is too low
and the distribution is not even since these impurities tend to get bound to dislocations,
around stress �elds or other defects. Baldi et al. [143] have reported a di�erent approach
for hydrogen detection with EELS in TEM. The authors studied palladium nanocrys-
tals exposed to hydrogen gas and their transition into hydride phase. The hydrogen in
Pd changes the complex permittivity of the material, which thus correlates with the
bulk plasmon resonance energy and this energy can be easily detected by EELS. The
absorption and desorption of hydrogen were hence detected by observing plasmon en-
ergy shifts in the EELS spectra. The theory explaining these �ndings is as follows. When
fast primary electron beam transmits through the material it interacts with it in several
ways. One of them is inelastic collisions with the outer atomic shell electrons, which
are typically called free electrons in the metals. These electrons can be thought of as a
set of coupled oscillators that interact with each other and with a transmitted electron
via electrostatic forces. Since fast travelling primary electron produces an electric �eld, a
collective oscillation of the free-electron density occurs in response to it at a characteris-
tic angular frequency, ωp which is equivalent to creating a pseudoparticle (plasmon) of
energyEp = h̄ωp. Plugging in theωp from the Drude’s model we get the bulk plasmon
energy [144]:

Ep = (28.82eV )(zρ/A)
1
2 (4.1)

where z is the number of free-electrons per atom, ρ is material density and A is atomic
weight. In principle, hydrogen trapped at di�erent defects in a non-hydride forming
materials can be mapped by using EEL spectroscopy as well. Since the TEM samples
have a thickness in the range of tenths of nanometers, the hydrogen, which is trapped
in grain boundaries or other defects may signi�cantly alter the local electronic structure
of the matrix atoms and thus cause shifts of the plasmon energy as well as modify the
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low-loss spectra induced by changing the valence band of the matrix elements. The EEL
spectrum can be described in a dielectric formulation [144] by:

d2σ

dΩ dE
=

1

π2a0m0v2na

(
1

θ2 + θE
2

)
Im

(
1

ε(q, E)

)
(4.2)

where v is the speed of the incident electron, na the number of atoms per unit volume
and ΣE the characteristic scattering angle. The term Im(−1/ε) is often called the loss-
function. Using Eq. 4.2 and Kramers–Kronig analysis [144], it is possible to obtain
the EEL spectrum from the complex dielectric function ε = ε1 + iε2 and vica versa.
The complex dielectric function can be extracted from the DFT calculations therefore
providing an easy way for modelling EEL spectra in the low-loss regime.

These hypotheses motivated us to try this novel technique and try to indirectly de-
tect hydrogen around the grain boundaries of pure Fe, which is exposed to atmospheric
pressure of gaseous hydrogen with the help of newly developed chip-based in-situ TEM
holders provided by Protochips. The results of these experiments will be discussed in
more detail in the next chapter.
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Chapter 5

Results and discussion

In this chapter only the results, which were not published in the articles will be pre-
sented. The unpublished results can be divided into three parts: i) trials to detect hydro-
gen with TEM-EELS; ii) temperature dependence studies of hydrogen e�ect on pure
Fe; iii) HE in commercial clad pipes.

5.1 Hydrogen detection with TEM-EELS
The trial to detect hydrogen with EELS was an extremely challenging task and required
advanced equipment and very tedious sample preparation. Firstly, a recently developed
closed-cell holder, where gas up to 1 atmospheric pressure can be safely introduced was
necessary to maximize hydrogen concentration in the specimen. Fig. 5.1a) shows the
design of the holder tip, where two silicon-based chips (Fig. 5.1b)) with electron trans-
parent windows are stacked on top of each other with ≈5 µm gap in between. The
windows themselves consist of a thick SiC layer with nine etched holes, which are cov-
ered by 20 nm thick SiN �lm. A pure Fe specimen had to be prepared with focused-ion
beam (FIB) and welded on one of the chips with extreme care (Fig. 5.1c)), since even
a fraction of a second exposure of the SiN �lm with the ion-beam could damage it ir-
reparably. The punctured membrane would not seal the gas inside the holder cell and
could not have been used for the experiment. During several trial EELS experiments, it
was noticed that the FIB lamella contains signi�cant amount of FeOx. The Fe-L edge
from the energy loss spectra corresponded to iron oxide rather than pure iron. Such
e�ect can be explained by quick oxidation during sample loading. The lamella is pre-
pared and deposited on the chip in vacuum in the FIB. However, during the assembly
of the holder itself, the specimen is exposed to air and inevitably oxidises. This could
be avoided by assembling the holder in a glove box in inert environment, but has not
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Figure 5.1: a) Schematics of the Protochips Atmosphere holder b) Chips used in the
Atmosphere holder, c) example of FIB lamella welded on to the chip, d) schematics of
wedge-shaped FIB lamella and side view of the oxidised layer around it

been tried due to the lack of vacuum transfer possibilities from FIB to the glove box. In-
stead, the specimen geometry was changed to a wedge shaped lamella (Fig. 5.1d)), where
in thin parts of the specimen, the FeOx dominated the signal for spectroscopy, how-
ever in the thicker parts, the fraction of pure Fe was signi�cantly larger and the signal
from the oxidised layer was overwhelmed.

Since in our experiment we aimed to detect tiny changes in the low-loss region, it
was necessary to have as high energy resolution as possible. Monochromator together
with the Schottky �eld-emission gun enabled us to reach close to 0.1 eV energy reso-
lution, which could potentially resolve �ne structure of the EEL spectra. Finally, to
assist the interpretation of our experimental results, we employed DFT calculations of
the dielectric function of pure Fe and Fe-H systems (performed by Ingvild J. T. Jensen,
SINTEF). The dielectric functions were then transformed into EEL spectra based on
the Kramer-Kroning analysis (Section 4.7). The simulated low-loss spectra of pure Fe
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Figure 5.2: DFT calculation of the EELS spectra of pure Fe and Fe-25%H systems

and Fe-25%H are sketched in Fig. 5.2. The spectra are very similar to each other except
the two sharp peaks in the pure Fe case marked by the green arrows. These may corre-
spond to intraband transitions, which are not allowed with H in the lattice. Therefore,
in our experiments we expected to observe these small changes at around 9 eV and 17
eV.

The FIB lamella of pure Fe was therefore tested in inert environment and hydrogen
gas. The holder was pump-purged three times with Ar gas before the spectroscopy to
remove air and other gases. The holder cell was then evacuated to 0.03 atm with residual
Ar gas still present and EELS was performed on relatively thick part of the specimen
where FeOx in�uence on the signal was minimal. To test the presence of oxide layer,
the O-K edge was measured with EEL spectroscopy and area was chosen, were it’s signal
was negligible (Fig. 5.3).

The low-loss spectra acquired in argon and hydrogen gases on a thick part of the
specimen are shown in Fig. 5.4a). Unfortunately, the spectra were almost identical with
the exception of a small bump at ≈13 eV in the case of hydrogen atmosphere. This
bump corresponds to the K-edge of the hydrogen gas molecules and is not relevant for
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Figure 5.3: a) STEM image of the FIB lamella b) O-K edge spectra comparison of thin
and thick areas

Figure 5.4: Low-loss EELS of a) pure Fe in 0.03 atm Ar and in 1 atm H2 gases b) pure
Fe grain and grain boundary areas in 1 atmH2 gas

the low-loss spectra of Fe. In addition, low-loss EELS spectra were acquired at the bulk
and grain boundary areas with expectation that more hydrogen is trapped at the GB
and may have larger in�uence on the electronic structure of Fe. However, no di�erence
was observed as well.

To summarize, the experimental results were not successful to prove our hypoth-
esis that hydrogen changes electronic structure of local Fe atoms. However, this does
not mean that hypothesis is wrong, but rather a�rms that the experimental conditions
were not su�cient. Several possible reasons for the lack of sensitivity could be con-
sidered. First of all, the electron beam dose is very large in these experiments and this
enhances the probability that hydrogen gets knocked out from the specimen and does
not contribute to the low-loss EELS. A possible solution to this limitation would be
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to use novel direct-detection cameras based on CMOS sensors. These cameras allow
detection of single electron events, dramatically increase signal to noise ratio and allow
data acquisition in the low-dose regime.

Another limitation is that the electron beam needs to pass two SiN membranes and
large volume of hydrogen gas in addition to interacting with the specimen. This means
that there are plenty of additional inelastic events, which contribute to the low-loss EEL
spectrum and drown the signals, which are of interest. Some data analysis techniques
like background deconvolution and principal component analysis [145] could assist in
extracting the minor data peaks out of a noisy background. Another possibility could
be to study heavily deformed specimen with high density of dislocations. According
to table 3.1, dislocations have higher binding energy than grain boundaries and may be
more resilient to electron beam damage, thus contributing more to the EEL spectrum.

5.2 Temperature e�ects on dislocation structures in
pure Fe

The second part of this PhD project was dislocation structure imaging in the post-
mortem specimens, which were fractured at various loading conditions and in di�erent
gases, including hydrogen. All of the published papers were written based on these ob-
servations and are included in the last part of this thesis. In this section, a comparison
of dislocation structures formed in elasto-plastically loaded specimens in 0.7 MPa H2

at room and 100°C temperatures is presented. The results acquired at RT overlap with
paper IV, but the observations acquired at 100°C were not published elsewhere. The
description of the specimen and mechanical tests can be found in paper IV and will not
be repeated here.

Fig. 5.5 indicates the overall trends of hydrogen pressure e�ect on mechanical perfor-
mance of pure Fe. The load vs. crack opening displacement (COD) curves (Fig. 5.5a))
for specimens fractured at room temperature (RT) are lower as hydrogen pressure is
increasing, which is expected due to the HE e�ect. On the other hand, the test done
in 0.7 MPa at 100°C hydrogen shows increased COD values even compared to air. The
J -integral curves constructed from the COD results (Fig. 5.5b)) indicate the amount of
energy absorbed in a form of plastic deformation as the crack propagates forward. It is
clearly visible that in hydrogen at RT the specimen is absorbing less energy, therefore it
is more susceptible to brittle fracture and this is more pronounced at higher hydrogen
pressure. However, in 0.7 MPa hydrogen at 100°C the absorbed energy is as high as in
air and material brittleness is essentially eliminated.
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Figure 5.5: a) COD graphs and b) J-integral data for specimens tested in atmospheric
air, 0.7 MPa and 90 MPa hydrogen at room temperature and 100°C

In order to compare plastic deformation distribution around the crack tips, EBSD
analysis was used to construct IPF and GROD maps (Fig. 5.6). Crack paths in both
samples were transgranular (Fig. 5.6a)b)), but while at RT the path is almost straight
across individual grains, at 100°C the crack path was wavy across the grains and the tip
was blunted. These di�erences are also translated to the GROD maps (Fig. 5.6c)d)),
where pronounced plastic deformation is visible around the crack tip and the crack
wake at 100°C, whereas at RT the deformation was smaller.

The visualization of the dislocation structures around the crack tips was performed
by ECCI (Fig. 5.7). Low magni�cation micrograph in Fig. 5.7a) demonstrates that at
RT the microstructural features are rather clear with distinct boundaries between the
grains and smooth orientation gradients within the grains. Contrary, at 100°C (Fig.
5.7b)) the channeling contrast is very blurry close to the crack wake and indicates com-
plete loss of structural integrity due to plastic deformation. At higher magni�cation,
the sample fractured at RT (Fig. 5.7c)) shows some evidence of plasticity in a form of
dislocation boundaries and deformation bands within the grains. However, it is not
comparable to the specimen fractured at elevated temperature (Fig. 5.7d)), where high
density of sub-grains in various sizes were resolved. Such recovery of mechanical prop-
erties at elevated temperatures has been discussed in several other papers [48, 102, 146].
The common agreement is that HE occurs in a wide range of temperatures for vari-
ous materials. Nevertheless, it is mostly pronounced around room temperature and is
almost eliminated at high and low temperatures [29]. Such behaviour is typically inter-
preted based on the hydrogen trapping mechanism. It states that at low temperatures
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Figure 5.6: Inverse pole �gures ((a), (b)) and GROD images ((c),(d)) of pure iron spec-
imens tested in 0.7 MPa at room temperature ((a),(c))and 100°C ((b),(d)).
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the di�usion of hydrogen is too slow to �ll the traps and induce embrittlement, while at
elevated temperatures, hydrogen has su�cient energy to escape these traps and becomes
di�usable.

To summarize, our �ndings demonstrated that not only mechanical properties, but
also plasticity is recovered by pure Fe at elevated temperatures. Based on the existing lit-
erature, this phenomenon was explained by a change of trapping kinetics at di�erent
temperatures. However, more systematic studies focused speci�cally on the temper-
ature e�ect are of great importance to the HE �eld. Such research could answer the
questions of what is the limiting step in HE dynamics and could unveil the importance
of the existing mechanisms (HEDE, HELP, AIDE, or HESIV) and improve the funda-
mental understanding of HE.

Figure 5.7: ECC images of pure iron specimens tested in 0.7 MPa at room temperature
((a), (c)) and 100°C ((b), (d))
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5.3 HE of clad pipes

The techniques of observing plasticity distribution and orientation mapping have proved
to give deep insight into hydrogen e�ect on pure Fe. Subsequently, the techniques
based on EBSD analysis were applied to study HE in a commercial clad pipe. Clad
pipe is a great combination of a corrosion resistant and structurally strong steels used
for o�shore industry to prolong the lifetime of oil pipes. Clad pipe refers to structures
where the base material (BM) and the corrosion resistant alloy (CRA) are metallurgi-
cally bonded by hot rolling the two plates and bending the cladded plate into a shape
of a pipe in a press bending process. During production, due to the high temperature
and concentration gradients the di�usion of alloying elements occurs between the base
material and the clad layer. Carbon di�usion is especially important, as it potentially
creates su�cient conditions for martensite formation. The resulting interface becomes
a complex structure with increased hardness [147]. To avoid this, Ni interlayer can be
used to prevent the di�usion and keep the hardness pro�le across the interface at similar
levels as BM or CRA.

The mechanical performance of these two structures was di�erent in air and when
they were charged with hydrogen (CP) [147]. Fig. 5.8 shows crack-tip opening displace-
ment (CTOD) curves for four di�erent cases - sample with and without Ni interlayer
containing charged hydrogen and free of hydrogen. The specimen with Ni interlayer
has shown lower CTOD values and this was explained by Ni layer being the weak link
during fracture, causing the crack to grow through the interlayer. In addition, hydro-
gen did not have almost any in�uence on fracture toughness of this sample. This is
slightly surprising because Ni is known to be very susceptible to HE. The possible ex-
planation for the lack of HE could be the low di�usivity and thus low concentration
of pre-charged hydrogen in Ni. On the other hand, the specimen without Ni interlayer
demonstrated much higher fracture toughness in air, but also su�ered from substantial
HE under CP conditions. The crack paths in these specimens were revealed to alternate
between the interface and the BM adjacent to the interface.

Since hydrogen dramatically reduces plasticity in BCC steels as was extensively dis-
cussed in this thesis, it was expected that the crack would grow in the base metal, but it
seemed that the interface layer had signi�cant in�uence for being the preferred region
for fracture. Based on the fact that hardness peaked at the interface area it was assumed
that due to di�usion of alloying elements and temperature drop during the production
process favourable conditions may arise for martensite to form.

To elucidate whether this hypothesis was correct, microstructural analysis at small
length scale was performed. In this work, the EBSD analysis was done to identify the
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phase of the interface layer. As shown in Fig. 5.9 the interface layer consisted of very
small grains and had ferritic crystal structure. However, EBSD is not capable to distin-
guish between simple ferrite and martensite, because the two structures are very similar.
However, the image quality map in Fig. 5.9c) revealed that the interface consisted of low
IQ regions, which are highlighted in red. The low IQ is directly related to high disloca-
tion density in material and could potentially mean the existence of martensite. In order
to con�rm this, FIB lamella was extracted to perform TEM imaging and di�raction of
the interface at higher spatial resolution. The specimen was a plane-shaped lamella ori-
ented perpendicularly to the plane of the interface and was about 20µm long, meaning
that all three regions — austenite, interface and ferrite, could be imaged in a single sam-
ple. Fig. 5.10a) is a micrograph of the FIB specimen with respective regions marked by
dashed lines.

Figure 5.8: Linear best �t CTOD-R curves,
calculated in terms of maximum crack ex-
tension [147]

The boundary between austenite and
the interface is intertwining between
FCC and lath-like BCC phases. Marten-
site formed from austenite has orienta-
tion relationship, where {111} planes of
austenite are parallel to {110} planes of
martensite with a slight misorientation
— the so called Kurdjumov-Sachs (K-S)
relationship [148]. The di�raction pat-
tern taken from the interface area marked
with red circle con�rms this relation-
ship and proves the existence of marten-
site. Martensitic transformation involves
shape transformation in a con�ned vol-
ume, meaning that a lot of plastic defor-
mation has to be involved in order to ac-

commodate the mis�t of the two structures. Dislocations are one of the traps for hydro-
gen and considerably increase susceptibility to HE and could be an additional reason
for reduced fracture toughness in the clad pipe without Ni interlayer.

To summarize, the EBSD and TEM analyses clari�ed the in�uence of the interface
layer on the performance of clad pipe with pre-charged hydrogen. Martensite is forming
at the interface layer due to di�usion of alloying elements between austenite and ferrite,
which enhances hydrogen-induced loss of fracture toughness at this layer.
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Figure 5.9: a) Phase map, b) inverse pole �gure and c) image quality map of a specimen
cut from the clad pipe

Figure 5.10: a) TEM image of the FIB lamella extracted from the interface region and
b) di�raction pattern corresponding to the area marked with red circle showing orien-
tation relationship
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Chapter 6

Summary of the published results

This chapter summarizes the three published papers and one manuscript submitted for
publication. My contribution to each individual paper is brie�y outlined and the papers
are jointly put in the context of existing literature in the closing paragraph.

Paper I — "Multi-scale observation of hydrogen-induced, localized plastic deforma-
tion in fatigue-crack propagation in a pure iron" — is a letter type paper, which deals
with pure Fe performance during fatigue experiments in low pressure (0.7 MPa) hydro-
gen and air. A two stage behaviour of the fatigue crack-growth rate (FCGR) vs. ∆K
curve was identi�ed in hydrogen gas. Stage I regime was associated with intergranu-
lar fracture and negligible FCGR acceleration, while Stage II manifested with quasi-
cleavage fracture and signi�cant FCGR acceleration. On the other hand, the specimen
fatigued in air had only ductile transgranular features on the fracture surface through-
out the measured ∆K range. Multi-scale observations, by using SEM and TEM tech-
niques, gave insight about the plastic deformation and dislocation structure distribu-
tion around the crack wake and crack tip regions. Based on these results we concluded
that the reduction of crack-tip plasticity expansion is directly related to FCGR acceler-
ation in a gaseous hydrogen environment. My contribution: prepared FIB samples for
TEM observations, analysed EBSD data, assisted in writing the results and discussion
parts of the paper, proof-read and corrected the manuscript.

Paper II — "Interpretation of hydrogen-assisted fatigue crack propagation in BCC
iron based on dislocation structure evolution around the crack wake" — is a continua-
tion of the Paper I and focuses on the Stage II crack growth behaviour in more detail.
In addition to the results, published in Paper I, this full-length article contains fatigue
crack growth results of pure Fe at low and high pressures of hydrogen (0.7 and 90 MPa),
more detailed analysis of the fracture surfaces, a comprehensive qualitative and quan-
titative investigation of the plastic deformation distribution around the crack formed
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at Stage II regime and a proposal of a new model to explain hydrogen-enhanced fatigue
crack growth in gaseous hydrogen. In this study we found that the FCGR acceleration
was almost independent of the hydrogen gas pressure in the Stage II regime and was
approximately 30 times larger, when compared to air. The appearance of the quasi-
cleavage (QC) features was directly related to the onset of the Stage II regime. Plas-
tic deformation was signi�cantly lower beneath the QC fracture, than beneath ductile
transgranular features observed in specimens tested in air. Hydrogen induced suppres-
sion of screw-dislocation motion was assumed to be the primary factor causing such
QC fracture and FCGR acceleration. My contribution: performed FIB sample prepa-
ration and TEM observations and wrote a script for plotting plasticity distribution ver-
sus misorientation angle, analysed fractography and EBSD data. Wrote the major part
of the manuscript, contributed to making corrections, submitted and followed up on
the manuscript.

Paper III — "The role of intergranular fracture on hydrogen-assisted fatigue crack
propagation in pure iron at a low stress intensity range" — completed our series of stud-
ies on fatigue performance of pure Fe in hydrogen. This article focused on the Stage
I regime, which was observed at relatively low ∆K values. The fracture surfaces of
the specimens tested in hydrogen were predominantly decorated with intergranular fea-
tures. STEM imaging showed dislocation cell structure beneath the IG features, with
a signi�cant amount of nanovoids formed within the dislocation walls, tangles, loops
and at grain boundaries. Hydrogen pressure enhanced the propensity for IG cracking,
which further enhanced FCGR in Stage I regime. We concluded that the evidenced
hydrogen-enhanced plasticity evolution and nanovoid formation triggered the hydro-
gen transport to the grain boundaries and consequently caused intergranular fracture
through decohesion process. My contributions: performed part of SEM observations
of the fracture surfaces, prepared FIB samples and did TEM observations. Contributed
to writing correcting and improving the manuscript.

Paper IV — "Hydrogen-assisted crack propagation in α-iron during elasto-plastic
fracture toughness test" — is a study of pure Fe performance under fracture toughness
testing in air and hydrogen gas. Hydrogen caused sharper crack tips and QC type frac-
ture, which was related to the degradation of the crack growth resistance. EBSD, ECCI
and TEM observations con�rmed hydrogen induced suppression of plasticity, which
is consistent with our work on fatigued specimens. Therefore, we believe that similar
growth mechanism controls the fracture in fatigue and fracture toughness experiments.
My contribution: performed fracture surface imaging, EBSD and ECCI observations
and analysis, prepared FIB samples and did TEM observations, wrote the major part of
the manuscript, contributed to correcting and improving it. Responsible for submis-
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sion and follow up of the manuscript.
The series of articles of the fundamental studies of pure Fe in gaseous hydrogen give

a new insight about the hydrogen e�ect on the dislocation structure behaviour. The ex-
isting literature before our work was dominated by the works of the Illinois group, who
published numerous papers about hydrogen-enhanced dislocation motion, dislocation
structure evolution and plasticity. These publications popularized the HELP mecha-
nism, which arguably became the most widely accepted mechanism among the HE sci-
entists. Papers published by us show that hydrogen can also cause an opposite e�ect —
reduction of plastic deformation and suppression of dislocation structure evolution.
These results contradict with the HELP mechanism and emphasizes the necessity to
consider other models to explain hydrogen-induced or enhanced fracture.
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A B S T R A C T

Hydrogen-assisted fatigue crack growth (HAFCG) in pure iron at a relatively low stress intensity range exhibits
brittle-like intergranular (IG) fracture, while the macroscopic crack acceleration is not significant. The present
study focuses on the mechanism of IG fracture in terms of the microscopic deformation structures near the crack
propagation paths. We found that the IG fracture is attributed to hydrogen-enhanced dislocation structure
evolution and subsequent microvoid formation along the grain boundaries. The impact of such IG cracking on
the macroscopic fatigue crack growth (FCG) acceleration is evaluated according to the dependency of IG fracture
tendency on the hydrogen gas pressure during testing. It is demonstrated for the first time that increased hy-
drogen pressure results in a larger fraction of IG fracture and correspondingly faster FCG. On the other hand, the
gaseous hydrogen environment also has a positive role in decelerating the FCG rate relative to air due to the
absence of oxygen and water vapor. The macroscopic crack propagation rate in hydrogen gas is eventually
determined by the competition between the said positive and negative influences.

1. Introduction

To realize a future society that utilizes hydrogen as a next-genera-
tion energy resource, hydrogen-assisted fatigue crack growth (HAFCG)
in structural steels is a significant concern with respect to the safe de-
sign of hydrogen-containing components such as pipelines or pressure
vessels for hydrogen gas storage and transportation [1–4]. In a previous
study, the authors investigated the fatigue crack growth (FCG) behavior
of pure iron in gaseous hydrogen environments to clarify the underlying
mechanism of HAFCG in iron and steels with a basic body-centered
cubic (BCC) crystal structure [5,6]. It was revealed that the FCG be-
havior in 0.7MPa hydrogen gas was characterized by two distinctive
parts, i.e., the regime with no acceleration of FCG relative to air at
relatively low stress intensities (Stage I) and the highly accelerated
regime at higher stress intensities (Stage II). Although the role of hy-
drogen on Stage II FCG has been discussed in terms of the amount of

plastic deformation and corresponding dislocation structures adjacent
to the crack propagation paths, the detailed mechanism of Stage I has
not yet been clarified. Whereas the macroscopic FCG rate was not sig-
nificantly altered by the presence of hydrogen, a dramatic change in
failure mode, i.e., ductile transgranular (TG) striations to brittle ap-
pearance intergranular (IG) facets, was caused by hydrogen in the Stage
I FCG regime [5,6]. Even though several past studies have also revealed
similar alteration of fracture features in hydrogen gas at low stress in-
tensities for low carbon or low alloy commercial steels [2,7,8], most of
the studies focused on Stage II FCG [9–11]. However, considering the
fact that a large part of the fatigue life in practical components is
generally governed by crack propagation under a low stress intensity,
the Stage I FCG accompanied by IG fracture should not be under-
estimated when attempting to evaluate the overall HAFCG phenomena.

In general cases, IG fracture is a representative fractographic mor-
phology in relatively high-strength steels when these materials suffer
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from hydrogen-assisted cracking [12–15]. After the first report more
than a century ago by Johnson regarding the degradation of mechanical
performance of steels by hydrogen infiltration [16], various funda-
mental mechanisms have been proposed to describe the embrittlement
behavior related to hydrogen uptake. For instance, Troiano and Oriani
suggested a hydrogen-enhanced decohesion (HEDE) model [17,18] that
assumes that the dissolved hydrogen reduces the interatomic cohesive
force between iron atoms. On the other hand, others have focused on
the interactions between hydrogen and crystal defects, e.g., disloca-
tions, grain boundaries (GBs), stacking faults or vacancies, resulting in
the proposals of plasticity-mediated models, such as hydrogen-en-
hanced localized plasticity (HELP) [19–21], adsorption-induced dis-
location emission (AIDE) [22,23], hydrogen-enhanced strain-induced
vacancies (HESIV) [24–26] and the defactant concept [27,28]. Since
hydrogen-induced IG failure in high-strength steels is generally ac-
companied by almost no evidence of extensive plastic deformation
during the fracture processes [12,29], it had long been believed that
this type of fracture can be thoroughly explained based upon the HEDE
model, as Oriani et al. proved according to their experimental and
theoretical findings [17]. The interpretation of such IG crack propa-
gation in high-strength steels was well summarized by McMahon Jr
[12]. However, hydrogen triggers IG fracture even in low-strength
materials, such as pure iron [30,31] or nickel [32,33], which typically
show considerable amounts of plastic flow prior to final rupture. This
other type of IG fracture cannot simply be interpreted using the brittle
fracture model based on HEDE. Thus, there arises the need to in-
corporate the role of dislocation activities in the elucidation of the final
GB separation mechanism. During this decade, the remarkable devel-
opment of focused ion beam (FIB) machining technology has enabled
the site-specific sampling of thin-foil specimens from fracture surfaces
for transmission electron microscopy (TEM) observation, which is be-
coming a powerful and essential tool for studying deformation struc-
tures underneath hydrogen-related fracture features [34–36]. Recently,
Wang et al. [31] and Martin et al. [33] successfully applied this tech-
nique to the IG fracture surfaces formed in pure iron and nickel pre-
charged with hydrogen, and found a higher level of dislocation struc-
ture evolution than in the absence of hydrogen. Based on these results,
they proposed a new model for hydrogen-induced IG fracture based on
the combined effect of hydrogen-modified dislocation behavior (HELP)
and the reduction in the GB cohesive force (HEDE) [31,33,36], which is
explained in detail in the following sections. However, it still remains
unclear whether a similar fracture event occurs during the FCG process
of pure iron in hydrogenating environments, although some researchers
have already invoked a certain contribution of plasticity to the IG crack
propagation in HAFCG processes of several conventional materials
[37,38].

In the present study, we have applied the combination work of
electron backscattered diffraction (EBSD), electron channeling contrast

imaging (ECCI) and TEM to the Stage I FCG regime, as we did for Stage
II [5,6], to clarify the underlying mechanism dominating hydrogen-
induced IG crack propagation in the fatigue of pure iron at relatively
low stress intensities. Similar to the reports by Wang et al. [31] and
Martin et al. [33], we found well-developed dislocation structures im-
mediately beneath the IG crack propagation paths, indicating the im-
portance of dislocation activities to the final separation event of the GBs
in FCG. Additionally, it was demonstrated that the propensity of such IG
fracture is dependent on the testing hydrogen gas pressure, i.e., the
hydrogen content inside the material. Specifically, higher hydrogen gas
pressure resulted in an increased fraction of IG fracture across the entire
fracture surface. Even though the IG fracture at intermediate pressure of
hydrogen gas did not cause any detectable FCG acceleration relative to
air [5,6], the higher and lower pressures resulted in considerably faster
and slower FCG rates, respectively. These results are interpreted by
taking into account the positive and negative effects of the hydrogen
gas environment on the crack propagation process.

2. Material and methods

2.1. Material and specimen

A hot-rolled commercially pure iron (JIS-C2504) plate with the
chemical composition of 0.001%C-0.07%Mn-0.010%P-0.003%S was
used in this study. The yield stress σy and ultimate tensile strength σB
measured in laboratory air were 133 and 252MPa, respectively.
Fig. 1(a) and (b) present the initial microstructure of the material ob-
served by EBSD analysis, i.e. orientation and phase maps. The micro-
structure was fully ferritic, and the grain size was approximately
100–200 μm. For the FCG tests, compact-tension (CT)-type specimens
with a width W of 50.8mm and a thickness B of 10.0mm were cut from
the longitudinal-transverse (L-T) orientation of the hot-rolled plate. The
detailed shape and dimensions of the CT specimen are indicated in
Fig. 1(c).

2.2. Fatigue crack growth tests

The FCG tests were conducted in laboratory air, 0.7MPa nitrogen
gas (purity of> 99.999%) and hydrogen gas with the pressures of 0.2,
0.7, 20, and 90MPa (purity of> 99.999%) at room temperature, with
an adherence to the ASTM-E647 standard [39]. The constant load range
condition (ΔP-constant tests) was used to obtain the FCG curves in each
environmental condition. In addition, the tests were conducted under a
constant stress intensity factor range, ΔK (ΔK-constant tests at ΔK =
12MPa m1/2) in air and 0.7 MPa hydrogen to analyze the crack pro-
pagation behavior under specific ΔK value. The crack length during the
FCG test was monitored according to the unloading elastic compliance
method [39], with the compliance being measured using a clip-on

Fig. 1. (a) (b) Microstructure of the pure iron used in this study analyzed via EBSD and (c) the shape and dimensions of the CT specimen for FCG tests. (a) and (b) are
the crystallographic orientation map and phase map, respectively.
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gauge attached to the crack mouth of the CT specimen. A load ratio R of
0.1 was chosen for all the experiments, and the testing frequency was
1 Hz for the tests in air and hydrogen and 5 Hz for the test in nitrogen
gas.

2.3. Electron microscopy observations

After the mechanical testing, the specimens subjected to ΔP-con-
stant tests were broken into two parts by additional fatigue loading in
air and then used for observation of the fracture surfaces via a scanning
electron microscope (SEM) operated at an acceleration voltage of
15 kV. Meanwhile, the specimens from the ΔK-constant tests were cut
along their mid-thickness section, and then the lateral surfaces were
ground with SiC paper and polished with colloidal SiO2 for the EBSD
and ECCI analyses. EBSD analysis was conducted using a Schottky-type
field-emission (FE) SEM (JEOL JSM-7001FKM) operated at 15 kV, and
an electron beam step size of 0.1–1.0 μm was used for the data collec-
tion. ECCI was also performed using an FE-SEM (Zeiss Ultra 55) with an
acceleration voltage of 15 kV. Based on the crystallographic orientation
maps obtained via EBSD, we evaluated the amount of plastic de-
formation around the crack propagation paths by using two types of
strain analysis methods: grain reference orientation deviation (GROD)
and kernel average misorientation (KAM). Detailed explanations of
these two methods can be found elsewhere [40]. Additionally, the TEM
samples were extracted from the fracture surfaces using a JEOL JIB-
4500 dual-beam machine, and were observed by using an FEI Titan G2
FEG-TEM, operated at 300 kV in scanning mode (STEM).

3. Results

3.1. FCG rates in air, nitrogen and hydrogen gas

The relationships between the crack growth rate per loading cycle,
da/dN and ΔK, the FCG curves measured in each testing environment
are presented in Fig. 2. The FCG curves in air and nitrogen are linear
throughout the tested ΔK range in this study, and the FCG rate in ni-
trogen is approximately 70% slower than what was measured in air.
However, a clear distinction between Stage I and II crack propagation is
visible in the FCG curves obtained in hydrogen gas, yielding two im-
portant findings. First, the intermediate stress intensity between Stages
I and II, ΔKT, shifted to lower values as the pressure of hydrogen gas

was increased. Second, although the FCG rate at Stage I in 0.7MPa
hydrogen was equivalent to that in air, as reported in our previous
publications [5,6], acceleration or deceleration of the FCG rate was
confirmed in Stage I at various hydrogen gas pressures. Specifically, a
higher pressure (20MPa) resulted in the FCG rate being accelerated 2–3
times in Stage I, whereas at lower pressure (0.2 MPa), the rate de-
creased slightly. In addition to the results of the ΔP-constant tests, in
Fig. 2, the FCG rates measured in the ΔK-constant tests in air and
0.7 MPa hydrogen at ΔK =12MPa m1/2 are plotted using gray and red
diamond marks, respectively. No detectable difference between the FCG
rates in air and 0.7 MPa hydrogen was found even in ΔK-constant tests,
and the FCG rates were essentially consistent with those measured in
ΔP-constant tests at corresponding ΔK values. These specimens sub-
jected to ΔK-constant tests were later used as the representatives of the
Stage I FCG, for the detailed fracture analyses using EBSD and ECCI. In
contrast to the Stage I regime, in which hydrogen had only a mild in-
fluence on the macroscopic FCG rates, a dramatic acceleration of FCG
was confirmed in Stage II, with the acceleration rate being approxi-
mately 30 times higher than the FCG rate in air. Although ΔKT values,
i.e. the starting point of Stage II FCG, depended strongly on the testing
hydrogen gas pressures, the FCG rates after that transition showed al-
most the same values in 0.7–90MPa hydrogen gas, and these rates lie
on the same line corresponding to the 30× acceleration relative to that
in air.

3.2. Fracture surface morphologies

Fig. 3(a)–(e) present SEM micrographs of the fracture surfaces
corresponding to ΔK =10–12MPam1/2 in air, nitrogen and
0.2–20MPa hydrogen, i.e., the Stage I FCG regime. In the case of air,
clear transgranular (TG) striation patterns appeared on the entire
fracture surface (Fig. 3(a)), whereas the striations in nitrogen gas be-
came blurred in appearance (Fig. 3(b)). The spacing of the TG striations
in Fig. 3(a) was between 1 and 2 orders of magnitude larger than the
measured FCG rate at the corresponding ΔK value, which is a typical
tendency for steels tested under relatively low stress intensity condi-
tions [41,42]. Conversely, the fracture surfaces in hydrogen gas were
covered by brittle-appearing IG facets (Fig. 3(c)–(e)) mixed with the
ductile TG fracture features. Comparing Fig. 3(c)-(e) each other shows
that the formation of the IG fracture surface was more pronounced at a
higher hydrogen pressure (20MPa). Fig. 3(f) and (i) show the fracture
surface formed in 20MPa hydrogen gas at a ΔK value of 17MPam1/2,
i.e., the Stage II FCG regime. In this case, the IG facets observed at a
lower ΔK (Fig. 3(e)) have almost completely disappeared, and the
fracture surface was covered by flat quasi-cleavage (QC) planes ac-
companied by brittle-like fatigue striations (Fig. 3(i)). This transition of
fracture surface morphology was also observed in our previous in-
vestigations [5,6].

To correlate the tendency of IG fracture and the macroscopic FCG
rates in Stage I, we examined the area fractions of IG facets on the
fracture surfaces and plotted these fractions as a function of ΔK values,
as presented in Fig. 4. In this diagram, each plot was constructed ac-
cording to the three SEM images with a magnification of 200× , which
were taken from the positions on the fracture surfaces corresponding to
the target ΔK values. The area fraction of IG fell almost to zero at the
onset of Stage II crack growth in 0.7 and 20MPa hydrogen, where the
fracture morphology was abruptly replaced by QC-type features as
shown in Fig. 3(f). However, the more important finding in this context
is that the fraction of the IG fracture surface increased with increasing
hydrogen gas pressure, which means that the macroscopic FCG rate in
Stage I was controlled by the tendency of IG fracture. Specifically, the
higher ratio of IG fracture resulted in an accelerated FCG rate.

Generally, the IG fracture surface is one of the representative frac-
tographic features in the HAFCG of high-strength steels [3,15,43]. In
such materials, the crack propagation process is dominated by a rela-
tively brittle manner at both the macroscopic and microscopic scales,

Fig. 2. Relationships between the FCG rate, da/dN and stress intensity factor
range, ΔK of pure iron measured in laboratory air, 0.7 MPa nitrogen and
0.2–90MPa hydrogen gas at room temperature.
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and therefore the FCG rate can be dramatically accelerated even at
intermediate testing frequencies, such as f =1Hz. However, only a
slight acceleration (2–3 times that in air) was detected in the case of
pure iron (Fig. 2) despite similar brittle-appearing IG facets being
clearly observed on the fracture surfaces (Fig. 3(e)). This finding im-
plies that the microscopic mechanism dominating the IG crack propa-
gation in pure iron was not identical to that in high-strength steels.
Fig. 3(g) presents a higher-magnification image of the IG fracture sur-
face formed in 0.7 MPa hydrogen. Even though the IG facets appeared
brittle in the macroscopic view (Fig. 3(c)-(e)), significant surface
roughness, which indicate the contribution of some plasticity to the
fracture process, are visible on a microscopic scale. Fig. 3(h) shows a
high-magnification image of the IG fracture surface in 20MPa hy-
drogen. Although the surface is decorated with similar surface rough-
ness, it is less severe than that in 0.7MPa hydrogen (Fig. 3(g)), and
some regions show almost completely smooth surfaces, as marked in
Fig. 3(h). These smooth IG features were also observed in lower pres-
sure hydrogen gas, e.g., 0.2 and 0.7MPa, but their fraction increased as
the gas pressure increased. Additionally, the regions more perpendi-
cular to the loading axis were smoother, whereas the inclined regions
demonstrated larger deformation levels and featured more roughness.

Fig. 3. SEM micrographs of the fracture surfaces formed in each environmental condition with the corresponding ΔK values of 10 ~ 17MPam1/2. (g), (h) and (i) are
the magnified views of the regions surrounded by white dotted lines in (d), (e) and (f), respectively. The crack growth directions are from bottom to top. The details of
the regions surrounded by white dashed lines in (a) and (b) are shown in Fig. 11. The acronyms TG and IG indicate transgranular and intergranular fracture
respectively.

Fig. 4. Area fraction of the IG fracture surface in 0.2, 0.7, 20 and 90MPa hy-
drogen gas as a function of the stress intensity factor range, ΔK.
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3.3. Dislocation structure underneath the IG fracture surface

To clarify the origin of the roughness observed on the IG fracture
surfaces and to analyze subsurface dislocation structures, site-specific
thin foils were extracted using the FIB technique from the samples fa-
tigued in air and 0.7 and 20MPa hydrogen gas at the corresponding ΔK
values of 10–12MPam1/2. The TEMmicrographs and associated sample
extraction locations of these samples are presented in Fig. 5. For the
sample that underwent fatigue in air, the TEM sample was extracted
from the region with ductile fatigue striations (Fig. 5(a)), showing a
dislocation cell structure underneath the fracture surface with in-
dividual dislocations visible inside the cells (Fig. 5(d)). The fracture
surface is heavily deformed, and the dislocation cell size increases with
the distance from the fracture surface. In contrast, in the case of sam-
ples fatigued in hydrogen, the TEM samples were extracted from IG
fracture features with large roughness, as shown in Fig. 5(b) and (c).

Even in hydrogen gas, the deformation structures were again decorated
with dislocation cells with the cell size increasing deeper into the
sample. According to past studies regarding dislocation structure evo-
lution under cyclic loading [44,45], dislocation cells are formed only at
high plastic deformation level, and their size decreases as the increase
of plastic strain amplitude [46]. Therefore, referring to Fig. 5(d)~(f),
we can state that the material adjacent to the fracture paths was sub-
jected to a significantly high level of plastic strain in both air and hy-
drogen gas. Dislocation cells are elongated in the horizontal direction in
0.7 MPa hydrogen (Fig. 5(e)) and have more circular-like cell shapes in
the other two samples (Fig. 5(d) and (f)). The difference in the shape of
the dislocation cells is probably dependent on the grain orientation
from which the TEM samples were extracted. Note that both of the
samples fatigued in hydrogen had slightly smaller cell sizes closer to the
fracture surface than in the case of air, which implies that the plasticity
evolution during the FCG process was accelerated in the presence of

Fig. 5. (a)–(c) SEM micrographs of the TEM sample extraction positions and (d)–(i) corresponding DF-STEM micrographs of dislocation structures in samples
fatigued in (d)(g) air, (e)(h) 0.7MPa hydrogen gas and (f)(i) 20MPa hydrogen gas. Black arrowheads and yellow arrows indicate the positions of surface reliefs and
nanovoids, respectively. (For interpretation of the references to color in this figure legend, the reader is referred to the web version of this article.).
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Fig. 6. (a)(b) SEM micrographs of the TEM sample extraction positions and (c)(d) corresponding DF-STEM micrographs of dislocation structures in samples fatigued
in (c) 0.7MPa hydrogen gas and (d) 20MPa hydrogen gas.

Fig. 7. Mid-thickness fracture paths in (a)(c)(e) air and in (b)(d)(f) 0.7MPa hydrogen gas at ΔK =12MPam1/2 analyzed via EBSD. (a)(b), (c)(d) and (e)(f) are the
crystallographic orientation maps, GROD maps and KAM maps, respectively. The IG fracture paths observed in hydrogen gas are marked with arrowheads in (b), (d)
and (f). The crack growth directions are from top to bottom.
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hydrogen. Furthermore, the edges of the TEM samples in hydrogen
contain reliefs (marked with black arrowheads in Fig. 5(e) and (f)),
reflecting the severe roughness observed on the IG fracture surfaces
(Fig. 3(g) and (h)). Notably, the bottoms of the surface reliefs are
consistent with the positions where the dislocation cell walls intersect
with the fracture surfaces, indicating that the roughness observed on
the IG fracture surfaces were formed as a consequence of interaction
between GBs and dislocation cell walls.

Fig. 5(g)–(i) show the magnified views of the regions surrounded by

white dashed lines in Fig. 5(d)~(f), respectively. Notably, the samples
contain significant amounts of nanovoids with sizes of a few nan-
ometers in diameter, as marked with yellow arrows. The nanovoids are
formed either at the dense dislocation cell walls, tangled dislocations or
dislocation loops. The concentration of nanovoids in the presence of
hydrogen (Fig. 5(h) and (i)) exceed that in its absence (Fig. 5(g)). This
enhancement of nanovoid concentration is supposedly attributed to the
consequence of hydrogen-induced stabilization of point defects and
their agglomeration [24,25,47], which is explained in detail in the
following sections.

As mentioned in the previous section, the IG fracture surfaces in
hydrogen had two distinctive characteristics, namely, rough regions
and relatively smooth regions (Fig. 3(g) and (h)). To compare the un-
derlying deformation structures between the two types of IG features,
we also performed TEM examinations of such smooth IG features on the
samples fatigued in 0.7MPa and 20MPa hydrogen (Fig. 6). Even be-
neath the smooth regions, well-developed dislocation cell structures
were similarly observed; however, the sample surfaces did not include
significant roughness (Fig. 6(c) and (d)). Furthermore, in the case of
20MPa hydrogen, the cell structure spanned only ~ 8 μm deep from the
fracture surface, while in all the samples extracted from rough regions
(Fig. 5), dislocation cells were visible over the whole area of FIB la-
mellas (~ 13–20 μm depending on the sample). In the case of smooth
surfaces (Fig. 6), cell sizes close to the fracture surface were not smaller
than in air, implying that in these specific regions, IG failure occurred
prematurely before the hydrogen-induced enhancement of plasticity
was operated.

3.4. Lateral crack paths examined via EBSD

For the quantitative evaluation of the amount of plastic deformation
around the crack propagation paths in air and hydrogen in Stage I FCG,
the specimens subjected to ΔK-constant tests in air and 0.7 MPa hy-
drogen gas were cut along their mid-thickness sections, and the surfaces

Fig. 8. Histograms of the GROD and KAM values measured in the EBSD ana-
lyses shown in Fig. 7.

Fig. 9. High-mag. observation around the tip of the fatigue crack propagated in 0.7MPa hydrogen gas at ΔK =12MPam1/2. (a), (b) and (c) are the crystal
orientation, GROD and KAM maps, respectively, analyzed via EBSD. (d) is the ECC image of the region surrounded by the black dotted rectangle in (a). The crack
growth directions are from left to right.
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were observed via EBSD. Fig. 7(a) and (b) present crystallographic or-
ientation maps along the mid-thickness fracture paths in air and
0.7 MPa hydrogen at ΔK =12MPam1/2. In these EBSD analyses, a
beam step size of 1.0 μm was used. The crack propagation in air was
almost fully TG, while in 0.7 MPa hydrogen, some parts of the fracture
path were IG (indicated by arrowheads) as was confirmed in the frac-
ture surface examination (Fig. 3(d)). Fig. 7(c)–(f) show the GROD and
KAM maps constructed from Fig. 7(a) and (b). A significant extent of
plastic deformation appears around the fracture path in the case of air
(Fig. 7(c) and (e)). Similarly, severe plasticity is detected in hydrogen
around both the TG and IG fractured regions, which is consistent with
the TEM observation results (Fig. 5(e)). Fig. 8 shows the histograms of
the GROD and KAM values constructed from the raw EBSD-scanned
data shown in Fig. 7(c)–(f). Notably, both of the GROD and KAM values
in 0.7 MPa hydrogen gas show slightly higher misorientation angles
than in air, which means that the crack propagation process in hy-
drogen was fully accompanied by more intense plastic deformation. In
our previous study, we showed that dissolved hydrogen suppresses the
plasticity expansion around the crack tip region and enhances the
fracture along the {100}-type cleavage plane in the Stage II FCG re-
gime, resulting in the formation of QC-type features (c.f. Fig. 3(f)) [5,6].
The results obtained in the present investigation imply however that the
role of hydrogen in Stage I FCG regime is completely opposite. Speci-
fically, when the stress intensity level is below the critical stress in-
tensity needed to trigger cleavage-like fracture along {100} planes (i.e.,

ΔK< ΔKT), hydrogen accelerates the crack tip plasticity rather than
suppressing it. However, we note that the IG crack propagation paths in
hydrogen also contain the region where the crystal misorientation is
considerably lower than that in other IG parts, as marked with yellow
arrowheads in Fig. 7(d) and (f). It is estimated that this special IG
fracture path with less plasticity evolution corresponds to the relatively
smooth IG fracture surfaces with a lower development level of dis-
location cell structure, such as the area shown in Fig. 6.

4. Discussion

4.1. Mechanism of hydrogen-induced IG crack propagation

Our present result regarding Stage I, i.e., the enhancement of plas-
ticity and subsequent reduction in dislocation cell sizes in the presence
of hydrogen, is consistent with the results reported by Wang et al. [48],
who found that the size of dislocation cells in hydrogen-charged pure
nickel subjected to high-pressure torsion (HPT) decreases relative to
noncharged material. More recently, these researchers also examined
the dislocation structures immediately beneath the IG fracture surface
formed in the FCG test of a structural carbon steel tested in 40MPa
hydrogen gas and reported that the dislocation cells showed smaller
diameters than those formed beneath ductile striations in air [49].
Throughout a series of publications, they explained such alteration of
collective dislocation behavior based on the framework of the HELP

Fig. 10. Schematic illustrations of the IG crack propagation in pure iron at Stage I HAFCG. (a) Dislocation emission from the crack tip source and hydrogen
penetration through lattice diffusion and dislocation sweep-in. (b) Dislocation cell structure evolution and corresponding hydrogen deposition into GB. (c) Subgrain
boundary formation and nano- or microvoid generation at the region with a high dislocation density. (d) Crack propagation due to the microvoids coalescence and
decohesion processes along the GB.
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hypothesis [19–21]. According to the HELP model, hydrogen dis-
tributed around the dislocation stress field reduces the elastic interac-
tion of dislocations with other obstacles, thereby enhancing mobility
and velocity of these dislocations [20,21] as well as hydrogen dis-
tributed in normal interstitial lattice sites also reduces the nucleation
energy of dislocations [50–52]. The former effect was experimentally
confirmed in the in-situ TEM experiments conducted by Ferreira et al.
[53], whereas the latter was proved through a nanoindentation tech-
nique performed by Barnoush et al. [50–52]. Additionally, other re-
searchers have discussed these phenomena by means of the reduction in
the Peierls friction force [54] or solid-solution softening effect [27,30]
as with that caused by other interstitial atoms, such as carbon [55,56]
or nitrogen [57]. Wang et al. [48] assumed that such roles of hydrogen,
i.e., easing of dislocation generation and mobility, can result in finer
and more evolved dislocation structures in the presence of hydrogen,
which seems to be applicable also in the case of the severely strained
region around the fatigue crack propagation paths in pure iron.

In order to add deeper discussion on the precise mechanism dom-
inating final GB separation in Stage I HAFCG, we present the higher-
magnification images around the crack tip region in 0.7MPa hydrogen
obtained via EBSD (with a beam step size of 0.1 μm) and ECCI analyses
in Fig. 9. In this region, the crack propagated originally through the TG
path (indicated by blue arrows) and then changed its path to lie along
the GB (indicated by red arrows). As was shown in the low-magnifi-
cation observations (Fig. 7), the plastic strain visualization via EBSD
(Fig. 9(b) and (c)) demonstrates that severe plastic deformation oc-
curred in the adjacent grains surrounding the IG crack propagation
path, also yielding the clear contrast changes in the corresponding ECC
image (Fig. 9(d)). However, it is more worth mentioning here that, si-
milar to the nanovoid formation inside the grains (Fig. 5(h) and (i)),

microvoids were also generated along the GB, where the evolved dis-
location structure bumped into the GB, as shown in Fig. 9(d) with
yellow arrows. Combining all of the above results, we can assume the
following sequences for IG crack propagation during Stage I HAFCG,
with schematic illustrations in Fig. 10.

1. First, numerous dislocations are emitted from the tip of the trans-
granularly propagating fatigue crack, and severe cyclic plastic strain
ahead of the crack tip organizes these dislocations into a cellular
structure [58,59] (Fig. 10(a) and (b)). Simultaneously, hydrogen
atoms diffuse into the material through the newly created bare
surface and are also swept-in by emitted dislocations [60]
(Fig. 10(a)). As the cell structure evolution proceeds, more dis-
locations are absorbed into the cell walls and annihilate each other,
which makes the cell walls thinner and results in the formation of
subgrain boundaries with small misorientation angles (Fig. 10(c)).
Both the dislocation emission and evolution processes are ac-
celerated by hydrogen, as was experimentally [19,31,33,48,49,61]
and analytically [20,62,63] confirmed. These modifications of dis-
location behavior cause the increase in plastic deformation before
fracture, resulting in higher misorientation angles in GROD and
KAM analyses of the sample tested in hydrogen gas (Fig. 8).

2. Second, when the high-density dislocations encounter each other
and intersect, they form point defects such as vacancies. It is well
recognized that hydrogen in iron potentially stabilizes the point
defects and enhances the generation of non-thermal equilibrium
superabundant vacancies (the HESIV model), as reported by
Nagumo et al. [24,47] and others [25,64]. According to a compu-
tational simulation recently conducted by Li et al. [65], dislocation
movement also functions for assisting the clustering of those

Fig. 11. SEM micrographs of the fracture surfaces formed in (a)(b) 0.7MPa hydrogen gas, (c) air and (d) 0.7MPa nitrogen gas at a ΔK value of 12MPam1/2. (b)
Magnified view of the area surrounded by white dashed lines in (a). (c) and (d) Regions surrounded by white dashed lines in Fig. 3(a) and (b), respectively. The crack
growth directions are from bottom to top.
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stabilized vacancies, promoting the possibility that such processes
can result in the nucleation of nanovoids around the regions with a
high dislocation density (Fig. 10(c)). Those nanovoids around the
collective dislocations are clearly visualized in our TEM observation
(Fig. 5).

3. Additionally, if some GBs are located near the propagating crack tip
region, then dislocations pile up onto the GBs, leading to the dis-
ordering of the GB structure and subsequent formation of lattice
defects, e.g., vacancies or microvoids, around the GB region
(Fig. 10(c)). The formation of such GB microvoids was elegantly
demonstrated by Chandler et al., who studied dislocation-GB inter-
actions in nickel under the presence of hydrogen using molecular
dynamics simulations [66]. From an experimental perspective,
Lawrence et al. recently investigated the density of vacancies and
vacancy clusters in hydrogen precharged single crystalline and
polycrystalline pure nickel after tensile deformation by means of
thermal desorption spectroscopy (TDS) and positron annihilation
spectroscopy (PAS) and reported that polycrystalline material
showed higher peak temperature in TDS and longer positron lifetime
in PAS [67]. Their results strongly implicate that the GB itself or the
volumes adjacent to them are the preferential sites for hydrogen-
induced vacancies or vacancy cluster formation and agglomeration
rather than the grain interior, which is consistent with our present
results (Fig. 9).

4. Finally, when a sufficient amount of GB microvoids is formed, then
the GB loses its integrity, and the coalescence of microvoids may
trigger the final separation of the GBs and then propel the crack tip
ahead (Fig. 10(d)).

Similar fracture processes have also been invoked by Koyama et al.
regarding the IG crack propagation during HAFCG of an interstitial-free
(IF) steel [38]. Referring to the TEM micrographs shown in Fig. 5, we
now clearly observe again the roughness on the IG fracture surface,
which may be formed by the formation and coalescence processes of
those microvoids. Moreover, the fact that each bottom of those reliefs
correspond to the positions of dense-dislocation cell walls further sup-
ports our assumption that dislocation-GB interaction is the main reason
for microvoid formation near GB regions.

Alternately, a slightly different mechanism was proposed by Wang
et al. [31,68] and others [36,68,69] to explain the IG fracture of hy-
drogen-charged pure nickel and pure iron subjected to monotonic
tensile tests. In their assumption, the combined effect of HELP and
HEDE models [17,70] has a crucial role in causing the fracture along
GBs. On the basis of the HELP framework, the hydrogen atoms that are
distributed inside the grains are transported by moving dislocations
[71,72] and then deposited into GBs in conjunction with the disloca-
tions piling-up onto GBs (Fig. 10(b)). This process specifically induces
local stress concentrations and hydrogen agglomeration around GBs
(Fig. 10(c)), which is potentially enough to satisfy the critical condition
to activate atomistic decohesion [36]. Additionally, these researchers
also found that the development level of the dislocation structure un-
derneath the IG fracture surface far exceeds that in the absence of hy-
drogen at an equivalent strain level [36], as shown in the recent in-
vestigation conducted by Wang et al. [48,49]. Martin et al. suggested
that the work hardening associated with such hydrogen-enhanced
plasticity evolution has a role in assisting GB separation by raising the
local stress level to exceed the ideal GB cohesive force [33]. Even in this
study, the higher GROD and KAM values in hydrogen gas demonstrated
the similar enhancement of plasticity, potentially resulting in further
hardening of the matrix near the crack tip region.

However, we reiterate that, as is shown in Figs. 3 and 6, there also
existed some IG crack paths that exhibited a weaker development level
of dislocation structure and less severe roughness on the fracture sur-
faces. When attempting to explain this special case, we may have to
consider the effects of GB character on the affinity of the GBs with
hydrogen atoms and the angle between the GB planes and loading axis.

GBs are essentially preferential sites for hydrogen trapping or diffusion
in both BCC [73] and face-centered cubic (FCC) metals [74,75]; how-
ever, it is known that such ability is strongly dependent on the GB
properties, such as misorientation angle, coherency or sigma values
[74–77], sometimes changing the behavior of hydrogen-induced crack
initiation and propagation related to GBs [73,77–79]. For instance,
Rath and Bernstein studied the cracking behavior in pure iron under
cathodic hydrogen charging without externally applied stress, and
found that only the GBs with misorientation angle greater than 20
degree shows IG cracking [80]. In nickel and its alloys, coherent twin
boundaries effectively mitigate the hydrogen-induced reduction in the
fracture toughness value [78], while they sometimes conversely act as
premature crack initiation sites under tensile loading [77]. Considering
these previous experimental facts, we can now deduce that when the GB
has a strong affinity with hydrogen atoms, i.e., large trapping energy,
the above-noted HEDE event may easily take place without significant
assistance by plasticity evolution, leading to the lower development of
the deformation structure. In addition, if the GB planes are incidentally
oriented nearly perpendicular to the loading axis, it can be estimated
that a larger tensile stress component would enhance the decohesion
event and overtake the evolution of plastic deformation. Nevertheless,
it was noted that even in such a case, dislocations underneath the IG
fracture surface were well organized into a cellular structure (Fig. 6),
which means that dislocation movements retain an important role in
assisting GB decohesion by enhancing hydrogen transportation and
deposition into GBs. Specifically, it is concluded that both of the mi-
crovoid coalescence model and HELP-mediated HEDE model proposed
by Martin et al. [33] may participate in the GB separation in the Stage I
HAFCG of pure iron, whereas the contribution of those two mechanisms
is determined by the GB orientation, character and corresponding hy-
drogen concentration in the GBs.

4.2. Positive effect of a gaseous hydrogen environment on the macroscopic
FCG rate

If the IG fracture in HAFCG of pure iron is dominated by the two
mechanisms, i.e., the GB microvoiding model and the HELP-mediated
HEDE model by Martin et al. [33], the tendency of IG fracture should
depend on the hydrogen concentration inside the material. This hy-
pothesis can reasonably explain the dependency of the IG fracture
fraction and corresponding FCG rate on the testing hydrogen gas
pressure, as indicated in Fig. 4. In particular, a higher hydrogen gas
pressure, i.e., higher hydrogen concentration in the material, increased
the fraction of IG fracture, and this condition resulted in an accelerated
FCG rate in 20MPa hydrogen gas. However, one remaining question for
such an assumption is the slightly slower FCG rate measured in 0.2MPa
hydrogen gas relative to that in air (Fig. 2), while the IG fracture also
occurred in 0.2 MPa hydrogen. When attempting to explain this mys-
terious phenomenon, we must consider both positive and negative ef-
fects of the gaseous hydrogen environment for the FCG processes. In
this context, the positive effect is the extremely low content of im-
purities, such as oxygen or water vapor, in the hydrogen gas used for
the experiments. It is well known that those components have a strong
influence on the FCG rates of steels or aluminum alloys, and there al-
ready exist numerous studies that mention their detrimental effect on
FCG behavior [81,82]. Additionally, it has been reported that the pre-
sence or absence of oxygen and water vapor causes a significant change
in fatigue striation morphology on the fracture surface [82,83]. McEvily
et al. found that the striations of type-304 stainless steel in a vacuum
environment become more blurred than those formed in air and dis-
cussed such a difference in terms of a crack blunting process [82].
Specifically, the absence of adsorption of oxygen or water vapor on the
bare surface in the crack tip facilitates larger crack blunting and elim-
inates the border of striations formed in prior loading cycles. Even in
our study, those two aspects, i.e., crack deceleration (Fig. 2) and van-
ishing of clear striations (Fig. 3(b)), were observed in the case of crack
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propagation in 0.7MPa nitrogen gas. For comparison, in Fig. 11, the
detailed appearances of the fracture surfaces formed in air, 0.7 MPa
nitrogen and 0.7MPa hydrogen gas at ΔK =12MPam1/2 are pre-
sented. The high-magnification image in Fig. 11(b) indicates the region
surrounded by the white dotted rectangle in the overview image in
Fig. 11(a), and (c) and (d) show the details of the areas surrounded by
black dotted rectangles in Fig. 3(a) and (b), respectively. Comparing
Fig. 11(b) and (d) to each other, the TG part of the fracture surface in
0.7 MPa hydrogen (Fig. 11(b)) shows a clear similarity to the fracture
surface formed in 0.7MPa nitrogen gas (Fig. 11(d)), whereas the sur-
face details differ substantially from the TG striations formed in air
(Fig. 11(c)). This similarity of fracture surface appearance strongly
implies that the TG crack path in hydrogen gas in Stage I has a role in
decelerating the FCG rate relative to that in air, whereas the IG fracture
surface enhances the faster crack propagation. In summary, at lower
pressure (0.2 MPa), the positive effect exceeded the negative effect;
furthermore, these effects balanced out in the case of 0.7 MPa hy-
drogen.

4.3. Transitional behavior from Stage I to II

Another notably contradictory result in the present investigation is
the observed enhancement of plasticity by hydrogen in Stage I FCG,
whereas in our previous report [5], hydrogen was recognized to sup-
press crack tip plasticity in Stage II, resulting in the fracture along
cleavage planes rather than IG cracking. At present, the decisive criteria
determining this significant ductile-to-brittle transition remains un-
clear; however, one interesting idea, which is consistent with our series
of investigations, was proposed by Taketomi et al. [84,85]. Based on
their molecular and dislocation dynamics calculations using a pure iron
model system, they found a dual role of hydrogen with respect to the
dislocation behavior, i.e., hydrogen at a low concentration and a low
applied stress intensity condition enhances dislocation mobility by re-
ducing the energy barrier, while this hydrogen conversely increases the
resistance for dislocation glide at a high concentration and higher stress
condition. According to their assumptions, we can also assume in this
study that when the applied stress intensity and hydrogen concentra-
tion in the crack tip region exceed certain critical values, then the
fracture mechanism transitions from enhanced plasticity (Stage I) into
suppressed plasticity (Stage II) [5,6]. The concept of hydrogen-sup-
pressed plasticity at the crack tip was first invoked by Chen and Ger-
berich, who studied the hydrogen-assisted cleavage cracking in a single
crystalline Fe-3%Si alloy under static loading conditions [86]. Since the
lower chemical potential site in the crack tip zone due to the high hy-
drostatic stress attracts a much larger amount of hydrogen than the
thermal equilibrium concentration [17], the hydrogen atoms in that site
cause a solid-solution hardening effect rather than enhancing disloca-
tion mobility, resulting in hindered plastic relaxation and subsequent
brittle-type cracking behavior. Recently, this hypothesis by Chen and
Gerberich was supported by Hajilou et al. based on their nano-canti-
lever bending tests of an Fe-3%Si alloy conducted under in situ elec-
trochemical hydrogen charging [87].

Supporting the assumption by Taketomi et al. [84,85], the softening
and hardening effects caused by solute hydrogen atoms have been ex-
perimentally well demonstrated using high-purity iron by Kimura and
others [30,88,89]. In their series of tensile tests at relatively low tem-
perature, i.e., below room temperature under cathodic hydrogen char-
ging, they found various factors controlling the hydrogen-induced re-
duction and enhancement of plastic flow stresses, e.g., the testing
temperature, material purity, strain rate and hydrogen concentration.
In our present case, the appropriate influencing factor for softening and
hardening is only the hydrogen concentration since the temperature
and test frequency were kept constant in all FCG tests conducted in
hydrogen gas. The theory by Kimura et al. for interpreting the solute
hydrogen-induced softening and hardening behavior is as follows
[30,88,89]. At relatively low temperature, where the mobility of screw

dislocations is significantly lower than that of edge dislocations, hy-
drogen enhances the screw dislocation mobility by increasing the kink-
pair nucleation rate [30], whereas it simultaneously hinders edge dis-
location motion due to the general solute dragging effect [88]. Under
the low concentration of hydrogen and other solute atoms, the former
effect overtakes the latter one, resulting in macroscopic softening. In
contrast, hydrogen at high concentration hinders sideward motion of
the kinks as well as locks edge dislocations, reducing the mobility of
both components of dislocations and corresponding hardening
[30,88,89]. This assertion—which was derived from the systematic
experimental results by Kimura et al.—was later supported by Kirch-
heim based on his thermomechanical approach, the so-called defactant
concept [27,28].

In the present study regarding HAFCG, the direct confirmation of
such hydrogen effects on the behavior of individual dislocations was
not attempted due to the challenges of observing dislocation motions
during deformation processes at the crack tip in bulk specimens.
Nevertheless, implicit evidence supporting the similarity between the
above-noted hypotheses and our results is the dependency of ΔKT va-
lues, i.e., the transitional points from hydrogen-enhanced plasticity
(Stage I) to hydrogen-suppressed plasticity (Stage II), on the testing
hydrogen gas pressures (Fig. 2). Since the amount of hydrogen atoms
absorbed into BCC iron from the gaseous phase is significantly lower
than that through cathodic charging, the bulk hydrogen concentration
during our experiments was supposedly not enough to trigger any sig-
nificant change in the plastic deformation behavior. However, as al-
ready explained, the crack tip region is the preferential site for the
agglomeration of a much larger amount of hydrogen atoms due to the
high hydrostatic stress field, which is potentially enough to alter the
dislocation character in the local region surrounding the crack tip.
According to the theoretical calculations conducted by Oriani and Jo-
sephic, the concentration of hydrogen at the crack tip zone is 2–4 orders
of magnitude higher than the thermal equilibrium concentration in
nonstressed bulk material, and the attraction level of hydrogen in-
creases with an increasing stress intensity factor [17]. Therefore, in
low-pressure hydrogen gas, e.g., at 0.7MPa, a larger stress intensity is
required to attain the critical concentration of hydrogen to hinder
dislocation motion, whereas such a critical condition is easily satisfied
even at a lower stress intensity value in the case of extremely high-
pressure hydrogen gas, i.e., 90MPa.

5. Conclusions

In this study, FCG experiments of pure iron were performed in air,
0.7 MPa nitrogen gas and 0.2–90MPa hydrogen gas at room tempera-
ture. To investigate the microscopic mechanism of hydrogen-induced IG
fracture at relatively low stress intensities and its impact on the mac-
roscopic FCG acceleration, multimethod electron microscopy observa-
tion techniques were employed, namely, fracture surface observation
by SEM, visualization of the dislocation structure immediately beneath
the fracture surface by TEM and lateral crack path analyses via EBSD
and ECCI. The conclusions are summarized as follows.

1. FCG behavior in hydrogen gas has two distinctive regimes, i.e., a
relatively low stress intensity regime with no or slight acceleration
of the FCG rate relative to that in air (Stage I) and a higher stress
intensity regime with dramatic acceleration of the FCG (Stage II).
Additionally, the FCG rates in the Stage I regime slightly increased
with increasing hydrogen gas pressure.

2. Hydrogen triggered fracture along GBs in the Stage I FCG, whereas
in Stage II, the fracture was characterized by a QC-type features. The
area fraction of IG features in Stage I increased with increasing
hydrogen gas pressure, which means that larger hydrogen content
inside the material enhanced the propensity for IG cracking and
subsequent FCG acceleration.

3. IG fracture in Stage I FCG involved a large amount of plastic
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deformation and was not a brittle type of fracture. Additionally,
ECCI observation revealed microvoiding along GBs near the pro-
pagating crack tip in hydrogen, indicating hydrogen-modified dis-
location behavior, and the interaction of hydrogen with GBs had a
crucial role in triggering the IG-type cracking.

4. In low-pressure hydrogen and nitrogen gas, the FCG rates were
considerably slower than in air. Even though hydrogen facilitated
GB cracking on some parts on the fracture surface, other parts of the
fracture surface in hydrogen, i.e., the TG region, were similar to the
fracture surface formed in nitrogen gas. This result implies that TG
crack paths in hydrogen have a role in decelerating the FCG rate due
to the absence of oxygen and water vapor, as in nitrogen gas. The
macroscopic FCG rate in hydrogen gas is determined by the com-
petitive process of the positive aspect (TG cracking) and the nega-
tive aspect (IG cracking).
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Abstract 

Elasto-plastic fracture toughness tests of a commercially pure iron were performed in air and 

hydrogen gas at two different pressures. Unique characteristics of hydrogen-enhanced cracking 

are exhibited at both macroscopic and microscopic length scales based on the observation of 
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fracture surface, fracture plane, plasticity distribution, and dislocation structure. Possible 

mechanisms responsible for the hydrogen-induced degradation of fracture toughness are 

discussed. 

 

Keywords 

Fracture toughness, hydrogen embrittlement, dislocation structures, electron back-scattered 

diffraction (EBSD), transmission electron microscopy (TEM) 

 

1. Introduction  

The reliability of structural materials in gaseous hydrogen environments is of great 

importance for realizing hydrogen energy-based society. Ferritic steels with body-centered cubic 

(BCC) structure can be a good alternative to replace expensive metal alloys, which are currently 

used in high-pressure hydrogen systems (e.g. hydrogen refueling station and fuel cell vehicle). It 

is commonly agreed that hydrogen deteriorates mechanical properties of BCC steels, however 

the fundamental understanding of the underlying mechanism is still lacking. A number of studies 

claim that hydrogen induces a premature failure due to enhanced localized plasticity 

(HELP) [1,2], atomistic decohesion (HEDE) [3–6], adsorption-induced dislocation emission 

(AIDE) [7,8] and/or hydrogen-enhanced strain-induced vacancy formation (HESIV) [9,10], 

therefore causing a long lasting controversy in the study field. In addition, from a practical 

viewpoint, it is important to distinguish material performance under different loading conditions; 

monotonic or cyclic, taking various influencing factors (e.g. hydrogen pressure, loading level, 

strain rate, temperature) into account. 

Recently, the authors preformed fatigue crack-growth (FCG) tests of a pure iron, i.e. a model 



3 
 

system of BCC steels, in high-pressure hydrogen gas for elucidating the fundamental mechanism 

of hydrogen-induced cracking during cyclic loading. It was shown that hydrogen causes a 

significant FCG acceleration with the acceleration rate of few tens of times as compared with the 

FCG rate in air, resulting in the formation of quasi-cleavage (QC) type fracture surface [11,12]. 

TEM observations of the dislocation structures immediately beneath the QC fracture surface 

demonstrated that hydrogen dramatically reduced the development level of plasticity for crack 

propagation, triggering the fracture along {001} plane. These results implied that, in the 

relatively high ΔK regime, where remarkable crack acceleration occurs, the micro scale brittle 

cracking along cleavage plane is one of the intrinsic mechanisms for hydrogen-assisted cracking 

in BCC steels during cyclic loading. Additionally, the QC fracture surface was decorated by 

brittle-like striation markings and their spacing was consistent with macroscopic FCG rate. The 

results indicated that the crack propagation was macroscopically stable, i.e. happens on a cycle-

by-cycle basis, even though the microscopic mechanism is seemingly unstable cleavage  [12,13]. 

In addition to FCG properties, investigation of hydrogen effects on fracture toughness is 

another important property when performing the life cycle assessment and leak before break 

analysis for high-pressure hydrogen tanks and pipes  [14,15]. Recently, Ogawa et al. investigated 

a similarity between the hydrogen-assisted crack propagation of a low carbon steel during cyclic 

and monotonic loading, and concluded that the intrinsic fracture mechanism is basically the same 

in both types of loading  [16]. They also found that such embrittlement in fatigue and fracture 

toughness experiments was accompanied by a substantial crack tip sharpening and the formation 

of QC type fracture surface, i.e. less crack tip blunting, and interpreted such phenomena based on 

HELP hypothesis. Similar crack sharpening and quasi-brittle cracking under the presence of 

hydrogen has also been reported on Fe-Si single crystals subjected to sustained or monotonic 
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loading [4,6,17,18]. For instance, Vehoff and Rothe [6] characterized crack propagation behavior 

of Fe-2.6%Si single crystals in low pressure gaseous hydrogen by measuring crack tip opening 

angle from the lateral surface of the specimen. They found that the crack propagates through a 

microscale repetition of alternating slip emission from the crack tip and brittle cleavage and the 

enhanced fraction of cleavage due to the presence of adsorbed hydrogen resulted in a 

substantially reduced crack tip opening angle. A series of papers by Chen et al.  [4,17] suggested 

a decohesion induced cleavage on {100} type plane of Fe-3%Si in hydrogen gas, even though a 

large amount of plasticity was observed at the crack wake region in the postmortem samples. In 

these studies, Fe-Si alloys were used as the representative system of BCC crystal because it is 

easy to manufacture specimens with large grains and simple ferritic microstructure. However, Si 

is an important alloying element affecting the dislocation motion and fracture behavior in iron, 

enhancing planar slip and unexpected brittleness even without hydrogen [19,20]. Indeed, 

Nakasato and Bernstein reported a difference of crystal planes of hydrogen-induced 

transgranular cracks in pure iron and Fe-0.7~3%Si [21]. They demonstrated that the crack plane 

is always {011}, i.e. slip plane in pure iron, whereas in Fe-Si alloys, it shifts to {001} plane with 

increasing silicon content. Similar tendency has been also confirmed in other studies  [22,23], as 

well as some of the recent investigations have pointed out the importance of such slip plane 

fracture assisted by hydrogen even in commercial BCC steels  [24,25]. These facts imply that Fe-

Si alloys do not necessarily represent the behaviors in conventional structural BCC steels, 

suggesting pure iron as a better model material for elucidating the underlying fracture 

mechanisms related with hydrogen. 

This study is a continuation of our previous works on the effect of hydrogen gas atmosphere 

for crack-growth resistance in commercially pure, multi-crystalline iron  [11,12,26]. In the 
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present paper, we explore the hydrogen-induced degradation of elasto-plastic fracture toughness. 

Some unique characteristics of the fracture morphology under the influence of hydrogen is 

exhibited, and then the degradation mechanism is discussed in terms of fracture plane, 

distribution of plastic deformation and dislocation structures in the vicinity of the  crack tip.  

 

2. Material and Experimental Methods 

2.1 Material and specimen 

The material used in this study was an annealed commercial pure iron (JIS-C2504) with the 

chemical composition of 0.002%C-0.04%Mn-0.0004%P-0.0002%S. The material was received 

as a cylinder shape with the diameter of 80 mm. The yield stress, 𝜎y , and ultimate tensile 

strength, 𝜎B, were 140 MPa and 255 MPa, respectively. The compact tension (CT) specimens for 

the fracture toughness tests with the width, W, of 50.8 mm and thickness, B, of 14.9 mm were cut 

from the cylinder so that the loading direction lies parallel to the cylinder axis. Fig. 1 shows the 

shape and dimensions of the CT specimen. For attaining plane-strain stress state throughout the 

entire crack front, side grooves with the depth of 1.1 mm were machined on both sides of the 

specimens, i.e. the net thickness of the specimens was 12.7 mm.  
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Fig. 1 Shape and dimensions of the CT specimen used for fracture toughness tests. 
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2.2 Fracture toughness testing 

The elasto-plastic fracture toughness (JIc) tests were performed in laboratory air, 0.7 MPa and 

90 MPa hydrogen gas at room temperature (RT). Servo-hydraulic testing machines equipped 

with a hydrogen gas chamber were used for the tests. The purity of hydrogen gas was higher than 

99.999%. The JIc test provides the relationship between J integral values and crack extension 

length during monotonic loading (J-R curve), which is an effective way to assess the stability of 

macroscopic crack propagation. In this study, the tests were conducted based on the resistance 

curve procedure described in ASTM-E1820 standard  [27]. According to the procedure, the CT 

specimen was loaded monotonically with multiple intermittent unloading cycles, and the J value 

was calculated according to the area below load-COD curve, where COD is the crack-mouth 

opening displacement measured via clip-on gauge. The crack extension was monitored using the 

elastic compliance on the multiple unloading line. 

 

2.3 Microscopic analyses 

After the fracture toughness tests, the specimens were cut along the mid-thickness section: 

lateral surface of one half was polished to mirror-finish, while another half was used for 

fractographic investigation in combination with transmission electron microscopy (TEM) 

observation beneath the fracture surface. The polished side was analyzed by the FEI Quanta 3D 

scanning electron microscope (SEM) equipped with electron back-scatter diffraction (EBSD) 

system by Oxford instruments with the electron beam step size of 2 μm. Inverse pole figure (IPF) 

and grain reference orientation deviation (GROD) maps were constructed to visualize the grain 

orientation and the degree of crystal rotation around the crack tips. Electron channeling contrast 

images (ECCIs) were also acquired by using backscattered electron detector at acceleration 
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voltage of 20 kV. Fracture surfaces were investigated by the same SEM. TEM samples were 

extracted from the fracture surfaces by using JEOL JIB-4500 Dual-beam machine after a 2 μm 

thick carbon layer was deposited in order to protect surface features from damage during milling. 

TEM samples were observed by FEI Titan G2 field emission TEM operated at 300 kV in 

scanning mode.  

 

3. Results 

3.1 Macroscopic reduction of crack growth resistance by hydrogen 

Fig. 2(a) shows the load, P, vs. COD curves for specimens tested in air, 0.7 MPa and 90 MPa 

hydrogen gas. In air, the value of P monotonically increased with an increase in COD. On the 

other hand, in hydrogen gas, the curves deviated from the curve in air at COD of ≈ 1 mm, and 

then plateaued. The P value in 90 MPa hydrogen gas was lower than that in 0.7 MPa at 

equivalent COD values. Such a load decrease can be attributed to the successive crack 

propagation triggered by hydrogen [28], whereas a large crack blunting and corresponding strain 

hardening are caused during load increase in air, as will be demonstrated also in the latter part of 

this paper.  
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Fig. 2 (a) Relationship between load and crack-mouth opening displacement and (b) 

corresponding crack-growth resistance curve (J-R curve) for specimens tested in air, 0.7 MPa 

and 90 MPa hydrogen gas at room temperature. 

 

The obtained results were used to construct J-R curves shown in Fig. 2(b). This diagram 

describes the energy required for crack blunting accompanied by strain hardening as well as for 

crack extension. In Fig. 2(b), a construction line is also depicted, which is determined as 

𝐽 = 2𝜎𝑓𝑠∆𝑎, where 𝜎𝑓𝑠 = (𝜎𝑦 + 𝜎𝐵)/2 and ∆𝑎 is crack extension length, as well as a 0.2 mm 

offset line of the construction line. The construction line corresponds to the crack blunting line 

representing crack-tip opening displacement (CTOD), whereas the elasto-plastic fracture 

toughness value, JIc, is determined from the intersection between the J-R curve and 0.2 mm 

offset line. All of the data points in air were plotted within the left side region of the construction 

line, which infers that, in air, the crack was almost stationary and only crack blunting occurred 

during testing. On the other hand, it is clearly visible that, in the case of hydrogen gas, the cracks 

propagated successively with absorbing much less energy, and the JIc values were determined as 
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50 ~ 60 kJ/m
2
. These JIc values in hydrogen gas were much higher than those in conventional 

BCC steels with 600 ~ 700 MPa yield strength  [29], supposedly because of the lower yield 

stress of pure iron and resultant larger plastic zone ahead of the crack tip.  

 It is also important to note that, even though the fracture toughness in hydrogen gas 

degraded compared with that in air, the slope of J-R curves, i.e. tearing modulus (dJ/da), is still 

positive. The result indicates that the crack propagation is macroscopically stable. Conversely, it 

is known that in high-strength steels, which show brittle sub-critical hydrogen-induced cracking, 

the J-R curve becomes horizontal  [30].  

 

3.2 Fracture surface morphologies 

Fig. 3 shows fracture surfaces formed in air, 0.7 MPa and 90 MPa hydrogen. The areas in 

low magnification images (Figs. 3(a)~(c)) correspond to regions approximately 500 μm away 

from the fatigue pre-crack front at the mid-thickness of the specimens. In the case of air, as 

shown in Fig. 3(d), fine stripe patterns perpendicular to overall crack-growth direction (CGD), 

representing the formation of the stretch zone due to large crack blunting, were observed. On the 

other hand, in the case of hydrogen gas, as shown in Figs. 3(e) and (f), cleavage-like features, i.e. 

quasi-cleavage, were detected throughout the fractured surface. The local CGD in different 

grains is varying and can be determined from the direction of river patterns. In addition, we 

found three types of characteristic striated markings covering the quasi-cleavage fracture 

surfaces:  

I. Narrowly-spaced markings (yellow arrows in Figs. 3(e) and (f)): The markings were 

perpendicular to the local CGD, which had spacings of ≈1 μm in the case of 0.7 MPa 

hydrogen gas and of ≈5 μm in the case of 90 MPa hydrogen gas. 
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II. Widely-spaced markings (blue arrow in Fig. 3(f)): The markings were observed in the case 

of 90 MPa hydrogen gas. These markings had a spacing of ~80 μm, implying that they 

formed during loading-unloading cycle.  

III. Widely-spaced markings (red arrows in Fig. 3(e)): The markings were observed in the case 

of 0.7 MPa hydrogen gas. This type of marking was somewhat different from Type II. 

Several sets of sharp lines were oriented at different angles with respect to each other and at 

random orientation with respect to the local CGD.  

 

Fig. 3. Fracture surfaces on the specimens tested in air (a) and (d), 0.7 MPa hydrogen gas (b) and 

(e) and 90 MPa hydrogen gas (c) and (f). Dashed rectangles in (a)~(c) mark positions of (d)~(f) 

respectively. Overall crack-growth direction is right to left and local crack-growth directions are 

marked with black arrows. Yellow arrows mark narrowly-spaced striations in 0.7 MPa and 90 



11 
 

MPa hydrogen gas. Red arrows and blue arrow mark widely-spaced striations formed in 0.7 MPa 

and 90 MPa hydrogen gas, respectively. 

 

In order to compare the differences of overall plastic deformation in different samples, we 

acquired EBSD-GROD maps from the lateral surfaces of all specimens in addition to grain 

orientation maps. As shown in Fig. 4, the shape of the cracks showed distinct difference 

depending on the testing environments. While sample tested in air possessed a large crack 

opening angle and blunted crack-tip, the specimens tested in hydrogen had much smaller crack 

openings and substantially sharp tips. The crack paths in all three samples were transgranular. In 

the case of air, the crack was heavily deformed, and it was not possible to define the 

crystallographic crack path, whereas in hydrogen gas, the material around the cracks was only 

slightly deformed and the paths were almost straight across individual grains. These differences 

are clearly reflected on the GROD maps, where pronounced crystal rotation is visible around the 

crack tip in the case of air (Fig. 4(d)), whereas in the case of hydrogen gas, the degree of crystal 

misorientation is markedly reduced (Figs. 4(e) and (f)). In Figs. 4 (b) and (c), the orientation of 

some individual grains is depicted by unit cell figures in order to predict the orientation of the 

fracture planes. In the case of 0.7 MPa hydrogen gas, the fracture plane projections for all the 

analyzed grains seem to be parallel to {100} plane as seen in Fig. 4(b). On the other hand, in the 

case of 90 MPa hydrogen gas, the fracture plane traces match with different planes. The crack 

plane trace in the grain marked “A” seemingly matches with {211} plane. Additionally, in grain 

“B”, it is also close to {211} plane, but with slight misorientation. In grain “C”, crack plane trace 

is parallel to {100} plane, and in grain “D” a quite well defined {110} trace can be matched to 

the crack plane. However, such analysis does not show the complete picture since EBSD images 
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are cross-sectional views of three-dimensional samples, therefore the crack lines are only 

projections of fracture planes.  

 

Fig. 4. EBSD IPF (a)-(c) and GROD (d)-(f) maps of the mid-thickness fracture paths in air (a) 

and (d), 0.7 MPa hydrogen gas (b) and (e) and 90 MPa hydrogen gas (c) and (f). 

In order to visualize the macro-scale deformation substructures, we obtained ECCIs on the 

same regions as in Fig. 4. Figs. 5(a) - (c) show low magnification overview micrographs and 

Figs. 5(d) - (f) are higher magnification micrographs near the crack-tips. Figs. 5(a)-(c) emphasize 

the deformation magnitude. In the case of air, a heavy plastic deformation caused blurry 

channeling contrast. By contrast, in the case of hydrogen gas, the microstructural features are 
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clear away from the crack, but more distortion is visible in the region closer to the crack. Fig. 

5(d) reveals two sets of deformation bands formed along shear directions marked by white 

dashed lines. They are contributing to the crack blunting accompanied by the formation of the 

stretch zone. On the other hand, Figs. 5(e) and (f) display rather clean microstructures around the 

crack-tips with the formation of dislocation structures being less pronounced as compared with 

in air. Some references to dislocation boundaries composed of cell block boundary or domain 

boundary  [31,32], i.e. geometrically necessary boundaries, are marked in the micrographs. In the 

case of 0.7 MPa hydrogen gas, the crack path is not as straight as in 90 MPa hydrogen gas case, 

where crack path is significantly straight in two neighboring grains with a slight deviation after 

crossing a grain boundary (red dashed line) (Fig. 5(f)).  

 

Fig 5. ECCIs of the mid-thickness fracture paths in air (a) and (d), 0.7 MPa hydrogen gas (b) and 

(e), 90 MPa hydrogen gas (c) and (f). Crack-growth direction is top to bottom. 
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In order to image dislocation structures at higher spatial resolution, we employed 

transmission electron microscopy in a scanning mode (STEM). Since the specimen tested in air 

had blunt and stationary crack tip, it was technically not feasible to extract FIB lamella from 

fracture surface due to substantial surface inclination. As a result, we did not perform STEM 

imaging on sample fractured in air. Fig. 6 shows STEM micrographs together with the SEM 

micrographs of the fracture surfaces formed in 0.7 MPa and 90 MPa hydrogen gas, showing the 

positions of corresponding TEM specimens. We extracted the TEM samples from the regions, 

which were representative for a typical quasi-cleavage fracture. 

For the specimen tested in 0.7 MPa hydrogen gas, as shown in Fig. 6(a), the TEM sample 

was extracted from the region including widely-spaced sharp striations (Type III) crossing each 

other and also including blurry narrowly-spaced striations (Type I) in between (not visible in this 

image due to low magnification). The widely-spaced striations are visible in the STEM 

micrograph as small steps (e.g. white arrow in Fig. 6 (b)). Clearly, such striations correspond to 

the dislocation walls running obliquely to the fracture surface. The diffraction pattern in the inset 

shows that fracture surface is parallel to {100} plane and the dislocation wall lying parallel to 

{111} plane. In addition, in Fig. 6 (b), we can distinguish two sets of bands marked by red and 

white arrows. It seems that the set marked by red arrows formed first and were then sheared off 

by the band marked with white arrow. The dislocation structure beneath the fracture surface 

consists of densely scattered dislocation tangles. A higher magnification image (Fig. 6(c)) taken 

from region marked by a dashed square in Fig. 6(b) does not reveal any well-developed 

dislocation cells or sub-grains even immediately beneath the fracture surface. The narrowly-

spaced striations, which were marked with yellow arrows in Fig. 3(e), are not resolved in Fig. 
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6(a), but their traces are visible in the TEM micrograph (yellow arrows in Fig. 6(c)) as small 

bumps. There are no particular dislocation structures beneath them. 

For the case of 90 MPa hydrogen, we extracted two TEM samples from the fracture surface. 

One from a region including narrowly-spaced striations (Type I), and the other from a region 

including widely-spaced striations (Type II) as shown in Figs. 6(d) and (g). Narrowly-spaced 

markings correspond to steps as seen in Fig. 6(e). The dislocation band visible in the micrograph 

is seen only beneath that particular step, while beneath the other steps only dislocation tangles 

are observed. The higher magnification image in Fig. 6(f) indicates an increased density of 

dislocations in 200 ~ 300 nm depth region beneath the fracture surface. However, converged-

beam diffraction revealed smooth angle variation when moving electron beam along the surface 

or from the surface deeper into the sample. This indicates that the high density of dislocations are 

statistically stored without forming any dislocation boundaries with substantial misorientation 

angle  [33]. Diffraction pattern in the inset of Fig. 6(e), which was taken from the sample edge, 

shows rather sharp diffraction spots with no splitting or streaking, confirming the absence of 

evolved dislocation structure. In addition, it was revealed that the fracture surface plane is 

parallel to {211} plane as shown in the inset of Fig. 6(e). Beneath each widely-spaced striation, 

increased density of dislocation walls are observed (red arrows in Fig. 6(h)). This feature reflects 

that considerable amount of plasticity was introduced during each loading cycle.  
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Fig. 6 FIB-lift out locations and dark-field STEM micrographs of samples fractured in 0.7 MPa 

hydrogen gas ((a)-(c)) and 90 MPa hydrogen gas ((d)-(h)). Micrographs in (c) and (f) are taken 

from dashed regions in (b) and (e) respectively. Crack growth direction is from left to right. 

 

4. Discussion 

4.1 Fractography and striations/crack-arrest markings 
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As is the case of the existing studies of hydrogen embrittlement in iron-based BCC 

alloys  [4,21,34], in our JIc tests of pure iron, the failure in gaseous hydrogen environment 

accompanied QC type fracture features. The intrinsic features of QC fracture was the existence 

of river patterns running parallel to the local CGD and the striation-like patterns lying 

perpendicular to the river patterns. In the case of fatigue crack, in general, such striations form 

on a cycle-by-cycle basis. This means that, in each loading cycle, the crack tip grows a certain 

distance and then gets arrested and blunted until the next loading cycle [35,36], accordingly, 

striation spacing roughly corresponds to the macroscopic crack-growth rate. Similar markings 

were also observed in our JIc tests as well as sustained-load experiments by several 

researchers [4,34], which are called “crack-arrest markings” [37].  

In our experiments, the distances between the crack-arrest markings were dependent on 

hydrogen pressure (i.e. ≈1 µm at 0.7 MPa and ≈5 µm at 90 MPa). The variation of the distance 

can be interpreted in terms of hydrogen concentration and distribution. In higher hydrogen 

pressure, more hydrogen can diffuse from the crack-tip into the material. As a result, a larger 

volume ahead of the crack-tip can contain a critical amount of hydrogen, which is required to 

trigger the QC type fracture. This, in turn, can cause longer crack propagation steps during the 

loading cycle. In this study, the mechanism of crack-arrest marking formation has not been 

clarified in detail. Nonetheless, it is commonly agreed  that the crack propagation occurs by a 

discontinuous crack-front advancement as supported by acoustic emission experiments [4,34]. 

However, there is no experimental observations showing how exactly these markings form and 

the definite mechanism is still unclear.  

Other sets of widely-spaced markings were observed on fracture surfaces of samples tested in 

hydrogen gas. However, the striation morphologies were different between 0.7 MPa and 90 MPa. 
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At 0.7 MPa, there were multiple sets of widely-spaced markings (Type III), which were oriented 

at random angles with respect to each other and to overall CGD (c.f. red arrows in Fig. 3(e)). It is 

unlikely that such features would form during the discontinuous crack propagation process; 

therefore we assume them to be the consequence of slip activities operated in the crack wake 

during the later loading cycles, which does not have important meaning for the fracture 

processes. The same assertion applies to widely-spaced striations seen in samples tested in 90 

MPa of hydrogen (Type II). All of the dislocation walls beneath the fracture surfaces were 

attributed to formation of these striations and not the crack arrest markings. As a result, these 

markings do not have determining contribution on the crack-growth process. 

 

4.2 Crystallography 

In our previous work for FCG in the same grade pure iron  [12], we concluded that crack 

acceleration in fatigue experiments was mainly caused by the fracture along {100} cleavage 

plane, and such cleavage fracture was assumed to be a consequence of the reduced mobility of 

the dislocations around crack tip. Even in the present work, the fracture along {100} plane was 

clearly demonstrated in 0.7 MPa hydrogen gas. However, EBSD and TEM diffraction results 

showed that, in the case of 90 MPa hydrogen gas, the fracture planes were parallel to {211} or 

{110}, i.e. slip planes in BCC crystal, with the combination of {100} type fracture. This result 

may imply that, at higher hydrogen pressures, the greater amount of hydrogen leads to a 

reduction of bonding energy, thereby even lower energy planes can be separated due to atomistic 

decohesion if they are oriented more favorably with respect to the loading direction. Indeed, 

Hinotani et al. showed that notched pure iron single crystal oriented so that loading axis was 

along <100> direction fractured along (100) plane with minimal amount of deformation, while 
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with loading axis oriented along <110> direction, the crack grew along (110) plane with 

significant amount of plasticity  [38]. Similar results have been also obtained by Kimura et 

al.  [39]. Furthermore, if the dislocations distribute on the slip planes, it is expected that the 

matrix bonding of such planes is reduced because of the lost integrity of crystal structure as 

suggested by Gilman  [40], which makes the slip planes preferable path for the fracture. 

Matsumoto et al. elegantly demonstrated such type of fracture by using molecular dynamics 

calculations, and proposed that the hydrogen trapped at dislocation core on a slip plane (110) 

assists the final separation of slip plane via HEDE  [41]. However, to reinforce these hypotheses, 

it is necessary to obtain statistically significant amount of data. The EBSD and TEM techniques 

are not practical in this aspect and more studies with other techniques are needed to support these 

assumptions. 

 

4.3 Plastic deformation distribution and dislocation structures 

The low magnification ECCIs (Fig. 5(a)-(d)), showing the overall microstructure of the 

specimens, supply with similar information to the IPF images (Fig. 4(a)-(d)). For example, in the 

specimen fractured in air, a diffuse and blurry channeling contrast in the vicinity of crack-tip can 

be explained by the lost microstructural integrity due to substantial plastic deformation. The 

same conclusion can be derived from the corresponding IPF image (Fig. 4(a)), where the grain 

boundaries are not sharp borders between grains, but exhibit smooth transitions with almost 

indistinguishable boundary. Features that are more interesting are resolved at higher 

magnifications (Fig. 5(d)-(f)). Namely, in the case of air, a dense distribution of deformation 

bands is visible due to their different contrasts. Two overall band directions can be distinguished 

(white dashed lines), and it is easy to visualize crack blunting by continuous alternating shear on 
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these two deformation bands. By contrast, the specimens fractured in hydrogen gas possess much 

cleaner microstructures with clearly visible grain boundaries and only slight contrast variations 

across individual grains. Similar observations were found in the case of our previous fatigue 

experiments [12,26], demonstrating that the fundamental embrittlement mechanism does not 

change between the fracture toughness crack and the fatigue crack. This has been also discussed 

by Ogawa et al. in their evaluation of fatigue and fracture toughness performance of a carbon 

steel in gaseous hydrogen environment [16].  

On the other hand, the majority of the past studies confirmed plasticity localization in 

materials fractured under various loading conditions in hydrogen atmosphere [2,42,43]. In such a 

case, heavily evolved nano-sized sub-grains or even amorphous phase have been detected 

underneath the fracture path  [43–45]. Even though we detected higher density of dislocations in 

the zone just beneath the fracture surface formed in 90 MPa hydrogen gas (Fig. 6(f)), they 

formed no evolved dislocation structures, but rather distributed randomly. This means that in 

comparison to specimen tested in air, where substantially evolved deformation bands were 

detected, the development level of plasticity was reduced in hydrogen gas.This can be attributed 

to (i) fracture at lower plastic strain than in air and/or (ii) hydrogen-induced dislocation locking. 

The former hypothesis (i.e. fracture at lower plastic strain) can be related to either HEDE 

mechanism, in which hydrogen reduces bonding strength of the matrix atoms [46,47], or AIDE 

mechanism [8], in which hydrogen adsorption onto the crack surfaces facilitates dislocation 

nucleation from the crack tip, leading to accelerated crack-growth through easier slip. According 

to AIDE, the crack-tip dislocation sources are activated before extensive dislocation activity 

occurs ahead of the crack-tip, then the strain expansion from the crack-tip is significantly 

reduced, which inhibits severe crack blunting as shown in Figs. 4(b) and (c) or (e) and (f). This 
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could cause enhanced crack growth as well as underdeveloped dislocation structures beneath the 

fracture surface. 

According to the latter hypothesis (i.e. hydrogen-induced dislocation locking), the trapped 

hydrogen at dislocation core can work as an obstacle for movement of edge dislocations as well 

as the sideward motion of kink pairs on screw dislocations. In such a case, the plastic relaxation 

at the crack tip is suppressed and thereby material prematurely fails in a brittle manner. If the 

motion of screw dislocations is inhibited by hydrogen in crack tip zone [48], the formation of 

dislocation cells or deformation band structures becomes difficult because of the reduction of 

cross-slip ability, i.e. three-dimensional mobility of dislocations. This hypothesis can rationalize 

the observed structure configuration in Fig. 6(f). Namely, even though high density of 

dislocations are introduced through the emission from the crack tip, their distribution is hard to 

be rearranged in low energy configurations (e.g. cells or low angle tilt boundaries)  [32], 

resulting in the lack of evolved structure.  

As already mentioned, most of the past researches put emphasis on the HELP model when 

attempting to explain the crack propagation behavior in hydrogenating environment, assuming 

that the fracture mechanism is essentially the same with that in inert environment, but just 

localized into crack tip zone [2,43,45,49]. That assumption has been thoroughly supported by 

some critical evidences which demonstrated that absorbed hydrogen enhances dislocation 

mobility, generation and multiplication thereby accelerating crack tip plasticity in in-situ TEM 

straining experiments [49–51]. However, if purely localized ductile fracture is a sole mechanism 

for all types of hydrogen-related fracture, there seems to be no reason for the crack to propagate 

selectively along some specific low index planes, e.g. {001}, {011}. All of our present results 

imply that the cohesion along those specific crystal planes becomes the weakest link under the 
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presence of hydrogen, and material suffers from premature separation with assistance by the 

above-noted reduction of screw dislocation mobility and resultant difficulty of plastic relaxation. 

This postulation can be also supported by the fact that cracking along {001} or {011} planes 

during severe hydrogen charging has been reported even without externally applied stress 

[21,22], although the reason for such selective fracture along those specific planes has not been 

fully understood in the present investigation as well as in past researches. 

 

5. Conclusions 

Gaseous hydrogen induced embrittlement in a pure Fe at room temperature during elasto-

plastic fracture toughness tests, which was manifested by brittle like fracture surface features and 

substantial change of deformation substructures around the crack tip zone as well as in crack 

wake. The key findings in the present investigation are summarized as follows:  

1. The crack propagated with absorbing much less energy, i.e. the crack growth resistance (J-

R) curves were degraded in hydrogen gas environments. However, even in such a case, the 

slope of J-R curves are positive in all environmental conditions, concluding that the cracks 

still grew in a stable manner in macroscopic view. 

2. The reduction of crack growth resistance was accompanied by quasi-cleavage fracture 

regardless of the hydrogen gas pressure. Additionally, crack-tips in specimens fractured in 

hydrogen gas were significantly sharp with minimal amount of blunting, while the crack in 

air heavily blunted and hardly propagated.  

3. The quasi-cleavage fracture surface in hydrogen gas was decorated with striation patterns 

perpendicular to the crack growth direction, i.e. crack-arrest markings, implying that the 
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cracks in hydrogen gas propagated intermittently during the loading steps. The spacings 

between these markings were larger at higher hydrogen pressure. 

4. EBSD analyses showed evolved deformation substructures around the crack tip in air due to 

the formation of deformation bands or other types of geometrically necessary boundaries 

with high misorientation angle. However, such crystal rotation was hardly detected in the 

case of the crack propagated in hydrogen gas. 

5. TEM observations revealed no evolved dislocation structures beneath the fracture surface 

formed in hydrogen gas, regardless of the crystallographic orientation of the fracture plane. 

Rather, it demonstrated random distribution of redundant dislocations as well as few 

dislocation walls with negligible misorientation angle. 

The findings suggest that the cracks in hydrogen propagated with less development of plasticity 

rather than localized plasticity even immediately close to the fracture path. This conclusion is 

consistent with our previous investigation regarding hydrogen-assisted fatigue crack growth in 

pure iron, which demonstrates that the intrinsic mechanism of crack propagation is same in both 

of cyclic and monotonic loading. 
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