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Abstract

This thesis explores various processing and materials aspects of an oxide solar
cell. A tandem structure consisting of a Silicon (Si) bottom cell, and a Cuprous
Oxide (Cu2O)/Zinc Oxide (ZnO) top cell is suggested, and several materials
challenges relevant for the design is addressed. Using Flash Lamp Annealing,
shallow p-type emitters are produced in Si by indiffusion of Boron (B) from a
surface source. The B diffusion is shown to be enhanced by a transient of Si
interstitials originating from the surface coating. The n++-side of a Si tunneling
junction is realized by sputter depositing highly Phosphorus (P) doped Si thin
films on quartz. The P activation and thin film conductivity are highest after
prolonged, high temperature annealing, and thin film roughness is significantly
reduced after a Reactive Ion Etch treatment of the quartz substrates. A rectify-
ing Cu2O/Si heterojunction is demonstrated, and most of its depletion layer is
located in Si showing that the acceptor concentration in the sputtered Cu2O is
significantly higher than 1.1×1017cm−3. Epitaxial growth of Cu2O is realized
on single crystal ZnO, and XRD measurements reveal that the Cu2O grows
in two separate [111]-oriented domains which are rotated 180◦ relative to each
other. Further, a thin, detrimental layer of CuO is evidenced by TEM at the in-
terface between the sputtered Cu2O and the ZnO single crystal. Homoepitaxial
sputter growth of ZnO is investigated in some detail, and the growth is found
to depend on sputter target power density, substrate polarity, and growth am-
bient. Specifically, c-axis growth is promoted when growing on the Zn-face of
ZnO, while slower, in-plane growth is promoted during O-face growth and dur-
ing growth in a Nitrogen ambient. Treating sputter grown Cu2O thin films by
Rapid Thermal Annealing is demonstrated by XRD, PL and Hall effect mea-
surements to be highly beneficial for the thin film structural quality. Finally,
two band gap defects in Cu2O are revealed using Temperature Dependent Hall
effect measurements, and the defect ionization energy values are found to be
dependent on sample strain.
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Chapter 1

Introduction

With the increasing demand for energy in the world and stricter restrictions
imposed on CO2 emissions, the need for clean renewable energy is greater than
ever. Photovoltaics (PV) has the potential to meet the projected world energy
demand [1], and has indeed stepped up to the task in recent years with an an-
nual market growth of 40 % between 2010 and 2016 [2]. However, if the solar
revolution is to persist, new technologies pushing the PV cell conversion effi-
ciencies up and driving the cost down must be developed. At the moment, the
Silicon (Si) solar cell is dominating the PV market [2] and will continue to do
so in the near future, and novel concepts arguably need to combine with the
traditional Si PV cell to have commercial viability. A natural combination is a
tandem cell where the Si solar cell acts as the bottom cell utilizing low energy
photons, while the top cell exploits the high energy photons. The structure
hence uses more of the available solar spectrum potentially championing the
conversion efficiency of the standard Si solar cell.

The oxide semiconductors Zinc Oxide (ZnO) and Cuprous Oxide (Cu2O)
have promising properties for a top cell in tandem with a Si bottom cell. They
both have wide band gaps (Eg ) making them transparent to light which can be
efficiently utilized by the Si solar cell. In fact, Cu2O has an Eg close to ideal
for a top cell material combined with a Si bottom cell [3]. Furthermore, both
ZnO and Cu2O are abundant materials [4] which are cheap to manufacture [5],
satisfying both the requirement of clean renewable energy and cost efficient fab-
rication. This thesis explores several aspects of a tandem architecture consisting
of a Si bottom cell and a Cu2O/ZnO top cell.

A new and promising method of preparing the emitter in Si through indif-
fusion of Boron (B) from a surface source by Flash Lamp Annealing (FLA) is
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described. The method produces emitters shallower than 140 nm, and the dif-
fusion of B is greatly enhanced compared to its equilibrium diffusion due to the
injection of a large number of Si interstitials from the B-rich surface coating.

To realize a tandem structure, a good Ohmic contact between the two cells
must be established, and the n-side of a Si tunnel contact is explored. Low re-
sistance thin films of highly Phosphorus (P) doped Si is realized by sputtering
and various annealing treatments. It is also found that treating the substrates
(quartz) with Reactive Ion Etch (RIE) before deposition considerably reduces
the surface roughness of the thin films without affecting their electrical proper-
ties.

Heteroepitaxy of Cu2O on ZnO is explored, revealing a thin interfacial
layer of Cupric Oxide (CuO) between bulk mono-crystalline ZnO and sput-
tered Cu2O; the layer relieves strain in the structure. Further, the Cu2O thin
film grows in two separate [111]-oriented domains which are rotated 180◦ with
respect to each other.

The electrical characteristics of the heterojunction between Cu2O and Si
(with a gold (Au) top electrode) is studied and seven orders of magnitude of
rectification is achieved between forward and reverse biasing. The Au/Cu2O/Si
system which preferably should behave as a normal pn structure, instead acts as
a single sided p+n junction where the Cu2O thin film has a significantly higher
fixed charge than what is evidenced from Hall effect measurements.

ZnO homoepitaxy by conventional magnetron sputtering is successfully
demonstrated and shown to depend on target power, processing atmosphere
and substrate polarity.

The improvement of Cu2O through post-growth Rapid Thermal Annealing
(RTA) is also reported. A defect study of the RTA treated thin films reveals
two distinct acceptor levels in the Eg of Cu2O and their ionization energies are
found to depend on thin film strain.

The thesis is organized as follows: Chapter 2 gives an overview of relevant
concepts and literature. Chapter 3 introduces the experimental methods uti-
lized in the work and Chapter 4 summarizes the scientific findings of the thesis.
Following some conclusions and suggestions of future work in Chapter 5, the
scientific publications are presented.
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Chapter 2

A tandem oxide solar cell

The overarching purpose of this work is to explore and develop materials and
techniques relevant for accomplishing a tandem oxide PV cell. Numerous PV
concepts exist in literature and in industry, but many of these are associated
with intrinsic problems. New, promising and emerging PV technologies such
as dye-sensitized [6] and perovskite [7] solar cells can boast conversion efficien-
cies above 10 and 20 % [8], respectively, but suffer from degradation over time
[9, 10]. Further, more established technologies such as CdTe [11], CIGS [12]
and GaAs/InP alloys [13] solar cells have high conversion efficiencies [8], but
are either expensive to produce or use materials which are toxic or scarce (or
both) [4, 14, 15]. Oxide PV cells on the other hand are chemically stable [5],
can be manufactured inexpensively [5], and the materials explored in this thesis
(ZnO and Cu2O) are both abundant and non-toxic [4, 16, 17]. Solar cells based
on Cu2O have achieved conversion efficiencies of around 8 % [18] and have a
theoretical efficiency limit around 20 % [19]. Because of its direct Eg of 2.17 eV,
intrinsic p-type conductivity and high absorption, Cu2O is a good candidate as
an absorber layer in a tandem architecture with a Si bottom cell and an oxide
top cell [20]. A potential tandem architecture is displayed in Fig. 2.1 where a
common crystalline Si (c-Si) bottom cell is combined with a Cu2O/ZnO top
cell. Cu2O acts as an absorber layer for photons with a higher energy than the
Eg of Si, ZnO functions as the n-terminal of the top cell providing efficient rec-
tification and carrier separation, while the bottom Si cell collects and converts
low energy photons. There are several critical design features of the structure
which need to be investigated and understood and this thesis explores a new
method of preparing the p-Si emitter, fabrication of the n++-Si tunnel layer,
epitaxial growth of the ZnO layer, enhancement of the i-Cu2O absorber layer,
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Figure 2.1: Band structure of a tandem architecture with a Si bottom cell and a
ZnO/Cu2O top cell.

and the structural and electrical characteristics of the Cu2O/Si and Cu2O/ZnO
heterojunctions.

2.1 Bottom Cell
In Fig. 2.1, the proposed bottom cell is a modified, standard c-Si solar cell, op-
timized for conversion of low energy photons. Si is an indirect semiconductor
with an Eg of 1.11 eV at 300 K [21], and has an outstanding minority carrier
diffusion length [22], superior passivating oxide or nitride [23], high carrier
mobility [24, 25], and can efficiently be doped both p-type and n-type. Si so-
lar cells have dominated the PV industry for decades [2], and the maturity of
fabrication technology and price reduction of Si wafers have outweighed the
disadvantages associated with power conversion in Si solar cells (e.g. non-ideal
Eg, poor absorption coefficient, high energy consumption in production) and is
hence the solar cell material of choice for most PVmanufacturers. Although the
Si solar cell is a very mature technology, there are still areas which are not suf-
ficiently understood or which can be improved. For instance are light-induced
degradation (LID), kerfless wafering and emitter blue response active areas of
research [26–29].
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Figure 2.2: The efficiency of a standard Si solar cell as a function of emitteer
depth and doping concentration. Two maxima at high doping/short emitter and
moderate doping/long emitter can be seen.

2.1.1 Shallow p-type Si emitters

Si solar cells suffer from having an indirect Eg forcing the Si thickness to be on
the order of 100s of µm to collect sufficient sunlight. As minority carriers are
photogenerated throughout the volume of the cell, the minority carrier diffu-
sion length, L, needs to be equal to or longer than the cell thickness. A long L
is hence an important requirement when preparing high efficiency solar cells. L
is highly dependent on the doping concentration of the material [22] leading to
the common design criteria of having a wide, lowly doped base where most pho-
togeneration occurs and a shallow, highly doped emitter for carrier collection.
With a highly doped emitter, the contact resistance between the emitter and the
front electrode is kept low, thus improving the series resistance of the cell. In ad-
dition, a high doping concentration in the emitter will improve the open circuit
voltage (Voc) since the Fermi level position (Ef ) in the emitter moves towards
the conduction/valence band edge (Ec/Ev ). As blue photons are absorbed close
to the surface of the Si, a shallow emitter will improve the blue response of a
solar cell since more of the blue photons can be absorbed in the lowly doped
base, where the carrier collection efficiency is higher. The efficiency of a stan-
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Figure 2.3: Shallow emitters realized by in-diffusion from a surface source of a
boron spin on diffusant through FLA and RTA (inset). The emitters fabricated
by FLA have a high B concentration and are below 200 nm in depth.

dard solar cell as a function of the emitter depth and doping concentration was
modelled using the Silvaco TCAD software [30], and the results are displayed in
Fig. 2.2. Two maxima for the efficiency can be seen. One maximum occurs at
moderate doping (mid 1019cm−3) and emitter depths of around 1 µm. For this
maximum, the diffusion length of the minority carriers is sufficient for them to
reach the pn-junction while the Voc is relatively high and the contact resistance
is low. A second and higher maximum can be seen at a doping >1020cm−3 and
emitters shallower than∼200 nm. In this case, because of the very shallow emit-
ter, the minority carrier diffusion length is still sufficient to reach the junction,
while Voc is high and the contact resistance is very low.

Different strategies have been employed to improve the blue response of the
cell. A common strategy in industry for fabricating emitters is through diffu-
sion from a gas source in a tube furnace [31,32], but this requires prolonged heat
treatments which deepens the emitter and reduces the blue response. Several
rapid heat treatment schemes such as RTA [29, 33, 34], Excimer Laser Anneal-
ing (ELA) [35, 36] and FLA [28, 37] have successfully been employed to realize
very shallow emitters with high doping concentrations. Perhaps the most effi-
cient of these is ELA where a high intensity laser melts a very thin layer (∼ 150

6
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Figure 2.4: The two designs of a tandem solar cell, (a) four terminal configuration
and, (b) two terminal configuration.

nm [38]) close to the surface greatly enhancing the diffusion of dopants produc-
ing a box like diffusion profile with very high dopant concentrations. However,
this technique requires expensive low energy ion implantation and suffers from
low throughput since the laser only heats the wafer locally. A higher through-
put strategy for fabricating shallow emitters is using RTA to heat up wafers
and in-diffusing dopants from a surface source [29, 33, 34]. This technology has
the advantage of being able to treat several wafer simultaneously in a matter of
seconds, but as seen in the inset of Fig. 2.3, the extension of the emitters are
slightly too large, while the maximum doping concentration is lower than the
ones leading to the highest maximum of Fig. 2.2. FLA combines both high
throughput (due to exposure of a whole wafer in one flash), high doping, and
shallow profiles. FLA can heat a wafer close to the melting point in a mat-
ter of ms, enhancing dopant diffusion and promoting a high incorporation of
dopants, but since the annealing duration is short, the diffusion is still limited
to below 200 nm as seen in Fig. 2.3. FLA is hence a promising alternative for
enhancing the blue response of Si solar cells by creating very shallow and highly
doped emitters.
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Figure 2.5: A schematic tunnel junction. The Ev and Ec of the two sides align
with each other allowing electrons and holes to tunnel through the depletion
region to the other side.

2.1.2 Tunneling contacts

Fabricating a tandem solar cell requires electrical contacts to the top cell and
bottom cell. Ideally, these two cells are contacted individually and the load on
each cell is controlled separately thus maximizing the power output of both cells
in a so-called four terminal configuration as shown in Fig. 2.4 (a). A four ter-
minal device, however, is complex to fabricate, and the alternative two terminal
configuration (Fig. 2.4 (b)) is a first natural choice when ralizing tandem solar
cells. In this configuration, the two cells are connected in series. The voltages
of the two cells are additive, while the current between the two cells needs to be
matched in order to avoid carrier loss at their contact point. A tunnel junction
is a possible way for achieving such a series connection. In the case of Fig. 2.1,
the tunnel junction is between an n++ layer and p++ layer of Si. The Ec and
Ev of the n++ and p++ layer will align and an electron (or hole) can move from
the n++ side to the p++ side (or vice versa) without changing its energy (cf. Fig.
2.5). A forward bias over the junction would even provide a driving force for
charge carriers to pass from one side to the other since they may reduce their
energy by tunneling. The tunneling charge carrier, however, will need to sur-
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pass a barrier determined by the pn junction’s depletion region width [39]. The
depletion region width, W, is given by

W =

[
2εkBT

q2
ln
NaNd

n2
i

(
1

Na

+
1

Nd

)]
(2.1)

where ε is the permittivity of the material, kB is Boltzmanns constant, T is
the absolute temperature, q is the elementary charge, Na is the acceptor con-
centration on the p-side, Nd is the donor concentration on the n-side and ni
is the intrinsic carrier density of the material. Hence, W is dependent on the
doping concentration on both sides of the junction, and by doping both sides
heavily, the narrowing of W reduces the tunneling barrier and effectively in-
creases the tunneling current over the junction. To achieve a good tunneling
contact, the doping needs to be high, but the junction must also be abrupt. An
abrupt, highly doped junction is possible through depositing heavily doped thin
film poly-Si by e.g. magnetron sputtering. Conventional magnetron sputtering
has previously yielded n-type, Si thin films with P doping concentrations of
6.5×1017cm−3 [40], but higher values have been achieved by using pulsed DC
sputtering [41]. Obtaining high mobility, crystalline thin films usually requires
a post-deposition crystallization step after sputter deposition, and because of the
high crystallization activation energy of amorphous Si (3.2 eV [42]), elevated
annealing temperatures are beneficial [40, 43].

2.2 Top Cell
The top cell in the tandem structure of Fig. 2.1, requires excellent optical, elec-
trical and structural properties. Several materials aspects need to be addressed
for realizing an efficient oxide top cell. For sufficient light to pass to the Si
bottom cell, the sub-Eg transparency of the top cell materials must be high;
the presence of electrically active defects in either top cell material affects the
carrier transport properties and may significantly limit the short circuit cur-
rent of the top cell; crystal imperfections may lead to carrier trapping, poor
transparency or reduced rectification. Further, because of the intrinsic p-type
conductivity of Cu2O, homojunctions of Cu2O are challenging to obtain, and
a so-called electron-selective contact (ESC) is necessary to achieve rectification,
i.e. realizing a tandem solar cell utilizing Cu2O requires the use of heterojunc-
tions. Unlike homojunctions, the two sides of such a heterojunction usually
have different Egs, electron affinities (χ) and lattice constants, and to fabricate
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Figure 2.6: Band structure of a heterojunction between n-Si and i-Cu2O/p-
Cu2O.

a good heterojunction, care must be taken to find materials where these prop-
erties fit the purpose. In general, a poor lattice constant match between the
two sides will lead to a high concentration of electrically active defects at the
junction, since atoms with dangling bonds can give rise to energy levels in the
Eg [44, 45], and strain in either material may lead to dislocations which trap
charge carriers [46, 47].

Other properties important for a good heterojunction is the Egs, doping
and χ which all affect the magnitude of the contact potential (which in turn
determines the magnitude of the Voc of a solar cell). In addition, the Egs of the
two sides dictate which wavelength of light is absorbed by the cell. Since the
light intensity of different wavelengths varies over the solar spectrum, the Egs
effectively determine the photogenerated current across the junction (which in
turn governs the short circuit current of the solar cell). Hence, the choice of
materials of a heterojunction is decisive for the performance of the junction.
Fulfilling all the material requirements for an optimal heterojunction, however,
is rarely possible, and normally the material choice of a heterojunction is a
compromise between the material properties listed above (and several others
such as bulk properties, toxicity, abundance, availability at the fabrication lab
etc.).
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2.2.1 Cu2O/Si heterojunction

An alternative to the tandem design of Fig. 2.1 is replacing the ZnO n-side of
the heterojunction with n-type Si (n-Si) as seen in Fig. 2.6. The benefits of this
configuration is the ease of fabrication with only two materials in the tandem
cell, the improved carrier transport between the top and bottom cell, and better
work function match. By employing Si as the n-side in the top cell, however,
challenges arise in allowing enough low wavelength light to the bottom c-Si cell,
but these can partially be solved by keeping the Si of the top cell sufficiently
thin. Since Si has an indirect Eg, a thin layer will transmit a significant amount
of the light.

By using p-type Si (where both sides of the junction are p-type), the Cu2O/Si
heterojunction has previously been shown to be rectifying [48,49], and this was
explained by a current provided by interface states [49]. Further, the hetero-
junction capacitance-voltage (CV) characteristics were modelled satisfactorily
by a metal-semiconductor junction. Cu2O/n-Si heterojunction rectification (al-
beit low) has also been demonstrated [50], but also in this case, the interface
was defect-rich due to the large lattice mismatch causing a high concentration
of dangling bonds. In fact, an XRD and TEM study of the Cu2O/Si interface
showed that a thin layer of amorphous Silicon Dioxide (SiO2) existed between
Si and Cu2O mediating the growth of Cu2O on Si by relieving strain in the
structure [51]. The thin interfacial layer found in Ref. 51 could explain the
high concentration of defects which is found in Refs. 48–50 for the Cu2O/Si
heterojunction.

2.2.2 Cu2O/ZnO heterojunction

The disadvantage of using Si as the n-side of the top cell of the tandem structure
of Fig. 2.1 (i.e. its absorbance of low energy photons) can be avoided by using
ZnO which has a much larger Eg. Manufacturing a purely oxide based top cell
is also beneficial for the reasons already mentioned in the introduction of this
chapter. As with Si, there are challenges with the Cu2O/ZnO junction. For in-
stance, ZnO has a hexagonal lattice while Cu2O crystallizes in a cubic structure.
Although this yields incommensurate unit cells, the Cu2O (111) plane has a pe-
riodic lattice coincidence with the (0002) lattice of ZnO. The mismatch between
the (111) Cu2O and (0002) ZnO lattice planes, however, is 7.6 %, making direct
epitaxy of Cu2O on ZnO challenging. Previously, an interfacial layer of Cu has
been observed between Cu2O and ZnO [52], presumably due to the large lattice
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mismatch between Cu2O and ZnO. After sufficient strain relief was provided
by the intermediate metallic layer, ZnO resumed its (0002) textured growth and
the system displayed an epitaxial relationship of (111)Cu2O||(0002)ZnO. Cu
or CuO interfacial layers significantly reduce the Voc [53] emphasizing the im-
portance of interface control during the heterojunction preparation. On the
other hand, if an interfacial layer is avoided, the large lattice mismatch between
Cu2O and ZnO will most likely give rise to interfacial defect states acting as re-
combination centers, and it has been theorized whether this is the cause of the
poor IV characteristics of Cu2O/ZnO heterojunctions and solar cells [54–56].

Rectification by the Cu2O/ZnO heterojunction has been demonstrated on
several occasions [54–58], and a solar cell with a conversion efficiency of around
4 % has been realized [59]. The solar cell displayed a Voc of 0.69 V demonstrat-
ing the feasibility of preparing a defect reduced and stoichiometric Cu2O/ZnO
heterojunction.

2.2.3 Epitaxy of ZnO

ZnO is commonly utilized as an ESC in combination with Cu2O due to its
intrinsic n-type character [60], direct Eg, earth-abundacy [4], non-toxicity [16],
high carrier mobility [61], and ease of fabrication. As evidenced in the pre-
vious section, both the defect properties of Cu2O and the structural integrity
of the Cu2O/ZnO interface is of vital importance for good rectification, and
controlling and understanding the growth and defect properties of the materi-
als is hence crucial to realizing an efficient oxide solar cell. Epitaxial growth of
oxide thin films simplifies the interpretation of material properties and can give
further insight to the limiting factors of the solar cell conversion efficiencies,
potentially enhancing thin film solar cell performance.

Epitaxial sputter deposition of ZnO requires careful control over a range of
sputtering parameters. Kim et al. showed that an increased target power during
deposition degraded the structural characteristics of a heteroepitaxial, sputter
grown ZnO thin film on sapphire, while it improved the photoluminesence
properties [62]. A higher deposition temperature was seen to have an advan-
tageous effect on both the structural and optical characteristics. Other authors
have also highlighted the importance of deposition temperature when prepar-
ing heteroepitaxial ZnO thin films [63, 64]. Both temperature and sputtering
power affect the adatom surface mobility (cf. Sec. 3.1), and a high surface mo-
bility promotes an unstrained epitaxy leading to high quality thin films. As in
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heteroepitaxy, the temperature and sputtering power have a great influence on
homoepitaxial sputter grown thin films [65].

Similarly to the sputtering power, the processing pressure also affects the
adatom surface mobility (cf. Sec. 3.1) and consequently the thin film proper-
ties [66]. Further, in the case of heteroepitaxy, growing epitaxial ZnO films on
foreign substrates inevitably leads to interfacial strain, and achieving high qual-
ity heteroepitaxy requires alleviation of the intrinsic lattice mismatch between
the substrate and the thin film. If the epilayer is grown directly on the substrate,
this can be obtained through Domain Matching Epitaxy (DME) [66–68], but
buffer layers have also been successfully employed to produce excellent ZnO
epilayers [68–70].

The superior quality of hetero- and homoepitaxial thin films compared to
polycrystalline ones enables advanced characterization of the epilayers and the
improved properties of the thin films can reveal elusive information on defect
properties [71], carrier scattering mechanisms [66, 72], carrier generation [73]
and recombination mechanisms [74].

2.2.4 High quality sputter deposited Cu2O

Preparing the top cell Cu2O absorber layer of Fig. 2.1 can be a challening task,
since Cu2O is highly sensitive to its preparation and post deposition processing
conditions. For instance, at low oxygen partial pressure (pO2 ) and high temper-
ature, Cu will tend to form; at high pO2 and low temperature CuO is the stable
phase of CuxO (cf. Fig. 2.7). At ambient temperature and pressure, CuO is
the stable phase. In fact, Cu2O is only stable at moderate pO2 and temperatures,
requiring careful control over deposition and post-deposition parameters. Fur-
ther, the electrical properties of Cu2O, are sensitive to whether the material is
O-rich or Cu-rich, putting additional constraints on the processing parameters.

Despite being a low-cost and large-area technique, sputtering is a deposi-
tion method with close control of the relevant parameters for thin film Cu2O
growth. The plasma power can be tuned to vary the sputtering rate and energy
deposited in the growing thin film; the partial pressure of oxygen can be changed
to tune the phase and orientation of CuxO, and even control whether the film
is Cu-rich or O-rich [76–78]; the substrate temperature controls the atom mo-
bility and hence the crystal quality of the film [78]. Gan et al. investigated the
effect of changing plasma power on the structural, optical and electrical prop-
erties of CuxO thin films, finding that the highest deposition power of 190 W
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Figure 2.7: The phase diagram of the Cu-O system as a function of temperature
and oxygen partial pressure. After Ref. 75.

produced superior thin films [79]. Depositions with different oxygen partial
pressures in the sputtering chamber revealed that up to an O2 flow ratio of 9 %,
the amount of Cu2O in the thin films increased. An O2 flow of above 14 %,
on the other hand, decreased the Cu2O and increased the CuO content of the
thin films [79]. This sensitivity of Cu2O towards pO2 is exemplified by Li et al.
where an oxygen ratio change from 2.9 % to 3.1 % led to an order of magnitude
increase in carrier density [76].

Post-deposition heat treatment is an effective method for improving the crys-
tal quality and electrical characteristics of Cu2O. Annealing Cu2O thin films
leads to an increase in surface grain size, crystallinity, and hole mobility [80–83].
Most of these reports, however, only consider the effect of varying annealing
temperature, and do not report on the thin film quality (and phase) depen-
dency on pO2 . For instance, post-deposition in elevated pO2 [82] and in air [84]
leads to a change of phase from Cu2O to CuO with a detrimental effect on the
mobility of the samples.
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Figure 2.8: The electrical conductivity of Cu2O as a function of chemical N
concentration as reported by Benz et al. [85]. The inset shows a fit of Eq. 2.2 to
the acceptor ionization energies found in the study.

2.2.5 Defects in Cu2O

The presence of defects in a material can be both beneficial and adverse to device
performance. On the one hand, carrier generating defects with states situated
close to the band edges lead to improved conductivity. On the other hand,
defects deep in the Eg can trap carriers leading to high recombination rates (and
low carrier lifetime), reduced carrier concentration and low mobility.

Cu2O has a rich defect fauna and acceptor and donor levels have been re-
ported at 0.08-1.08 eV above Ev [85–96]. There seems to exist a general cons-
esus that the Cu vacancy (vCu) is the dominant acceptor giving rise to the
intrinsic p-type conduction in Cu2O [97–100], but experimentally the exact
position of the defect level is disputed [88–90, 92, 101], although most reports
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place its level around 0.25 eV above Ev. The defect is also predicted to have
two different configurations giving rise to an additional defect level in the Eg
[97–99, 102, 103]. Further, shallower levels have been ascribed to extrinsic de-
fects [85, 101, 104–106].

The large spread in reported energy level values for the major acceptor has
been explained by a range of trap states close to Ev with their concentrations
and energy positions sensitive to the deposition and post-deposition treatment
[93]. However, the hypothesis has not been verified by other authors and is
not widely adopted in the field. An alternative explanation of the acceptor level
variation has recently been put forward by Benz et al. [85]. They report on N
doped Cu2O and find that the acceptor ionization energy, Ea, depends on the
chemical concentration of N, [N], as

Ea([N ]) = Ea,0 − α′[N ]1/3 (2.2)

where Ea,0 is the ionization energy at high dilution and α′ is an empirical pa-
rameter. The model explains the reduction in ionization energy as an increasing
charge interaction between charge carriers and dopant ions when the distance
between the dopants decreases [107, 108]. A good agreement is obtained when
fitting Eq. 2.2 to the experimental data (cf. Fig. 2.8), and Eq. 2.2 can account
for the variation in conductivity and Ea with [N].
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Chapter 3

Experimental methods

The work described in this thesis is mainly experimental, and hence, quite a few
experimental techniques have been utilized. Magnetron sputtering was used for
deposition in almost all the reports of the thesis, X-ray Diffraction was the char-
acterization technique of choice for extracting structural information, and Hall
effect measurements were utilized to extract electrical information. These are
described in some detail in the following. Apart from these three main exper-
imental techniques, were also Atomic Force Microscopy (AFM), different heat
treatments, Photoluminescence (PL) spectroscopy, Secondary Ion Mass Spec-
trometry (SIMS) and Rutherford Backscattering Spectrometry (RBS) exploited
to a large degree to reach the results of this thesis, and a brief overview of these
techniques are presented.

3.1 Magnetron sputtering
Sputtering relies on the ejection of material from a target by accelerated ions,
and is a widely used technique for depositing thin films. A plasma of positive
ions (normally Ar+) is accelerated towards the negatively biased target (cath-
ode), and the positive ions strike the target surface ejecting target material (ions,
atoms, molecules). The energy of Ar+-ions hitting the cathode is determined
by the voltage (V) applied to the cathode, while the amount of ejected material
is dependent on the discharge current (I). In most sputtering systems, these two
parameters are jointly controlled by the discharge power (P = V I ). The ejected
target species have momentum directed away from the target, travel through
the plasma, and are deposited on the substrate (anode). On the way through
the chamber, the target species experience collisions with the processing gas and
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Figure 3.1: Different scenarios which can occur when an ion impinges on a solid
material. a) On the left, an ion with an intermediate energy creates a sputtering
event. b) In the middle, a low energy ion is reflected off the surface picking up
a neutralizing electron and releasing a secondary electron from the material in
the process. c) On the right, a high energy ion is implanted into the material
damaging the lattice.

lose part of their momentum, and their energy when arriving at the substrate
is hence correlated to both the discharge voltage and the processing pressure in
the chamber [109–114]. The target species, mainly in the form of atoms and
diatoms [115], arriving at the substrate, spend part of their energy adhering to
the substrate as adatoms while their excess energy is manifested as adatom mo-
bility. A high adatom mobility is beneficial for growing a dense thin film since
the adatoms then have a higher probability of finding energetic minima on the
substrate surface [116].

3.1.1 Ion bombardment and plasma characteristics

When a negative voltage is established at the cathode, positive ions from the
plasma are accelerated towards the target. If the ions strike the surface of the
target with an energy between 30-1000 eV, several large angle collisions occur
just below the surface eventually leading to a collision with a surface atomwhich
is then ejected from the target with a velocity component normal to the target
surface, cf. Fig 3.1a); impinging ions with too low energies reflect off or adsorb
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to the target surface, Fig. 3.1b); while a too high energy leads to implantation,
Fig. 3.1c) [115]. The impact of the ion collision also releases secondary elec-
trons from the target; these are accelerated away from the substrate and ionize
additional ions in the plasma, and hence the plasma is self-sustained as long as
sputtering occurs. If the target is isolating, however, electrons are not replen-
ished to the surface of the target, fewer secondary electrons are emitted and
plasma atoms are not ionized, in turn extinguishing the plasma. Thus, to sus-
tain the plasma in the case of isolating substrates, the plasma is excited by an RF
signal. The ions in the plasma have a too large inertia to follow the excitation,
but the electrons, having a low mass, will be oscillated at the RF frequency be-
tween the anode and cathode ionizing atoms in the process and thus sustaining
the plasma. Both the cathode and the anode will be negatively charged by this
process, but by giving the anode a large area (typically the entire chamber func-
tions as the anode) there will be a voltage drop over the plasma accelerating the
plasma ions towards the cathode.

In a typical plasma, charged particles may make up only 0.001 % of the to-
tal plasma particles [115], and increasing this concentration is beneficial to the
sputtering process. A high ion concentration increases the energetic ion flux to
the target giving a higher sputtering rate. Further, by increasing the ion con-
centration the gas pressure inside the chamber may be reduced, leading to fewer
collisions between sputtered atoms and gas atoms and thus increasing the im-
pinging energy of the target species at the substrate. A common method for
increasing the ion concentration in a plasma is by use of permanent magnets be-
low the cathode in a sputtering mode termed magnetron sputtering. Magnetic
field lines induce a helical motion of the electrons close to the cathode increas-
ing their path length yielding more collisions between gas atoms and electrons,
hence leading to a higher ionization degree in the plasma.

3.1.2 Nucleation

A growing thin film goes through several different processes during sputter de-
position. Initially, when the target species arrive at the clean substrate, the
atoms may adsorb to or reflect off the surface. An atom adsorbing to the sur-
face (adatom) feels attraction to the surface by van der Waals forces [117]. This
attraction is relatively weak (0.01-0.1 eV) [117] allowing the adatom to migrate
on the surface and even desorb. If the adatom does not desorb, however, it will
eventually change its binding from the weak van der Waals bond to a strong
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Figure 3.2: The three growth modes described in the text. a) Layer by layer
growth, b) island growth, and c) layer by layer + island growth.

chemical bond with a binding energy of 1-10 eV [118] in a process termed
chemisorption. Because of the high binding energy, the adatom will at this
point be incorporated into the growing film and the probability of desorption
of the chemisorbed atom is low (unless the substrate temperature is very high).

After the initial impingement and adsorption, the deposited atoms migrate
on the surface and bind to other atoms to create clusters. If the cluster is larger
than a critical size it is stable and continues to incorporate impinging adatoms.
If the cluster is smaller than the critical size, however, it is unstable and will
spontaneously decompose. The critical size of the cluster is determined through
a competition between its surface free energy, γ, (energy cost in creating a sur-
face) and the energy gain associated with the creation of a stable nucleus, ∆Gv.
The total change in free energy, ∆Gtot, is determined by

∆Gtot = 4πr2γ − 4

3
πr3∆Gv (3.1)

where r is the size of the nucleus. When ∂∆Gtot

∂r
= 0, the nucleus reaches its crit-

ical size r* and continues to grow. The ∆Gtot value when ∂∆Gtot

∂r
= 0 (∆G*tot)

determines the growth mode of the thin film. If ∆G*tot is less than zero, there
is no barrier for nucleation and the film grows layer by layer (Frank-van der
Merwe growth). Conversely, if ∆G*tot is positive, there is energy cost asso-
ciated with increasing the area between the substrate and the nucleus, and the
incoming adatoms rather seek to increase the nucleus to air area hence dewet-
ting the surface. This leads to island growth (Volmer-Weber growth). A third
growth mode termed Stranski-Krastanov may occur if ∆G*tot changes during
growth (e.g. by change in film stress). Initially, the film grows layer by layer,
but if ∆G*tot is increasing, the film will after a while start to develop island
growth. All three growth modes are visualized in Fig. 3.2. Note that these
models assume thermodynamic equilibrium, but in a real growth scenario there
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Figure 3.3: Structural zone model as proposed by Thornton [116].

will be several limiting kinetic factors, e.g. the embedding of adatoms by incom-
ing target species before they chemisorb to a surface or cluster, lack of energy to
dissociate diatoms arriving at the surface, or presence of foreign species on the
surface.

3.1.3 Thin film growth

For Frank-van der Merwe growth, the crystal growth after the initial nucleation
proceeds by adding additional layers to the crystal. In the case of Volmer-Weber
growth (and Stranski-Krastanov after island growth has been established), the
growth proceeds by the enlargement of existing islands. When the islands touch,
the thin film covers the surface and further growth depends on the surface mo-
bility (and bulk mobility) of adatoms (and bulk atoms). A structure zone
model describing the morphology of the thin film as a function of the pro-
cess pressure and the deposition temperature has been detailed in several re-
ports [116, 119–121]. Thornton divides the growth into four different zones
(cf. Fig. 3.3) [116]. In zone 1, at high pressures and low temperatures, adatoms
have a low surface mobility, are not able to migrate on the surface, and their fi-
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nal position is determined by their impinging location resulting in a voided and
amorphous-like structure. In zone T, at low pressures and temperatures (or in-
termediate temperatures), the adatoms have a high enough mobility to migrate
on the grain (island) but not between grains. Voids are filled and the thin film
develops fibrous grains which do not necessarily extend through the whole film.
Further increasing the temperature (zone 2) gives the adatoms enough mobility
to migrate between grains. The thin film restructures during growth leading
to large columnar grains of the same orientation extending from the substrate
to the surface. At very high substrate temperatures (zone 3), both the surface
diffusion and bulk diffusion is high enough for significant re-structurative grain
growth resulting in large grains which do not necessarily extend through the
whole thin film or have a preferential orientation.

3.2 X-ray Diffraction

Insight in the crystal quality and structure of a material is of crucial importance
for designing and synthesizing materials for applications, and X-Ray Diffraction
(XRD) is a versatile and powerful tool in this context. X-rays incident on a ma-
terial interact with the matrix atoms in different ways. The x-rays may ionize
an atom (photoelectric effect); they may inelastically scatter off the atoms trans-
ferring part of their energy to the electrons of the atom (Compton scattering);
or they may elastically scatter off the atoms by exciting the electron cloud to
oscillate at the same frequency as the incoming photons, subsequently induc-
ing the electrons to emit photons with the same energy as the incoming x-rays
(Thomson scattering). In XRD, the latter scattering mechanism is exploited.

It is useful to consider the Thomson scattering mechanism by regarding an
incoming x-ray as a wave with a wave vectorK0. The wave is elastically scattered
by atoms in the material, and the outgoing wave has a wave vectorK. The vector
difference between these two wave vectors is the scattering vector Q=K-K0, as
seen in Fig. 3.4. Only a fraction of the incoming wave interacts with each atom,
and this scattered wave fraction may interfere constructively or destructively
with other scattered wave fractions. If the material is crystalline, atoms are
arranged in crystal planes and in the case of a cubic lattice, the criterion for
constructive interference of the scattered waves is given by the Laue equations
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Figure 3.4: An illustration of the scattering vector Q defined as the vector cif-
ference between the incoming wave vector K0 and the outgoing, scattered wave
vector K.

aQa1 =2πh

aQa2 =2πk (3.2)
aQa3 =2πl

where a is the lattice constant of the cubic lattice, a1, a2, a3 are the unit vectors
of the cubic unit cell and h, k and l are the Miller indices of the reflecting crystal
planes. The absolute value of the sum of the three contributions to Q gives the
magnitude of the scattering vector:

|Q|
2π

=

√
h2 + k2 + l2

a
(3.3)

The absolute value of Q is also equal to 4π
λ

sin θ (cf. Fig. 3.4) and the equation
simplifies to

2
a√

h2 + k2 + l2
sin θ = λ (3.4)
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Figure 3.5: An illustration of a θ/2θ scan. The x-ray source and the detector
are locked together keeping the incoming and outgoing angle the same. In-plane
rotation is described by φ

dhkl = a√
h2+k2+l2

is the distance between two adjacent planes of Miller index
(hkl), reducing Eq. 3.4 to Bragg’s equation

2dhkl sin θB = λ (3.5)

with the subscript on θB signifying that the scattering angle is the Bragg angle
where the outgoing wave has maxiumum intensity. The Bragg equation de-
scribes the relation between the wavelength of the probing x-rays, the distance
between lattice planes and the angle of the incoming radiation. It states that
the outgoing waves interfere constructively if the difference in pathlength for
two waves scattering off separate crystal planes is an integer multiple of their
wavelength.

3.2.1 Modes of operation

Several different modes of operation are used in XRD. A common way to iden-
tify the investigated material, the phase, the strain and the crystallinity is by
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using the θ/2θ scan. In this mode, the incoming beam angle and the outgoing
angle are kept the same relative to the sample surface, and the incoming beam
(and the detector recording the outgoing beam) is scanned from a low starting
angle to a high end angle, as seen in Fig. 3.5. Referring to Eq. 3.5, scanning
across angles is identical to scanning over lattice spacings in the sample, and
since most materials have unique lattice dimensions, crystal reflections found in
θ/2θ scans act as a fingerprint pattern for a specific material and crystal phase.
Beacuse of the geometry of the measurement, however, a θ/2θ scan can only de-
tect lattice planes which are perpendicular to the scattering vectorQ, i.e. lattice
planes parallel with the sample surface. This is a useful trait of the scan since it
reveals whether the material has a preferential orientation (texturization). Fur-
ther, by analyzing the peaks of the spectrum, the crystallinity and strain of a
sample may be extracted. A peak displaced from its relaxed, unstrained position
indicates strain in the sample. The intensity of a given reflection is dependent
on the number of lattice planes which contribute to the reflection, and a high
intensity indicates a highly crystalline sample (comparing samples, however, re-
quires knowledge on the thickness of the samples since a thick sample yields a
more intense reflection than a thin one although their crystallinity may be iden-
tical). A more robust method for determining crystallinity is by looking at the
full width at half maximum (FWHM) of the reflection. An wide peak indicates
a large spread in the lattice spacing stemming from dislocations, microstrain,
grain boundaries or small crystallite sizes, i.e. the crystallinity of the material.

Dislocations in a material may also be detected by a separate mode of opera-
tion termed rocking curve measurements or ω scans. In this mode, the detector
is kept stationary at a Bragg reflection while the incoming beam is scanned
across the Bragg angle. This tilts the scattering vector and the set up allows de-
tection of lattice planes which are not completely perpendicular to the sample
surface. Dislocations lead to variations in the lattice spacing (which lead to a
widening of the θ/2θ peaks), but also to variations in the orientation of the
lattice planes, and a high number of dislocations yields a large spread in lattice
plane orientation leading to a widening of the rocking curve peak.

A given crystal plane has a certain symmetry, and if this symmetry is rota-
tional, the in-plane rotation of the sample (illustrated in Fig. 3.5 as φ, which
rotates the sample plane around Q) determines whether the crystal plane can
be detected. Consider a cubic unit cell as seen in Fig. 3.6, where the {111} plane
has four different equivalent planes. Obtaining a Bragg reflection from either of
these planes requires careful alignment of the scattering vector (through chang-
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Figure 3.6: The four equivalent {111} planes in a simple cubic unit cell.

ing the detector and source angles) and the rotational angle, φ. A φ scan fixes
the source and detector to a specific Bragg reflection (e.g. the (111) reflection in
a cubic system) and rotates the sample about its center. The intensity of the re-
flection will reach a maximum when each of the rotationally equivalent planes
align to the beam (in Fig. 3.6, four maxima will be recorded by rotating the
sample 360◦), revealing the rotational symmetry of the investigated plane.

3.2.2 Reciprocal Space Mapping

A useful representation of the lattice planes in a crystal is by considering them
in reciprocal space. Lattice planes reduce to points in reciprocal space. Fig. 3.7
shows the reciprocal space of a cubic lattice, with how a rocking curve (ω scan),
detector (2θ scan), 2θ-ω, and θ/2θ scan traces the reciprocal space. A θ/2θ scan
traces a straight line from the origin, and a peak in this scan is hence only a slice
of a reciprocal point along the h-direction. Such a peak will reveal information
on strain, dislocations and limited grain size in the [100] direction of the crystal,
but does not reveal this information in any of the other directions. A reciprocal
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Figure 3.7: Part of the reciprocal space of a simple cubic system seen in the
plane spanned by the [100] and [010] direction. The traces in reciprocal space of
different XRD scans (ω, 2θ, 2θ-ω, and θ/2θ scans) are represented schematically.

space map maps an entire peak in reciprocal space by a series of rocking curve,
detector, or 2θ-ω scans over a reciprocal point. A reciprocal space map may
hence reveal strain, dislocations and limited grain sizes in any of the directions
of the reciprocal plane shown in Fig. 3.7 (or indeed any other directions in
reciprocal space).

3.3 Hall effect measurements

Measuring the conductivity and carrier concentration (and deducing mobility)
in a material is possible through Hall effect measurements. A moving charge
carrier subjected to a transverse magnetic field is deflected perpendicularly to
both the magnetic field and its instantaneuos velocity. Hence, by passing cur-
rent through a sample and applying a magnetic field, a large number of charge
carriers are deflected, charge is accumulated and an electric field builds up per-
pendicular to the current flow. This field counteracts the force on the charge
carriers from the magnetic field, and when equilibrium has been established,
the electric field, Ey, is equal to
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Ey = vxBz (3.6)

where vx and Bz is the average velocity of the charge carriers and the applied
magnetic field, respectively. The average velocity of the charge carriers can be
written vx = Jx

qn(p)
, where Jx is the current density, q the charge of the carrier and

n(p) is the concentration of electrons (holes). Combining these two equations
yields

Ey =
Jx

qn(p)
Bz = RHJxBz. (3.7)

RH ≡ 1
qn(p)

is the Hall coefficient, and since Jx and Bz are known, RH can be
determined through measuring the built up electric field. RH contains informa-
tion of both the concentration of charge carriers and their polarity.

Four point measurements give the conductivity, σ, of the material and with
knowledge of both the carrier concentration and the conductivity, the mobility,
µ, of the carriers can be deduced through

µ =
σ

qn(p)
. (3.8)

3.3.1 False polarity

Accurate determination of Ey requires the carrier mobility to be sufficiently
high. A low mobility reduces vx (through the relation vx = µEx; in this case
the electric field is along the direction of travel of the charge carriers and not to
be confused with the magnetically induced field, Ey ) and through Eq. 3.6 also
the transverse electric field, Ey, making it challenging to extract a meaningful
carrier concentration. In Fig. 3.8, this challenge is illustrated. The transverse
voltages of two symmetric Cu2O samples with photolithography defined con-
tacts are tracked as the samples are subjected to a perpendicular magnetic field
cycled between -10 kG and +10 kG. The temperature is kept constant. For
the sample represented by the red line, the mobility is sufficiently high, and the
transverse voltage follows the magnetic field as expected from Eq. 3.6. The sam-
ple represented by the black line, however, has a low mobility and its transverse
voltage is noisy and does not follow the magnetic excitation. A carrier concen-
tration extracted from this sample will not represent the actual concentration
of the sample, but will rather be an arbitrary number determined by the noise
level of the transverse voltage. Similarly, the polarity of the majority charge
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Figure 3.8: Transverse voltage of two Cu2O samples (black and red lines) sub-
jected to a perpendicular magnetic field (blue line). The transverse voltage of the
sample represented by the red line follows the magnetic field, while the transverse
voltage of the sample represented by the black line does not. In the latter case,
determination of the carrier concentration and carrier polarity is not possible.

carriers in the sample is determined by the sign of Ey, and if this is an arbitrary
number (which can be both positive or negative), measurements of low mo-
bility materials may show false polarities. Hence, reports based on Hall effect
measurements of low mobility n-type or p-type materials [122–125] (typically
below 1 cm2/Vs) should be treated with skepticism.

3.3.2 Temperature dependent Hall effect measurements

The carrier scattering mechanisms and the energy position of defect levels in
the Eg of a semiconductor can be obtained by recording the carrier concentra-
tion and mobility as a function of temperature. The mobility of a material is
limited by several different carrier scattering mechanisms, and each one has a
specific temperature dependency [126]. Hence, by simulating the temperature
dependency of the mobility, the carrier scattering mechanisms are attainable.

The temperature dependency of the carrier concentration in a non-degenerate
semiconductor may be dominated by excitations across the Eg or by the ioniza-
tion of defects with energy levels in the Eg [39]. In the case of defect ionization,
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a carrier occupying a defect level in the Eg may be excited into the conduction
or valence band. With more energy available in the material, more carriers will
be excited and thus with increasing temperature, the concentration of excited
carriers increases. This thermally induced increase in carrier concentration has
an Arrhenius type temperature dependency, with the ionization energy of the
defect level as the activation energy of the reaction. This relation can be de-
duced by considering the neutrality condition in a semiconductor in the case
of a p-type semiconductor (the same equations hold for an n-type semiconduc-
tor) [127]:

p+ pa = Na −Nd (3.9)

where pa is the concentration of holes bound to an acceptor, Na is the total
concentration of acceptors andNd is the concentration of compensating donors.
Combining this equation with the relations

p = Nve
−

Ef−Ev

kBT (3.10)

and

pa =
Na

1 + βe
Ef−Ea

kBT

(3.11)

yields the following expression

p2 + p(Nd +N ′v)− (Na −Nd)N
′
v = 0. (3.12)

In the equations above, Nv is the effective density of states in the valence band,
Ea is the acceptor energy level position, β is a factor describing the degeneracy
of the acceptor level and N′v is defined as

N ′v = βNve
−Ea−Ev

kT . (3.13)

Solving Eq. 3.12 for p gives the temperature dependency of the holes in the
semiconductor, and by fitting the equation to experimental data, Na, Nd, and
the energy position of the acceptor level in the Eg, Ea-Ev, can be extracted.
Accurate determination of Na and Nd, however, requires the acceptor level to
reach full ionization and this normally requires elevated temperatures. If full
ionization can not be achieved, only the energy position of the acceptor level,
Ea-Ev, and the ratio between the compensating donor and the acceptor, Nd

Na
are
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attainable.
An alternative approach for simulating the temperature dependency of the

carrier density is to regard the defects as carrier traps. A trap has a certain
probability of emitting a charge carrier and of capturing a charge carrier. These
charge-altering processes can be described by the rate equation of the trap, and
in steady-state conditions, the trap occupancy is constant and all charge-altering
processes are in balance. For a single charge, acceptor-like trap [128]

eNa→v[1− fNa(E)]− eNa→cfNa(E)− p̄v→NafNa(E) + n̄c→Na [1− fNa(E)] = 0

(3.14)
describes the steady-state conditions of the ionized state of the trap, where
eNa→v is the emission rate of holes to the valence band, eNa→c is the emission rate
of electrons to the conduction band, p̄v→Na is the capture rate of holes from the
valence band, n̄c→Na is the capture rate of electrons from the conduction band,
and fNa(E) is the distribution function of the ionized trap. Assuming a p-type
material and a trap level close to the valence band, the terms involving electron
transfer can be neglected. In that case, fNa(E) is approximated to

fNa(E) =
eNa→v + n̄c→Na

eNa→v + eNa→c + p̄v→Na + n̄c→Na

≈ eNa→v

eNa→v + p̄v→Na

(3.15)

The capture rate of holes is given by p̄v→Na = vpσv→Nap (vp is the average
thermal velocity of holes, σv→Na is the capture cross section of the trap, and p
is the free hole concentration in the material), and the emission rate of holes
is given by eNa→v = gavpσv→NaNve

−(Ea−Ev)/kT (ga is the degeneracy of the
acceptor-like trap). Combining these relations with Eq. 3.15 yields

fNa(E) =
gaNve

−(Ea−Ev)/kBT

gaNve−(Ea−Ev)/kBT + p
(3.16)

Similarly, for a donor-like trap close to the Ev in a p-type material

− eNd→vfNd
(E) + eNd→c[1− fNd

(E)] + p̄v→Nd
[1− fNd

(E)]− n̄c→Nd
fNd

(E) = 0

(3.17)
and

fNd
(E) =

eNd→c + p̄v→Nd

eNd→v + eNd→c + p̄v→Nd
+ n̄c→Nd

≈ p

gdNve−(Ed−Ev)/kT + p
. (3.18)

Here, gd is the degeneracy of the donor-like trap and Ed-Ev is the trap ioniza-
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tion energy relative to Ev. The concentration of ionized acceptor-like, N−a , and
donor-like traps, N+

d , is given by

N−a = Na × fNa(E)

N+
d = Nd × fNd

(E).

Inserting these terms into the neutrality equation yields the following relation
for the temperature dependency of the hole concentration in a p-type material:

p =
r∑

i=1

Nai
gaiNve

−(Eai−Ev)/kBT

gaiNve−(Eai−Ev)/kBT + p
−

s∑

j=1

Ndj
p

gdjNve−(Edj−Ev)/kBT + p
(3.19)

Where r and s are the number of acceptor-like traps and donor-like traps present
in the material. Eq. 3.19 is a polynomial in p of (r+s+1)th degree, and similarly
as Eq. 3.12, a fitting of Eq. 3.19 to experimental points will yield Na, Nd, Ea-Ev
and Ed-Ev. Again, accurate determination of Na and Nd requires full ionization
of the traps usually implying measurements at elevated temperatures.

3.4 Atomic Force Microscopy

The surface morphology of samples can reveal important information about
the growth mode of thin films [129], and Atomic Force Microscopy (AFM) is
a widely used technique for imaging the surface morhpology. The technique
utilizes a cantilever with a sharp tip which is scanned across the surface of a
sample. As the tip of the cantilever is scanned across the sample, it tracks the
surface and the movement of the cantilever is recorded creating an image of the
sample surface. The cantilever movement is commonly detected by reflecting a
laser beam off the cantilever onto a photodetector.

During a scan, the tip may either be in direct contact with the surface, oscil-
lated above the surface, or oscillated closer to the surface making the tip touch
the surface in the lower part of the oscillation. For the second and latter case
(termed non-contact mode and tapping mode respectively), the oscillation fre-
quency and amplitude will be modulated by the van der Waals forces the tip
experiences in the lower part of the oscillation, and this modulation can be
translated to a height profile of the sample surface.
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Figure 3.9: Xe flash lamp emission and Si absorption coefficient [130, 131].

3.5 Heat treatments
Three different heat treatments have been utilized in this work. The purpose of
annealing is for instance dopant activation, lattice restoration/crystallization,
impurity diffusion, and defect annihilation, and each of these require different
heat treatments for ideal processing. For instance, impurity diffusion can be
a rather slow process compared to dopant activation and promoting the lat-
ter over the former requires a fast process. The following describes the three
processes used in this work along with an overview of the benefits of each tech-
nique.

3.5.1 Flash Lamp Annealing

FLA is a very rapid heat treatment where a bank of capacitors discharges a
large amount of energy into Xe flash lamps [37, 132–134]. The capacitors are
discharged in a matter of milliseconds inducing the flash lamps to emit a light
pulse with a high energy density peaking in intensity around 500 nm [135]. Fig.
3.9 shows the spectrum of a Xe flash lamp along with the wavelength dependent
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absorption coefficient of Si [130,131]. Since the Xe flash lamp emits photons in
a wavelength range where Si absorbs strongly, FLA of Si wafers occurs through
radiative heating and yields very rapid heating rates (50-100◦C/ms [136]).

The fast heating limits defect diffusion even though the surface temperature
of the wafer can approach the melting temperature of Si [28, 136], but it pro-
motes dopant activation [137] and annealing of implantation induced lattice
damage [138, 139].

3.5.2 Rapid Thermal Annealing

While FLA commonly gives direct radiative heating of a Si wafer, the RTA
system used in this work instead relies on radiatively heating a SiC susceptor
which in turn heats up the samples. The SiC susceptor is heated by halogen
lamps, and the samples placed inside the susceptor are rapidly heated at a rate
of ∼50◦C/s due to an excellent thermal contact between the susceptor and the
sample. The cool down of the wafer occurs at a similar rate as the heating,
allowing processes to be equilibrated at a high temperature and subsequently
quenched, e.g. reaching a high equilibrium intrinsic point defect concentration
at an elevated temperature and then quenching the samples to retain the high
defect concentration at a low temperature [140]. The fast processing also allows
kinetically fast processes to reach equilibrium while at the same time limiting
slow processes, e.g. efficient activation of dopants in a material while at the
same time limiting their diffusion [29].

3.5.3 Furnace Annealing

In conventional Furnace Anneling (FA), resistive heating elements heat a cham-
ber volume where a sample is situated. The thermal contact between the heat-
ing elements and the samples is indirect (sample heating mainly occurs through
convection) and less efficient than in RTA leading to slower heating rates. As
the heating is resistive, however, the sample may be kept at an elevated tem-
perature for a longer duration than in RTA where the filaments of the halogen
lamps might burn out. Slow cooling rates prohibit quenching of samples in-
side the chamber, but by removing the samples from the chamber they may be
quenched in air or other ambients (this poses challenges if the process or sample
is sensitive to the ambient).

34



400 500 600 700 800
101

102

103

104

 0.22 W/cm2

 0.66 W/cm2

 1.11 W/cm2

 1.54 W/cm2

 1.97 W/cm2

 2.41 W/cm2

Photon Energy (eV)

In
te

ns
ity

 (C
ou

nt
s/

s)

Wavelength (nm)

(a)

3 2.5 2

Figure 3.10: PL spectra of homoepitaxial sputter grown ZnO thin films taken
at room temperature. Three prominent peaks are seen: NBE emission and two
defect related peaks. The legend indicates the power density of the deposition.

3.6 Photoluminescence spectroscopy

Optical characteristics of a semiconductor reveals important information about
its crystal quality, defect structure, carrier dynamics, and band structure. Pho-
toluminescence (PL) spectroscopy is a well known technique for investigating
such properties. It utilizes a laser which excites charge carriers in a material.
These excited carriers will eventually relax into their original energy state by
various relaxation mechanisms. In radiative relaxation, an excited carrier relaxes
by emitting a photon, and this photon has a characteristic energy determined
by the relaxation process. By detecting the emitted photons, details about the
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emission can be surmised. The excited charge carriers, however, do not neces-
sarily relax through a radiative pathway, but may find other relaxation mech-
anisms. A prominent non-radiative mechanism is the emission of a phonon
to relax a charge carrier from the band edge to a mid-Eg defect level and sub-
sequent full relaxation by the emission of another phonon. The more defects
a material contains, the higher is the probability of an excited carrier follow-
ing this non-radiative mechanism, and the emission of photons is suppressed.
Hence, a luminous material indicates a high crystal quality with fewer intrinsic
and extrinsic defects. In a high quality material, the dominant emission comes
from near band edge (NBE) emission where mechanisms such as band-to-band,
exciton, defect-bound exciton and phonon-assisted recombination lead to the
emission of photons.

The relaxation of a carrier through a mid-Eg defect level, may also occur
through the emission of a low-energy photon, and in that case, it is possible to
determine defect level properties. Fig. 3.10 shows emission spectra of sputter
grown homoepitaxial ZnO thin films revealing both NBE emission at around
370 nm (3.35 eV) and two broad defect emissions at around 410 nm (3 eV) and
550 nm (2.25 eV). The high intensity NBE emission indicates a material of good
crystal quality, while the two lower energy peaks evidence the presence of (at
least) two mid-Eg defect levels.

3.7 Secondary Ion Mass Spectrometry

Secondary Ion Mass Spectrometry (SIMS) is a technique for determining the
chemical concentration of different impurities in a material. An ion beam is
directed towards a sample, and as the ion beam strikes the sample surface, sam-
ple sputtering occurs. A fraction of the sputtered particles will be ionized, and
these ions are then extracted and focused by ion lenses, filtered by velocity and
mass through electrostatic and magnetic analyzers, and the ion beam (in which
all ions have the same mass over charge ratio) is directed onto a detector which
records the ion current. Quantification of an impurity signal is done by calibrat-
ing the recorded signal towards that of a reference sample of the same material
with a known concentration of the investigated impurity. Since the impurity
signal may be tracked in time, the impurity distribution as a function of depth
is also obtainable by measuring the depth of the crater left by the ion beam and
translating sputtering time to depth. SIMS has a very high sensitivity and a large

36



dynamic range, enabling measurements of impurity concentrations in the ppb
range.

3.8 Rutherford Backscattering Spectrometry
Combining the possibility of gleaning stoichiometry as well as crystal quality,
Rutherford Backscattering Spectrometry (RBS) is a powerful characterization
tool. A sample is bombarded by energetic ions (commonly He2+), and a frac-
tion of those ions strike the surface and collide with nuclei of target atoms,
and the incoming ions are backscattered. The energy of the backscattered ion
is dependent on the angle of scattering, the mass and energy of the incoming
ion and the mass of the matrix (target) atom, and by measuring the energy of
the backscattered ion, the identity of the matrix atoms may be extracted. Fur-
ther, different elements scatter the ions differently, depending on the element’s
scattering cross section. If this is known, the relative and absolute concentra-
tion of different elements in the material can be determined by considering the
difference in backscattered ion signal originating from different elements.

For determining the concentration of elements in a material, a high backscat-
tering yield is beneficial, and to this end, the ions are ideally impinging on the
sample at an angle maximizing the backscattering yield. In channeling RBS
(RBS/C), however, the ion beam is directed along a dominant crystal direction,
and the He2+-ions may pass through the channel between the atomic planes. If
the atomic channel and the alignment of the ion beam is perfect, very limited
backscattering will occur. The backscattering yield in RBS/C is an indication
of the crystal perfection of the material since a large amount of displaced atoms
in the crystal channel will increase the number of backscattered ions. RBS/C is
hence a useful method for determining the crystal quality of a material.
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Chapter 4

Summary of Results

The focus of this work has been to investigate different materials challenges
related to the tandem oxide solar cell of Fig. 2.1. Aspects of both the bottom cell
and the top cell has been addressed. The different topics covered, may roughly
be divided into three: Dopant diffusion and activation in Si, ZnO homoepitaxial
growth, and defect studies in Cu2O. In the following, the main findings from
these three topics is presented.

4.1 Shallow B emitters in Si

Short wavelength photons incident on a Si solar cell is absorbed very close to
the surface. As an example, 400 nm wavelength photons have a penetration
depth of 108 nm [130]. This places constraints on solar cells aiming to exploit
these photons since emitters in Si solar cells typically have high doping concen-
trations to increase Voc [141] and to reduce the series resistance to the metal
front contact; the high doping promotes high recombination rates, limiting the
diffusion length of optically excited minority charge carriers. In this sense, it
is important that the emitter depth is shallow allowing diffusion of minority
carriers to the junction where they are collected. Hence, an ideal emitter is as
shallow as possible with as high dopant concentration as possible.

In Paper I realization of p-type emitters shallower than 140 nm and with B
doping concentrations higher than 9×1019cm−3 is demonstrated. The emitters
were produced by spin coating a Si wafer by a commercial B spin-on diffusant
(Filmtronics B155 SOD) and subsequent FLA for 10 and 20 ms at energy den-
sities between 83 J/cm2 and 105 J/cm2. The short, high-temperature treatment
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Figure 4.1: Concentration of indiffused B as a function of depth for Si samples
spin coated with B diffusant and subsequently heat treated by FLA. The inset
displays data of similar Si samples treated by RTA for 40 s. From Paper I.

mediates the diffusion of B from the spin-on diffusant into the Si wafer leading
to shallow emitters with a low sheet resistance (70-260 Ω/�), ideal for solar
cell applications. The depth profiles of the emitter’s B concentrations are dis-
played in Fig. 4.1. Interestingly, comparing the depth of the B profiles with the
thermodynamic equilibrium diffusion length of B in Si at the estimated wafer
temperature and heat duration (∼1050-1100◦C and 20 ms) reveal a large discrep-
ancy. The equilibrium diffusion length of B in Si at 1100◦C for 20 ms is around
1 nm, but the experimental profiles extend between 50 and 140 nm.

But, by simulating the heat treatment, using Silvaco’s SSupreme4 process
simulator [30], with 1-2×1018 cm−3 excess Si interstitials at the surface of the
wafer, however, the experimental profile depths are recreated, indicating that
the diffusion of B in the FLA treated samples is mediated and enhanced by a
transient of interstitials similar to what is observed in heat treated, B implanted
Si [142]. Additional evidence of transient enhanced diffusion (TED) is provided
in Paper I by successful simulation of a decrease in profile extension at higher
annealing temperatures (seen in the experimental profiles of Fig. 4.1). The de-
crease is a consequence of an increased equilibrium concentration of Si vacancies
acting as direct competitors to B for the trapping of Si interstitials. As the va-
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cancy concentration goes up, the interstitial concentration decreases and TED
has less impact on the B diffusion, effectively reducing the profile depth (the
formation energy of vacancies is ∼1.3 eV lower than that of interstitials [30]).
In Paper I, two causes of injection of excess interstitials are put forward: (i) the
formation of Silicon Boride precipitates at the interface between the SOD and
the Si wafer [143], and (ii) formation of SiO2 at the interface between the SOD
and the Si wafer [144].

In conclusion, Paper I reports the realization of shallow, highly B-doped
emitters in Si by FLA. Further, the B diffusion is promoted by TED where
an excess of Si interstitials injected from the surface of the wafer mediates and
increases the diffusion of B.

4.2 Highly P doped Si for tunneling junctions
Manufacturing a tandem structure as seen in Fig. 2.1 requires an Ohmic contact
between the bottom cell and the top cell. One of the possible strategies for such
a connection is manufacturing a tunneling junction where a highly doped p++

layer is in contact with an n++ layer of the same material. The high doping will
align the Ev in the p++ layer to the Ec in the n++ layer with a narrow depletion
region separating the two terminals. The probability of tunneling across a bar-
rier (in this case the depletion region) decreases exponentially with the width
of the barrier [39]. Hence, if the two sides of the pn-junction are highly doped,
the width of the depletion region will be small [39], the probability of tunnel-
ing increases, and a tunneling current across the junction establishes an Ohmic
behavior.

Sputter deposition of highly P doped Si was performed to obtain a poly-
crystalline, low resistive n++ layer. The deposition was done at room tempera-
ture (RT) or 200◦C from a mono-crystalline Si target with a P concentration of
∼5×1019 cm−3 on fused silica substrates at a deposition power of 200 W with
a constant flow of 50 SCCM Ar yielding a processing pressure of 0.93 Pa. Af-
ter deposition, selected samples were subjected to RTA at 1100◦C for 3 min or
annealed in a tube furnace at 1100◦C for 30 min. The film thicknesses were
between 270 nm and 300 nm after heat treatment.

In Fig. 4.2, the effect of RTA and furnace annealing on the electron concen-
tration of the sputter deposited samples is shown. Furnace annealing yields a
significantly higher carrier density compared to RTA (a factor 2-3 higher) and
by comparing wih SIMS data, the activation of P increases from ∼10-11 % in
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Figure 4.2: Carrier density of the sputter deposited and heat treated Si.

the RTA treated samples to ∼19-27 % in the furnace annealed samples. The de-
position temperature does not significantly impact the electron concentration.
The higher activation in the furnace annealed samples indicates slow kinetics in
the activation of P in poly-Si, as these samples were kept at 1100◦C for a longer
duration.

A high carrier density reflects a high concentration of ionized impurities
which normally limits the mobility. The mobility, however, is highest in the
furnace annealed samples (Fig. 4.3), indicating that the mobility is not limited
by the ionized impurities but rather by extended crystal defects such as dislo-
cations, grain boundaries and amorphous regions [66]. Hence, the increase in
mobility with furnace annealing attests to an improved crystal quality in the
furnace annealed thin films compared to the RTA treated ones. Further, the
deposition temperature influences the electron mobility in the thin films; the
samples deposited at 200◦C display higher mobilities than the ones deposited at
room temperature. Nevertheless, the annealing procedure seems to be the most
important determining factor for the mobility.

XRDmeasurements reveal weak but defined Si (111) and (220) reflections in
the sample sputter deposited at room temperature and RTA treated at 1100◦C
testifying to a poly-crystalline thin film. Considering that this thin film has
the lowest mobility in the study, this indicates that all the thin films have a
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Figure 4.3: Hall mobility of the sputter deposited and heat treated Si.

poly-crystalline nature.
A good tunnel junction should be as abrupt as possible, but as evidenced

by AFM, the deposited samples have high values of root mean square (RMS)
roughness (between 5 and 13 nm). A junction fabricated from a rough thin film
will experience non-uniform current distribution leading to undesirable heating
and possible shunting. To prevent this, the quartz substrates were treated by a
200 W, 5 min RIE treatment prior to deposition. The thin films deposited on
RIE treated substrates all show RMS roughnesses below 2 nm regardless of de-
position temperature or post-deposition annealing procedure. Furthermore, the
electrical properties of the thin films are not affected by the RIE treatment; both
the mobilities and the carrier densities of the RIE treated samples are the same
as the untreated ones (within experimental accuracy). Hence, RIE treatment of
the substrates prior to deposition is beneficial for reducing the roughness of the
thin films, while at the same time retaining the electrical properties.

By sputter depositing highly doped Si on RIE treated quartz substrates and
heat treating the samples at 1100◦C by RTA and tube furnace, respectively, low
resistivity, poly-crystalline and flat thin films have been produced. The thin
films have high electrical activation of P and mobilities around 10 cm2/Vs mak-
ing them ideal as the n++ layer in a tunneling contact. The substrates used
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Figure 4.4: HAADF HRSTEM images of a reactively grown Cu2O
thin film grown on single crystal ZnO. An epitaxial relationship of
(111)Cu2O||(0001)ZnO is found, with a thin, ∼5 nm CuO interfacial layer
between ZnO and Cu2O. This is supported by Fast-Fourier Transform diffrac-
tograms (side panel).

in this study are quartz, but the fabrication of a solar cell requires a Si wafer
as the substrate, and the results here do not necessarily reflect the properties
of a highly P-doped Si thin film on a Si wafer. The study, however, evidences
the close control of film properties which is possible by various preparation
schemes.

4.3 Oxide heterojunctions

A key component of an oxide solar cell is its pn junction. The electrical and
structural characteristics of such a junction is of paramount importance for re-
alizing efficient solar cells. A Cu2O/ZnO heterojunction is ideal as a top cell in
a tandem structure due to the large Egs of both materials allowing transmission
of long wavelength light to the bottom cell. Reported conversion efficiencies
of Cu2O/ZnO solar cell systems, however, suffer from low Vocs and Fill fac-
tors (FF) [59,145–148] indicating an efficiency loss at the interface between the
Cu2O and the wider Eg ZnO. Understanding and improving the Cu2O/ZnO
junction would hence assist in increasing cell efficiency.
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The interface between a [0001]-oriented ZnO single crystal and sputter
grown Cu2O film is investigated in Paper II. Both reactively sputtered and ce-
ramically sputtered Cu2O was deposited on O-polar and Zn-polar ZnO crys-
tals, and XRD measurements reveal predominantly [111]-oriented growth of
Cu2O. The only exception is ceramically grown Cu2O on O-polar ZnO where
parts of the film grow along the [110] direction. In-plane (331) φ scans of a
[111]-oriented, reactively sputtered Cu2O thin film on Zn-polar ZnO show
that Cu2O grows epitaxially on the substrate, with 6 well defined (331) peaks
in the diffractogram (evidencing rotational coherence of the Cu2O unit cells
through the entire film). The {331} planes, however, have a three-fold symme-
try rather than a six-fold suggesting that the thin film grows in two different
domains which are rotated 180◦ (around the [111]-axis) with respect to each
other. The result is supported by an in-depth TEM analysis of a similar thin
film [149] and the same phenomenon has been reported for other oxide based
heterostructures [150]. High Angle Annular Dark Field High Resolution Scan-
ning Transmission ElectronMicroscopy (HAADFHRSTEM) confirms the epi-
taxial nature of the Cu2O thin films, but also proves the existence of a thin, ∼5
nm interfacial CuO layer (Fig. 4.4). Beacuse of the large lattice mismatch be-
tween Cu2O and ZnO, CuO growth is promoted to relieve the strain, but since
the stoichiometry of the deposition dictates Cu2O formation, Cu2O forms after
the strain is reduced below a certain level [149], explaining the presence of the
thin CuO interface layer. The interfacial CuO is detrimental to a ZnO/Cu2O-
based solar cell through poorer band alignment, higher number of defects at
the interface, and Ef pinning, and can partially explain the poor conversion
efficiencies reported for ZnO/Cu2O heterojunctions [59, 145–148].

Summarizing, heteroepitaxial growth of thin film Cu2O on single crystal
ZnO is evidenced by XRD and TEM in Paper II. The thin films grow in two
separate domains which are rotated 180◦ with respect to each other. Further, a
thin interfacial layer of CuO is revealed, and this layer is detrimental to a solar
cell based on the system.

Similarly to the Cu2O/ZnO system, a Cu2O/Si heterojunction may also
provide rectification with the benefit of reducing the number of materials if
the heterojunction is combined with a Si bottom cell, and hence simplifying
thin film growth and band alignment. Reports in literature on Cu2O/Si hetero-
junctions detail low rectification [48–50, 151], and to make the heterojunction
relevant for solar cell applications, the degree of rectification needs to be in-
creased.
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In Paper III, Cu2O thin films were sputter deposited on n-type (100) Si (n-Si)
substrates and the electronic properties of the heterostructure are investigated.
Current-voltage (IV) measurements show 7 orders of magnitude rectification
on a diode architecture of n-Si, Cu2O deposited at 400◦C, and evaporated Au
contacts, significantly more than what has been reported in literature, and in-
dicating a good interface with no undesirable interfacial SiO2. A similar sys-
tem with room temperature deposited Cu2O only has 3 orders of magnitude
rectification, and this thin film also displays poorer crystal quality, lower con-
ductivity, and higher defect concentrations compared to the thin film deposited
at 400◦C. In addition, the thin film deposited at room temperature contains
undesirable CuO inclusions. From Hall effect measurements, the thin film de-
posited at 400◦C has a hole mobility of 17 cm2/Vs and a net hole concentration
of 3×1015 cm−3. Calculations on an equivalent pn structure (n-Si/Cu2O/Au),
with a Cu2O carrier concentration of 3×1015 cm−3, however, yields a capaci-
tance around two orders of magnitude lower than that extracted from CV mea-
surements (1 MHz probe frequency). In fact, CV evidences a fixed charge con-
centration at the junction of 1.1×1017 cm−3, equal to the carrier concentration
of the Si substrate, indicating that the depletion region is mainly inside Si even
though Cu2O has a nominally lower carrier concentration at room tempera-
ture. On the other hand, calculations of a single sided p+n structure, with the
depletion region mainly inside Si and an n-side doping concentration equal to
that of the Si substrate yields a capacitance of the same order of magnitude as the
experimental one. Hence, the Cu2O thin film does not behave as a moderately
doped semiconductor, but displays instead a significantly higher fixed charge
than Si, leading to a p+n structure with its depletion region mainly inside Si.

Paper III shows that Cu2O deposited at 400◦C on n-Si has beneficial char-
acteristics for use in a heterojunction solar cell. A relatively high mobility (17
cm2/Vs) and 7 orders of magnitude rectification prove that an n-si/Cu2O/Au
architecture is suitable for energy conversion. The system does not act as a pn
junction with depletion in Cu2O, but rather as a p+n junction with the deple-
tion region mainly in Si.
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4.4 Homoepitaxial growth of ZnO by RF-magnetron
sputtering

Realizing an oxide based solar cell requires careful control and understanding
of the fabrication processes. Depositing ZnO thin films is an integral part of
the fabrication process of the oxide solar cell of Fig. 2.1, and by depositing
homoepitaxial ZnO thin films, insight in the deposition process and thin film
properties can be obtained. Further, mastering homoepitaxial growth of ZnO
is an important step on the path to shift from GaN based to ZnO based optical
devices (e.g. blue LEDs).

Homoepitaxial growth of ZnO has been demonstrated on several occasions,
but most of these reports involve the use of elaborate techniques such as Molecu-
lar Beam Epitaxy (MBE), Metal-Organic Chemical Vapor Deposition (MOCVD)
or Pulsed Laser Deposition (PLD) [71, 73, 152–155] which are to a large ex-
tent limited to research applications. Sputtering on the other hand is an estab-
lished technique for large-area depositions and is widely used in the industry.
Hence, realizing homoepitaxy through conventional sputtering [65, 72] could
simplify the shift from GaN to ZnO based optical devices. Further, homoepi-
taxial growth eliminates strain fields and grain boundaries during growth, and
is a simpler material system to analyze than strained, polycrystalline thin films.
Sputter grown homoepitaxial thin films may thus give a more fundamental un-
derstanding of the sputtering process.

In Paper IV, the homoepitaxial growth of ZnO by RF magnetron sputtering
on O-polar hydrothermally (HT) grown ZnO substrates is demonstrated. Six
thin films deposited with different plasma power densities were investigated, and
RBS/C, XRD and PL spectroscopy all testify to homoepitaxial growth for the
thin films deposited at low power densities. The channeling yield from RBS/C
is around 2 %, a value rivaling bulk ZnO crystals [156, 157]. All the analyz-
ing techniques evidence a deterioration in crystal quality at higher deposition
power densities, most readily visualized by the θ/2θ data of Fig. 4.5 where
the low power density samples fully overlap with the substrate peak, while at
higher power densities a strained thin film is seen as a shoulder peak on the
main substrate peak.

AFM measurements show that the growth mode of the thin films is not
Frank-van der Merwe growth, but rather 3D growth; the surface is dominated
by small grains typical for this type of growth. In Paper IV, homoepitaxy was
hence not conclusively confirmed and the growth was labelled as "local ho-
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Figure 4.5: θ/2θ measurements of the (0002) reflection of homoepitaxially sput-
ter grown ZnO thin films. At low power densities, the thin film reflection over-
laps with the substrate peak indicating perfect coherence. At higher power den-
sities, a strained thin film is evidenced.

moepitaxy" suggesting that the thin film does not exhibit a coherent crystal in
the lateral dimension. However, further analysis of the sample deposited at 0.22
W/cm2 power density by High-resolution Transmission Electron Microscopy
(HRTEM) reveals that the thin film is indeed laterally coherent (Fig. 4.6). Al-
though the thin film is homoepitaxial both in the c-direction and in-plane, the
3D growth mode as revealed by AFM is still valid, and the thin films hence grow
as islands which coalesce perfectly.

Paper IV hence demonstrates homoepitaxial growth of ZnO by sputtering,
but also the importance of controlling the sputtering power density during de-
position. At low power densities, defect free, homoepitaxial thin film is ob-
tained, while at high power densities the thin film is strained and defect rich.
Instead of growing in a 2D Frank-van der Merwe growth mode, the thin films
grow in a 3D island growth mode.

Frank-van der Merwe growth is beneficial for optoelectronic devices since a
flat surface yields abrupt junctions and good templates for growing additional
layers. To realize this type of growth, a sample was sputter deposited in an
N2 atmosphere (gas flow mix of 48 SCCM Ar, 1 SCCM O2 and 5 SCCM N2),
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Figure 4.6: HRTEM image of the thin film deposited at 0.22 W/cm2 power den-
sity evidencing perfect epitaxy.

resulting in near-2D thin film growth. Atomic surface steps are seen on the
faces of large hexagonal domains in the AFM image of the thin film seen in
Fig. 4.7. The thin film still retains the excellent crystal quality of the films
grown without N2 evidenced by its XRD rocking curve FWHM of 35 arcsecs,
a value which is comparable to single crystal ZnO, MBE and MOCVD grown
homoepitaxial thin films [153,158,159]. TEM analysis (Fig. 4.8) also verify the
high structural quality and homoepitaxial nature of the thin film, although a
nm-thick defect-rich interface layer is revealed. The TEM analysis also reveals
a possible cause for the switch from 3D to near-2D growth mode: The film
grown with N2 is significantly thinner than the ones deposited without N2,
although they have the same deposition time (cf. Figs. 4.6 and 4.8). The reduced
thickness is corroborated by SIMS measurements. Further, the film grown with
N2 on ZnO is also significantly thinner than a film deposited with the same
parameters on a (100) Si substrate (76 nm vs 391 nm), ruling out poor sputtering
efficacy of N2-ions as a possible cause for the reduction in deposition rate.

The growth rate in the c-direction is hence considerably reduced when grow-
ing homoepitaxially in a partial N2 atmosphere, suggesting that N2 inhibits
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Figure 4.7: AFM image of a thin film grown in an N2 atmosphere. Atomic steps
are seen on the faces of large hexagonal domains evidencing a near-2D growth
mode.

Film: 76 nm

b)

Figure 4.8: TEM image of a thin film grown in N2 atmosphere. The thin film
exhibits epitaxial growth, but has a nm-thick defect-rich layer at the substrate
interface.
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nucleation, forcing adatoms to migrate longer distances before chemisorbing,
effectively increasing the adatom mobility and the desorption rate. Similar ef-
fects have been reported for (i) polycrystalline sputter growth of ZnO, where
N suppresses the nucleation of grains by increasing the nucleation energy bar-
rier [160, 161]; (ii) Si oxidation where the growth rate of SiO2 was significantly
reduced by an increase in the area density of surface N either due to "neutraliza-
tion of oxide growth sites" or due to N acting as a diffusion barrier for O [162];
and (iii) Metal Organic Vapor Phase Epitaxy grown ZnSe where N reduced
the growth rate because N adsorbed to the surface inhibiting reaction between
the Se-terminated surface and Zn-containing precursors [163]. The increase in
adatom mobility and desorption rate from N inhibition of nucleation sites, fa-
vors in-plane growth over c-direction growth and hence lowers the growth rate.
A higher ratio of in-plane over c-direction growth promotes the steps and ter-
races associated with Frank-van der Merwe growth, resulting in an atomically
flat surface when ZnO is sputter grown in a partial N2 atmosphere.

In conclusion, near-2D sputter growth of ZnO is demonstrated by intro-
ducing N2 in the sputtering chamber during deposition. The crystal quality
is excellent, but the film thickness is significantly reduced indicating that N2

inhibits nucleation, which increases in-plane surface diffusion of adatoms and
reduces the deposition rate.

Deposition power density and processing atmosphere hence influence the
homoepitaxial growth of ZnO, and in paper V the difference in thin film prop-
erties between homoepitaxial deposition of ZnO on Zn-polar and O-polar HT
grown bulk ZnO crystal is investigated. ZnO was sputter deposited simultane-
ously on the O-polar surface (O-face) and the Zn-polar surface (Zn-face) using
a power density of 1.11 W/cm2 at 400◦C. As seen in the θ/2θ diffractograms of
Fig. 4.9, the thin film deposited on the O-face (sample B) is elongated 0.7 % in
the c-direction, while the Zn-face thin film (sample A) has perfect coherence to
the substrate. The superior crystal quality of sample A is corroborated by trans-
verse ω scans, with a FWHM of the ZnO (0002) peak of 70 arcsec, compared to
a 1400 arcsec FWHM for sample B. Sample B hence has a defective epilayer with
a high dislocation density and this conclusion is supported by RBS/C, RSM and
HRTEM analysis.

HRTEM also reveals that sample B is ∼400 nm thinner than sample A, al-
though they were deposited simultaneously. The difference in thickness is con-
sistent with previous reports of epitaxial growth on Zn-face and O-face [164].
Owing to Zn incorporation at step edges for the O-polar surface and Zn in-
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Figure 4.9: θ/2θ measurements of two homoepitaxial ZnO thin films deposited
on Zn-face (sample A) and O-face (sample B) bulk ZnO single crystals. Sample
A shows an excellent coherence to the substrate, while sample B is strained in the
c-direction.

corporation directly on the surface for the Zn-polar surface, the growth rate is
much faster in the c-direction for the Zn-face compared to the O-face (where
in-plane growth is promoted) [164]. It is suggested in Paper V that the slower
growth rate of sample B leads to longer exposures to ion bombardment and re-
sputtering. Consequently, excess Zn atoms are incorporated at bombardment
induced nucleation sites giving a defective growth and thinner film.

AFM images show that the thin films grow in a 3D growth mode, but
HRTEM images verify that the thin film is coherent both in the c-direction
and in-plane, and the thin films grow as islands which merge perfectly without
any detectable grain boundaries (cf. the above discussion regarding Paper IV).

In summary, Paper V reveals that the homoepitaxial growth of ZnO is
highly dependent on the polarity of the substrate surface. Deposition on the
O-face of the ZnO substrate leads to a strained layer with a high dislocation
density, while deposition on the Zn-face yields a high quality thin film with
excellent coherence to the substrate. The difference between the two polarities
is suggested to arise from the lower growth rate on O-face leading to more ion
bombardment during deposition and hence a defective growth.
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4.5 Cu2O sputter grown thin films for enhanced
solar cell performance

A solar cell requires a p-type layer, and in that respect, Cu2O (which is intrin-
sically p-type) is a highly relevant material for oxide cells. The highest conver-
sion efficiencies of Cu2O-based solar cells have been achieved with thermally
oxidized Cu sheets [165]. For ease of fabrication, however, thin film solar cells
would be preferable over oxidized sheet solar cells. To close the gap in conver-
sion efficiency between these two, preparation of high quality Cu2O thin films
is paramount.

Controlling the crystal phase and crystal quality of copper oxide is possible
by changing the oxygen partial pressure, pO2 , during sputter deposition, and
this is explored in Paper VI. CuxO was RF sputtered at a power density of 1.11
W/cm2 at 400◦C from a Cu target. The pO2 in the chamber during deposition
was varied between 2.6×10−5 and 3.8×10−2 Pa. At pO2<1.9×10−2 Pa, the films
have a phase mix of Cu2O and Cu, as evidenced by θ/2θ scans; a pO2≥2.2×10−2

Pa yields films consisting of Cu2O and CuO. Between these pO2 values, two
films of phase pure Cu2O are obtained. In the paper, these two thin films are la-
belled sample no. 5 and sample no. 6 (deposited at pO2=1.9×10−2 and 2.1×10−2

Pa, respectively). Although both samples were phase pure Cu2O, their crystal
orientations differ and sample no. 6 has a more pronounced (200) reflection
than sample no. 5.

The electrical properties of these two thin films are also different. Sample
no. 5, which is deposited in Cu-rich conditions, has a higher carrier concentra-
tion and mobility than sample no. 6, which is deposited in O-rich conditions.
The decrease in carrier concentration when going from Cu-rich to O-rich con-
ditions is surprising, since acceptor-like defects such as vCu and Oi are more
likely to form at O-rich conditions, whereas donor-like defects (vO and Cui) are
less likely to form. The crystal orientation of the thin films may play a role
here. A shift of crystal orientation from (111) to (200) from sample no. 5 to
no. 6 could lead to more charge carrier traps at the grain boundaries, reducing
the free carrier concentration. Elevated fixed charge concentrations at the grain
boundaries increase the barrier for charge carriers passing the boundary which,
in turn, decreases the carrier mobility (a shift which is indeed seen).

A temperature dependent Hall effect measurement (TDH) of sample no. 6
reveals two Eg levels with ionization energies of 0.16 eV and 0.23 eV relative to
the Ev (cf. Fig. 4.10). These values are close to the ionization energy of the vCu
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Figure 4.10: Carrier density as a function of the reciprocal temperature of a Cu2O
sample sputter deposited at 400◦C. Two states with ionization energies of 0.16 eV
and 0.23 eV are resolved.

acceptor reported from experimental work [88–90, 92, 101] and first-principles
studies [97–100]. Further, the presence of two levels could be related to the
two configurations of vCu, i.e. the normal configuration, vCu, and the split
configuration, vCu(s), which both have similar formation energies but different
ionization energies [97–99, 102, 103].

Summarizing, Paper VI details the preparation of Cu2O by RF sputtering.
Two phase pure Cu2O thin films are produced in a narrow pO2 range, but they
differ in their crystal orientation, carrier concentration, and mobility. These
three properties are likely interlinked. Two deep levels in the Eg are revealed
from TDH data and it is speculated whether these could arise from the two
configurations of vCu.

Achieving high carrier mobility in as-deposited Cu2O thin films is feasible
(cf. Paper VI and Refs. 76, 95, 166), but most reported as-deposited Cu2O thin
film mobilities are below 10 cm2/Vs [80, 82, 83, 167–172]. A common way of
improving the electrical, optical and structural characteristics of semiconduc-
tors is through heat treatment, since the excess energy provided to the lattice
annihilates point and extended defects, improves the crystallinity, and reduces
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Figure 4.11: Room temperature PL spectra of sputter deposited and RTA treated
samples. A dominant NBE is seen for all the RTA treated samples.

the number of scattering centers.

In Paper VII, reactively RF sputtered Cu2O thin films are RTA treated at
600◦C, 700◦C, 800◦C, and 900◦C for 3 min in a pO2 of 10 Pa, and subsequently,
their structural, optical, and electrical properties are probed by XRD, Scanning
Electron Microscopy (SEM), UV-VIS spectroscopy, PL spectroscopy and Hall
effect measurements. Upon RTA treatment, the lateral crystal grain size of the
thin films (as evidenced by SEM) increases significantly, and assuming a growth
driven by excess energy stored in the grain boundaries, an activation energy of
0.8±0.1 eV is extracted for the grain boundary motion. It is speculated whether
this activation energy is correlated with the formation energy of vCu (reported
to be 0.28-1.34 eV [97–100,103]) pointing to grain growth controlled by vacancy
mediated copper (Cu) atom diffusion.

The increase in grain size (and increase in XRD (111) intensity) indicates
an improved crystal quality, and this is corroborated by the PL spectra seen
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in Fig. 4.11. After RTA treatement, the NBE emission dominates the spectra
indicating a low concentration of non-radiative carrier recombination pathways
and a high crystallinity. A broad deep level peak centered at 1.5 eV is apparent
in the samples annealed at 600◦C, 700◦C, and 800◦C, while it is not present in
the sample annealed at 900◦C. The annealing behavior of this peak appears to
be correlated with the sample mobilities. In the RTA treated samples where the
deep level peak is prevalent (600◦C, 700◦C, and 800◦C), the mobility is around
20-30 cm2/Vs, but in the 900◦C sample, the deep level peak vanishes and the
mobility increases to 54 cm2/Vs.

The identity of the deep level PL peak is not ascertained in the paper, but
its annealing behavior can offer some clues. The disappearance of the peak at
900◦C is unexpected for an intrinsic defect under equilibrium conditions, since
higher annealing temperatures promotes higher intrinsic defect concentrations
(not lower as observed in the 900◦C) pointing to an extrinsic origin. It is, how-
ever, not possible to exclude an intrinsic origin, since clustering of intrinsic
defects, leading to electrical deactivation, could occur at elevated temperatures.
Further, the disappearance of a donor-like defect should lead to a hole concen-
tration increase, but between 800◦C and 900◦C, the hole concentration remains
constant. Hence, it is probable that the deep level PL peak centered around 1.5
eV is related to an extrinsic, acceptor-like defect.

Finally, following the temperature evolution of the main peak in the NBE
emission (the peak originates from emission of the orthoexciton coupled with
a Γ−12-phonon) for the sample annealed at 800◦C, the temperature dependency
of the Eg was extracted. A Varshni fit to the experimental points yielded the
following temperature dependence for Eg:

Eg(T ) = 2.172[eV ]− 4.7× 10−4[eV/K]× T 2

T + 161[K]
. (4.1)

The first term in the equation is Eg at 0 K and is in excellent agreement with
previous reports [173,174]. Indeed, the Varshni parameter values of Eq. 4.1 are
similar to the ones reported by Snoke et al. [173] for Cu2O.

In conclusion, the enhancement of structural, optical and electrical prop-
erties of sputter deposited Cu2O thin films by RTA treatment is described in
Paper VII. An increase in the grain size and XRD (111) intensity of the films af-
ter RTA is accompanied by a significant increase in the NBE emission evidenced
by PL spectroscopy, pointing to an improved crystallinity. The deep level PL
emission of the RTA treated films seems to be related to the hole mobility, since
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Figure 4.12: Temperature dependency of the carrier concentration of Cu2O sam-
ples annealed at 600◦C at different pO2 . The inset shows the variation in ioniza-
tion energy for the two band gap states as a function of strain in the sample.

the disappearence of the deep level emission coincides with a doubling of the
mobility. The deep level PL peak is suggested to be related to an extrinsic,
acceptor-like defect. Finally, the temperature dependency of Eg is extracted and
found to be in excellent agreement with previous reports.

The major acceptor responsible for hole conduction in Cu2O is predicted by
first-principles studies to be vCu with an ionization energy between 0.18-0.28
eV relative to the Ev [97–100]. Experimentally the defect has been reported
with an ionization energy between 0.22 eV and 0.55 eV [88–90, 92, 101]. This
spread suggests a ionization energy dependency on preparation conditions, and
in Paper VIII, this topic is explored.

Sputter deposited thin films of Cu2O were RTA treated at 600◦C, 700◦C,
800◦C and 900◦C (same preparation procedure as in Paper VII). These thin
films were subsequently characterized by TDH between 120 K and 550 K at 10
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kG. Two separate defect levels are found to contribute to the conduction of the
samples. In the following and for simplicity, the two defect levels are assumed
to be acceptor-like, although no unambiguous evidence exists for this assump-
tion. A shallow acceptor, with ionization energies of 0.26-0.37 eV, dominates
at low temperatures, and a deep acceptor, with ionization energies of 0.47-0.52
eV, dominates at elevated temperatures. Note that these values are not directly
comparable to literature values since they are extracted assuming an uncompen-
sated material. The ionization energies vary between samples, conforming to
the large spread found in literature. Previously, the ionization energy of the
major acceptor in N-doped Cu2O thin films was seen to decrease with increas-
ing N-concentration [85], and the dependency was explained by a reduction in
the potential energy of holes residing on acceptors at increasing acceptor con-
centrations [107, 108]. The ionization energy variation observed in Paper VIII,
however, does not follow this trend. In fact, the ionization energy of the deep
defect increases when the acceptor concentration increases (the acceptor con-
centration is extracted from TDH), opposite to the behavior reported in Refs.
85, 107, 108.

The RTA treated samples were processed at different temperatures for only
3 min, and they may not have reached steady-state conditions during the heat
treatment. In order to study the ionization energy variation under stable con-
ditions, 4 samples RTA treated at 900◦C for 3 min were annealed at 600◦C in
varying O2 pressures for 1 h promoting steady-state conditions. One shallow
acceptor with ionization energy 0.37-0.41 eV and one deep acceptor with ion-
ization energy 0.61-0.69 eV are extratced from TDH measurements (cf. Fig.
4.12). Like the RTA only samples, the ionization energies increase with higher
acceptor concentration, but as seen in the inset of Fig. 4.12, the ionization en-
ergy of both the deep and the shallow defect has a dependency on sample strain
(extracted from XRD diffractograms). A defect ionization energy dependency
on strain is well-established for several semiconductors both experimentally and
theoretically [175–182]. It is discussed in Paper VIII whether this effect also may
explain the results of Benz et al. [85], since an increasing N concentration affects
the sample strain.

Paper VIII hence offers a potential explanation for the large spread in ioniza-
tion energy values quoted for the main acceptor in Cu2O. Eight Cu2O samples
with different preparation conditions were characterized by TDH, and in all
the samples, two acceptors were found to contribute to the hole conduction.
The ionization energies of these acceptors change with preparation conditions,
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and by comparing XRD and TDH measurements of four samples in steady-
state conditions, a correlation between sample strain and ionization energy is
demonstrated.
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Chapter 5

Conclusions and Future Work

This thesis explores different processing and materials challenges for realizing a
tandem oxide PV cell. The bottom cell of this tandem structure is proposed to
be a modified, standard Si cell (cf. Fig. 2.1), and Paper I presents a novel way of
preparing a shallow p-type emitter by FLA. A good Ohmic contact between the
bottom Si cell and the top oxide cell is important for an efficient tandem cell,
and a process for obtaining the n-side of this junction is developed (Sec. 4.2).
In Papers II and III, two different heterojunctions relevant for the oxide top
cell is explored. Although Cu2O grows epitaxially on ZnO, the Cu2O/ZnO
heterojunction interface contains a nm-thick layer of CuO, detrimental to the
rectifying performance of such a junction (Paper II). Further, seven orders of
rectification is achieved for a Cu2O/Si heterojunction, proving its relevance for
an oxide-Si solar cell (Paper III). The homoepitaxy of ZnO, a simplified process
appropriate for gaining a deeper understanding of the sputtering process and
growth mechanisms of oxides, is found to depend on power density (Paper IV),
substrate polarity (Paper V), and processing atmosphere (Sec. 4.4). The Cu2O
absorber layer of the top cell in the proposed tandem structure (Fig. 2.1), re-
quires good crystallinity, high transmittance below Eg and high mobility. Paper
VI and Paper VII detail the enhancement of these properties through optimiza-
tion of the sputter process (Paper VI) and through RTA treatment (Paper VII).
Finally, Paper VIII looks at the variation in ionization energy of the major ac-
ceptor in Cu2O as a function of strain.

Although a great variety of aspects of the tandem cell has been covered in
the thesis, there are certain additional elements which need to be addressed.
For instance, thin film Cu2O solar cells are consistently outperformed by solar
cells based on oxidized Cu sheets, possibly because of lower carrier densities
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and higher mobilities in the oxidized sheet cells. Improving thin film Cu2O
through prolonged high-temperature treatments or by selective doping schemes
could be a viable path towards closing the efficiency gap between thin film and
oxidized sheet solar cells.

Paper VIII provides evidence that the ionization energy of the major accep-
tor level in Cu2O is dependent on strain, but the surmise is based on only four
different samples. A more well-designed study including a larger number of
samples with a wider range of sample strains would be useful for confirming the
conclusions of Paper VIII.

The homoepitaxial sputter deposition of ZnO was proved to be dependent
on the presence of N2 in the chamber during processing (Sec. 4.4), yielding
atomically flat thin films with N-doping. The deposition rate, however, was
significantly reduced, and developing a process with an acceptable deposition
rate which also produces atomically flat thin films would be a worthwhile effort.
Specifically, this study should investigate the effect of other elements which
could modify the growth of ZnO, such as Li, Al, Ga, and F.

Finally, the studies of this thesis centers around the realization of an oxide-Si
tandem solar cell, and the obvious way forward is to produce a functioning PV
cell founded on the insights of this thesis. Perhaps most importantly, the CuO
interfacial layer between ZnO and Cu2O is detrimental to the conversion effi-
ciency of the cell, and a modified cell structure where ZnO is replaced with an
electron selective contact with better interfacial properties towards Cu2O could
significantly improve the performance of the top cell. For instance, different
alloys of ZnO combined with Cu2O has been predicted and demonstrated to
give better band alignment and rectification than ZnO [18, 183].

It is the sincere hope of the author that the findings and suggestions of this
thesis will bring about the realization of an environmentally friendly, afford-
able, stable, and efficient tandem solar cell based on oxide semiconductors.
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Shallow, Boron (B)-doped pþ emitters have been realized using spin-on deposition and Flash

Lamp Annealing (FLA) to diffuse B into monocrystalline float zone Silicon (Si). The emitters

extend between 50 and 140 nm in depth below the surface, have peak concentrations between

9� 1019 cm–3 and 3� 1020 cm–3, and exhibit sheet resistances between 70 and 3000 X/(.

An exceptionally large increase in B diffusion occurs for FLA energy densities exceeding

�93 J/cm2 irrespective of 10 or 20 ms pulse duration. The effect is attributed to enhanced diffu-

sion of B caused by Si interstitial injection following a thermally activated reaction between the

spin-on diffusant film and the silicon wafer. VC 2015 AIP Publishing LLC.

[http://dx.doi.org/10.1063/1.4926661]

Formation of p-type emitters in n-type crystalline

Silicon (c-Si) solar cells is possible by several different

schemes, e.g., implantation,1,2 diffusion from a gas source,3,4

and diffusion from a surface source.5,6 All these schemes

require high temperature treatments to drive in and electri-

cally activate the dopants1,3,5 to reduce the series resistance

of the cell. However, if the duration of the treatments is long,

the diffusion length will be significant, and a highly doped

emitter may extend several lm into the c-Si. This reduces

the blue response of the cell since high energy photons are

absorbed close to the surface followed by a fast recombina-

tion of the generated electron-hole pairs.

Flash Lamp Annealing (FLA) is a technique in which Si

can be heated to temperatures above its melting point within

a few milliseconds.7–9 Thus, FLA enables both a reduction

in the thermal budget of solar cell processing and improve-

ment of the blue response. FLA has already been shown to

be suitable for annealing of implantation-induced damage9,10

and for activation of implanted dopants.11 Recently, FLA

was also proved to be effective in forming shallow

Phosphorous (P) emitters in Si by diffusion from a spin-

coated P surface source.12 In the case of solar cells, this also

requires the implementation of alternative schemes of con-

tacting, e.g., electroplating and use of advanced silver

pastes,13,14 since the ordinary screen printing technique can

provoke shunting of shallow emitters.

In this study, it is demonstrated that shallow Boron (B)

emitters can be formed in c-Si by spin coating and subse-

quent in-diffusion using FLA.

A 300 lm Float Zone (FZ) c-Si wafer (n-type with resis-

tivity of q� 2000 X cm) was rinsed using a standard RCA

clean leaving the wafer surface hydrophilic and ensuring good

adhesion of the spin-on diffusant (SOD). 2 ml of a polyboron

SOD (Filmtronics B155 SOD) was then applied to the

substrate and spun at 6000 rpm for 30 s yielding a �190 nm

thick film with a B concentration of �9� 1021 cm–3, as deter-

mined by Rutherford Backscattering Spectrometry (RBS).

The deposited film was then baked at 200 �C for 20 min and

subsequently laser cut into samples of 2� 2 cm2 in size before

FLA processing.

Four capacitors with capability to be charged up to a

voltage of 4.4 kV were discharged within 10 or 20 ms into a

bank of Xenon lamps positioned above the sample.15 This

produces a short light flash which emits in a wavelength

range where Si absorbs strongly, and the Si sample can be

heated to temperatures well above its melting temperature

within a few milliseconds. The annealing was undertaken

in N2-atmosphere and the relevant FLA processing parame-

ters for the different samples are summarized in Table I. An

energy density above �120 J/cm2 leads to sample melting, sig-

nifying that �120 J/cm2 corresponds to approximately 1414 �C.

After FLA, and prior to characterization, the SOD film

was removed by chemical etching. The SOD film was very

stable after FLA and could not be etched by HF alone.

TABLE I. FLA parameters and characteristics of the processed samples.

The emitter depth is defined as where the B concentration drops below

1� 1017 cm�3.

Sample #

Pulse

duration

(ms)

Capacitor

voltage

(kV)

Energy

density

(J/cm2)

Boron peak

concentration

(cm�3)

Emitter

depth (nm)

1 10 3.3 83 9� 1019 50

2 10 3.4 88 2� 1020 70

3 10 3.5 93 2� 1020 80

4 10 3.6 100 3� 1020 140

5 10 3.7 105 2� 1020 120

6 20 3.3 83 2� 1020 60

7 20 3.4 88 2� 1020 65

8 20 3.5 93 3� 1020 130

9 20 3.6 100 2� 1020 140

10 20 3.7 105 2� 1020 125

11 20 4.4 147 1� 1020 >30 000
a)Electronic mail: h.n.riise@fys.uio.no
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Hence, the film was oxidized in HNO3:H2SO4 (1:1) before

the HF treatment. The procedure was repeated several times

(10–20) before the sample surface became hydrophobic after

the final HF treatment indicating complete removal of the

SOD film.

Secondary Ion Mass Spectrometry (SIMS) measure-

ments to detect 11B-ions were performed using a Cameca

IMS 7f microanalyzer with 10 keV Oþ2 -ions as the primary

beam. The depth of the sputtered crater was measured by a

Dektak 8 stylus profilometer and used to convert sputtering

time to depth (assuming a uniform and time-independent

erosion rate). A B-implanted reference sample was used to

translate the measured 11B signal to B concentration. The

sheet resistance of the samples was measured at room tem-

perature by a four point probe Jandel KM3-AR setup.

Transmission Electron Microscopy (TEM) analysis was per-

formed on sample # 8 using an image-corrected FEI Titan

80–300 microscope.

Fig. 1 presents B profiles of all samples in a logarithmic

depth scale with the melting of sample # 11 giving rise to an

extension of the B profile to more than 30 lm. The inset dis-

plays B profiles from samples produced by spin-on deposi-

tion and Rapid Thermal Annealing (RTA) for 40 s. In the

samples subjected to high FLA densities, a B concentration

above the solubility limit appears in the vicinity of the sur-

face. However, the SIMS data from the first 10 nm have lim-

ited validity since steady-state conditions for the

measurements are not fully established and no definite con-

clusion on the possible existence of Si-B precipitates can be

made. For the samples flashed for 10 ms (# 1–5, filled sym-

bols), sample # 1 has a low integrated B concentration in

terms of emitter requirements, whilst samples # 2–5 show

more suitable profiles with emitter depths between 70 and

140 nm (cf. Table I). For these depths, the photon wave-

length penetrating the emitter is above 420 nm, and most of

the available sunlight will be absorbed in the base; this esti-

mate is based on the absorption coefficient values given by

Green.16 The peak concentrations are between 9� 1019 cm–3

and 3� 1020 cm–3 which exceeds the solid solubility limit of

B in Si (2� 1020 cm�3 at 1100 �C (Ref. 17)).

A similar conclusion can also be made from the data of

the samples exposed to 20 ms FLA pulses (# 6–10, open

symbols). The 20 ms profiles in Fig. 1 have an emitter depth

between 60 and 140 nm with a peak concentration ranging

from 2� 1020 cm�3 to 3� 1020 cm�3, values similar to those

of samples # 2–5.

Fig. 1 reveals two distinct sets of profiles; at energy den-

sities below 93 J/cm2 (10 ms duration) and 88 J/cm2 (20 ms),

a gradual increase in the peak concentration and emitter

depth occurs (see, e.g., Table I). However, a further modest

increase in the energy density leads to a considerable

increase in both extension and peak concentration of the pro-

files with the emergence of a relatively flat, high B concen-

tration plateau region. An increase above 93 J/cm2 (20 ms)

and 100 J/cm2 (10 ms) does not significantly increase neither

the emitter depth nor the peak concentration even though the

resulting temperature increases by approximately 150 �C, in

accordance with previous calibration.15,18 In fact, the

profile extension decreases (�20 nm) at 105 J/cm2 relative to

100 J/cm2, Fig. 1. Examining Fig. 1, it is also evident that the

extension, peak concentration, and integrated B concentra-

tion of the deep profiles (# 4–5 and # 8–10) are almost inde-

pendent of the pulse duration.

The corresponding sheet resistance values reveal high

electrical activation of the incorporated B atoms as shown in

Fig. 2. The filled, black squares and the filled, red circles rep-

resent the experimental sheet resistance values for samples #

1–5 and samples # 6–10, respectively. The calculated values

(open symbols) were obtained by using the experimental

SIMS-profiles (accounting for the isotopic abundance of
11B) and Klaassen’s mobility model19 assuming full activa-

tion of all the incorporated B dopants. The samples # 2–5

and # 8–10 display values in the range of 70–260 X/(,

which is appropriate for high efficiency solar cells. The cal-

culated data follow the experimental values and point to a

high activation ratio of B, although with some deviations

presumably caused by inaccuracy of the mobility model.

The shape of the profiles of samples # 4–5 and # 8–10 in

Fig. 1 resembles that in low energy B-implanted Si wafers

subjected to Excimer Laser Annealing (ELA) and melting of

the surface region.20,21 The peak temperatures employed in

our work are, however, well below that required for melting

of Si (except for sample # 11, cf. Fig. 1). In fact, spin-on dep-

osition and RTA for 40 s at 1050 �C and 1100 �C give rise to

a similar abrupt increase in the profile extension as FLA at

93 J/cm2 (20 ms) and 100 J/cm2 (10 ms) (cf. the inset of

Fig. 1), which indicates a threshold temperature between

1050 �C and 1100 �C for this abrupt increase. Partial melting

of the samples as a cause of the increase in profile extension

is hence ruled out. Further, it can be noted that RTA pro-

duces deeper profiles than FLA since the duration is much

longer, and ordinary diffusion plays a larger role.

At the annealing temperatures and pulse durations used

in this work, the equilibrium diffusion length of B in c-Si is

only between 10 and 14 Å,22 i.e., one to two orders of magni-

tude smaller than those in Fig. 1, clearly indicating nonequi-

librium diffusion conditions reminiscent of so-called

Transient Enhanced Diffusion (TED).23 This is in direct con-

trast to that found in Ref. 12 for diffusion of P during FLA

where no TED was observed nor any shrinkage of the profile
FIG. 1. Concentration of B as a function of depth for all samples. The inset

displays data of samples treated by RTA for 40 s.
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depth after high density FLA. Further, the temperatures used

in Ref. 12 for similar extensions of the P profiles as those of

the B profiles in Fig. 1 were about 200–300 �C higher. B dif-

fusion in Si is primarily governed by an interstitialcy mech-

nanism,24 BS þ I�BI, where BS represents the immobile

(substitutional) configuration, I is the Si self-interstitial, and

BI is the mobile (interstitial) configuration of B. Hence, an

excess concentration of I’s leads to enhanced diffusion of

B and can account for the nonequilibrium diffusion seen in

Fig. 1. Further, an I can also recombine with a Si vacancy, V,

through the reaction, I þ V !1, i.e., V and BS compete as

traps for I.
The SSuprem4 process simulator, within Silvaco’s

Athena framework,25 has been employed to simulate B-

diffusion profiles assuming an excess of I’s at the Si surface.

A c-Si surface layer with a thickness of 190 nm, B-

concentration of 9� 1021 cm�3, and a certain concentration

of excess I’s was assumed as the diffusion source in the

simulations. Fig. 3(a) shows simulated profiles for a 10 ms

FLA pulse with peak T¼ 1060 �C using different excess ini-

tial I concentrations in the source, CI,s. The FLA pulse is

simulated to emulate the shape of the experimental FLA

pulse given in Ref. 26. A drastic increase in the emitter depth

is seen by comparing results without excess I’s (black

squares) and with excess I’s (colored symbols), corroborat-

ing that the big leap in the experimental profiles for FLA

densities at 93 J/cm2 (20 ms) and 100 J/cm2 (10 ms), Fig. 1, is

governed by a sudden (transient) excess of I’s at the surface.

Also shown in Fig. 3(a) is a comparison between 5, 10, 20,

and 60 ms pulses while keeping CI,s constant at

2� 1018 cm�3 and Tpeak¼ 1060 �C. The resulting profiles

overlap closely, which is consistent with the SIMS data in

Fig. 1 for the samples flash lamp annealed with energy den-

sities of 100 J/cm2 and 105 J/cm2, and pulse durations of 10

and 20 ms. This evidences that the temperature evolution in

the samples is dominated by the heat dissipation after the

flash rather than by the heating phase of the FLA treatment;

the former has a characteristic rate of 400 �C/s, while the lat-

ter is much faster with a rate of 50–100 �C/ms.18

The decrease in emitter width for the highest (non-melt-

ing) FLA density used (105 J/cm2) is surprising, see Fig. 1

and Table I, and it suggests that the B diffusion is retarded at

high temperatures. Indeed, this suggestion is supported by

the simulation results in Fig. 3(b) showing how the profile

width gradually shrinks when the temperature exceeds

1080 �C (10 ms pulse and CI,s¼ 2� 1018 cm�3). The shrink-

age arises from a lower concentration of excess I’s available

to mediate the B diffusion at high temperatures because of a

strongly increasing concentration of V’s (Fig. 3(c)) leading

to a higher recombination rate of the I’s (I þ V !1). In

other words, at high temperature, the V’s becomes a serious

competitor to B’s for trapping of the highly mobile I’s and

less B is transformed into the mobile BI configuration. Here,

it should be underlined that the formation energy of self-

interstitials is substantially higher than that of the vacancies

FIG. 2. Sheet resistance of all samples with calculated data deduced from

the SIMS profiles using Klaassen’s mobility model.19 The calculations

account for the natural abundance of 10B and 11B.

FIG. 3. Simulated boron and defect

concentrations as a function of depth.

(a) B profiles. Constant T¼ 1060 �C
with varying CI,s. (b) B profiles.

Constant CI,s¼ 2� 1018 cm�3 and

t¼ 10 ms with varying T. (c) I (solid

lines) and V (dotted lines) profiles.

Constant CI,s¼ 2� 1018 cm�3 and

t¼ 10 ms with varying T.
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(2.36 versus 1.08 eV)25 and the equilibrium concentration of

I’s remains negligible to the excess one even at temperatures

approaching the melting point.

As discussed above, a temperature above �1050 �C is

required for the enhanced B diffusion to occur; the process is

thus thermally activated and provides evidence of TED. Data

from RBS analysis give a composition of �25% B, 55% C,

and 20% O of the SOD film. Accordingly, at least two possi-

ble mechanisms can be put forward for injection of excess

I’s: (i) for a B-to-Si ratio above �0.01 at the SOD/Si inter-

face and temperatures below �1270 �C, a mixture of Si,

SiB3, and SiB6 co-exists at the Si surface.27,28 The formation

of such silicon boride precipitates, which is likely under the

FLA conditions used, is accompanied by a large amount of

released/injected I’s. (ii) Because of the high oxygen content

in the SOD films, formation of SiO2 is anticipated at SOD/Si

interface leading to injection of I’s, i.e., so-called oxidation-

enhanced-diffusion (OED).29 Further investigations need to

be pursued in order to unveil the relative importance of these

two processes.

In Fig. 4, a TEM image of the surface region of sample

# 8 is shown. Neither the surface region nor the junction

region (not included) exhibits structural defects, demonstrat-

ing that the FLA treatment does not induce a high defect

concentration. The roughness (�10 nm) observed at the top

of the image is due to the post-FLA etching treatment and

may partially limit the SIMS depth-profiling resolution

(�10 nm). Further, no secondary phases (such as SiB3 or

SiB6) are observed in the bulk of Si (deeper than 5–10 nm).

The lack of TEM evidence for precipitates does, however,

not preclude their presence during FLA as the precipitates

may have been etched away by the chemical treatment prior

to TEM characterization.

In conclusion, by depositing a polyboron SOD on a Si

wafer and heat treating the system with FLA for 10 or 20 ms,

high concentration shallow pþ emitters have been realized.

The emitters are highly electrically activated with B peak

concentrations between 9� 1019 cm�3 and 3� 1020 cm�3

and depths between 50 and 140 nm. TEM analysis reveals no

structural defects induced by the FLA treatment. A drastic

broadening of the B profiles occurs above an energy density

of 88 J/cm2, attributed to TED mediated by Si self-

interstitials as supported by process simulations. The intersti-

tials originate most likely from a thermally activated reaction

between the SOD film and the Si wafer surface.
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460976), a Centre for Environment-friendly Energy
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and research and industry partners in Norway.
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Epitaxial Cu2O films grown by reactive and ceramic radio frequency magnetron sputtering on single

crystalline ZnO (0001) substrates are investigated. The films are grown on both O- and Zn-polar sur-

face of the ZnO substrates. The Cu2O films exhibit a columnar growth manner apart from a �5 nm

thick CuO interfacial layer. In comparison to the reactively sputtered Cu2O, the ceramic-sputtered

films are less strained and appear to contain nanovoids. Irrespective of polarity, the Cu2O grown by

reactive sputtering is observed to have (111)Cu2Ojj(0001)ZnO epitaxial relationship, but in the case

of ceramic sputtering the films are found to show additional (110)Cu2O reflections when grown on

O-polar surface. The observed CuO interfacial layer can be detrimental for the performance of Cu2O/

ZnO heterojunction solar cells reported in the literature. VC 2016 AIP Publishing LLC.

[http://dx.doi.org/10.1063/1.4945985]

Cu2O (copper(I) oxide, cuprous oxide) is a p-type semi-

conductor material with a direct band gap (ECu2O
g � 2:1 eV)

and a high absorption coefficient.1,2 Cu2O thin films grown by

reactive radio frequency (rf) magnetron sputtering can exhibit

a high hole mobility of �60 cm2/V s at room temperature

(RT) with a carrier density of �1015cm�3.3 Besides, Cu2O is

chemically stable, non-toxic and earth-abundant.4 This makes

Cu2O a particularly suitable candidate for thin film solar cells,

where high conversion efficiency is required while manufac-

turing in large-scale at low costs. Oxide based thin film solar

cells with Cu2O as the absorber layer show a theoretical effi-

ciency around 20% (Ref. 5) while currently reported experi-

mental values remain in the range of 2%–6%.6,7 For further

understanding and improvement, both the thin film properties

(transport, optical, and structural) and interface quality should

be investigated.

Fariza et al.8 have reported on studies of a heterojunc-

tion (HJ) between polycrystalline ZnO and Cu2O. It was pre-

pared by low-temperature electrodeposition where Cu2O is

deposited on a Au/Si(100) substrate, followed by deposition

of ZnO. The X-ray Diffraction (XRD) measurement results

have shown preferential orientations for Cu2O and ZnO of

being (111) and (0001), respectively. The HJ shows a higher

rectification in the current-voltage (I-V) measurement when

the ZnO film was deposited at a high cathode current density,

where Cu was believed to be formed at the HJ interface due

to reduction in Cu2O. Chou et al.9 compared the HJs of mag-

netron sputtered Al-doped ZnO films on polycrystalline

Cu2O underlayers with orientations of (111) and (100) pre-

pared by potentiostatic electrodeposition. They demonstrated

that the HJ based on Cu2O(111) without substrate heating

had the highest solar conversion efficiency, �0.07%.9 Li

et al.10 have shown that the Cu2O(111) orientation can be

realized by low temperature (<300 �C) oxidation of Cu(111)

epi-layer grown on single crystal ZnO(0001) using a radio-

frequency plasma assisted molecular beam epitaxy (rf-MBE)

system. In addition, preferential orientations of polycrystal-

line Cu2O films deposited on fused silica can also be tuned,

via the magnetron target power, between (111) and (100)

during reactive sputtering.11

In order to elucidate the atomic and electronic structure

of the Cu2O/ZnO HJ, samples with well-defined, sharp, and

non-inclined interfaces are highly desirable. This enables

studies with atomic (or sub-atomic) spatial resolution and

may unveil the reason for the poor performance of Cu2O-

based HJ solar cells relative to that expected theoretically. In

the present work, Cu2O films have been magnetron sputtered

on O- and Zn-polar c-axis ZnO single crystal substrates by

reactive sputtering and by sputtering from a ceramic Cu2O

target (ceramic-sputtered). The crystal structure and strain of

the films are studied by XRD and the strain reflected in the

Cu2O lattice constants is compared between the different

samples. Further, the crystal structure is also studied by

high-resolution scanning transmission electron microscopy

(HRSTEM) and especially, a few nm thick interfacial layer

of CuO is clearly revealed in all the samples. Such a layer is

anticipated to be highly detrimental to the opto-electronic

performance of the Cu2O/ZnO HJ.

Cu2O thin films were deposited on c-axis oriented ZnO

single crystal wafers purchased from Tokyo Denpa Co.,

Ltd., employing a direct current/radio frequency (DC/RF)

Magnetron Sputter system (Semicore Triaxis). ZnO substrates

(double-side polished, Zn/O polar) were cut into pieces of

5� 5 mm2 and treated in consecutive RT ultra-sonic baths

using acetone, isopropanol, and deionized water, 10 min each.

Subsequently, the substrates were dried with nitrogen flow

and loaded into the deposition chamber. The substrate temper-

ature TS was kept at 400 �C during deposition regardless of

sputtering method used (reactive sputtering and sputtering

from ceramic Cu2O target). Other key process parameters area)Electronic mail: h.n.riise@fys.uio.no

0003-6951/2016/108(15)/152110/5/$30.00 VC 2016 AIP Publishing LLC108, 152110-1
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summarized in Table I. The base pressure was kept below

4.0� 10�4 Pa at TS¼ 400 �C, and the sample stage was

rotated at a constant speed of 12 rpm during the deposition in

order to attain a good film uniformity. In this context, it is im-

portant to mention that sputtering with closed shutter to the

substrate was performed for �5 and �30 min for reactive and

ceramic methods, respectively, prior to the actual film deposi-

tion (so-called pre-sputtering), and no influence of the deposi-

tion time on the resulting film stoichiometry has been found,

i.e., steady-state conditions prevail. The films were afterwards

characterized by: (1) XRD (Bruker AXS D8 Discover, Cu Ka
X-rays) analysis to determine the crystal structures (including

the crystal orientation and strain) in normal h–2h scanning

mode and to determine the epitaxial relationship through in-

plane /-scans (PanAlytical Empyrean diffractometer with a

4-bounce Ge(220) Barthels monochromator as primary optics,

a 0.27� parallel collimator with 0.04 rad soller slits as second-

ary optics and a proportional Xe-detector), (2) high resolution

scanning transmission electron microscopy (HRSTEM) imag-

ing performed in a FEI Titan G2 60–300 with DCOR Cs probe

corrector operated at 300 kV. The thin-film cross-section

specimens are prepared by tripod wedge mechanical polishing

method,12 followed by ion milling for 1 h in a Fischione 1010

TABLE I. Selected processing parameters and values used for the two sput-

tering methods used for deposition.

Method Target (-)

Q(Ar)a

(sccm)

QðO2Þb
(sccm)

PP
c

(Pa)

PT
d

(W)

Re

(nm min�1)

Reactive Cu 20.0 3.6 0.95 250 �60

Ceramic Cu2O 15.8 0 0.73 50 �2.7

aQ(Ar) is argon mass flow.
bQ(O2) is oxygen mass flow.
cPP is plasma pressure.
dPT is target power.
eR is growth rate.

FIG. 1. 2h-h X-ray diffraction (XRD)

patterns for the Cu2O films grown on

ZnO with different polarities, reactive

sputtering (a)–(c) and ceramic sputter-

ing (d)–(f). The peaks labelled with

stars indicate artefact reflections from

the sample holder.
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with 5 keV ion energy and 5 mA beam current. High angle an-

nular dark field (HAADF) Z-contrast HRSTEM imaging were

performed with a probe convergence angle of 22 mrad, collec-

tion angles of 58–200 mrad, and a probe current of �80 pA,

resulting in a spatial resolution of 0.08 nm to investigate the

cross-section of the Cu2O/ZnO structures.

X-ray diffraction (XRD) patterns (Figs. 1(a)–1(c)) show

that the reactively sputtered films have a strong Cu2O{111}

reflection regardless of substrate terminations, while the

ceramic-sputtered ones exhibit an additional Cu2O{110}

reflection (Figs. 1(d)–1(f)) when they are grown on an

O-polar substrate. The (111) surface has the most suitable lat-

tice coherence at the interface with ZnO (0001). The (111)

plane is, therefore, expected to be the most probable one

under given conditions. Previous studies have shown that

Cu2O may grow preferentially in the [110] direction on

[0001]-oriented ZnO substrates, since Domain Matching

Epitaxy (DME) relieves the lattice mismatch strain.13 The

lower growth rate of the ceramic sputtering may promote this

growth as it gives the sputtered species more time to relax.14

However, in this study, we focus on the (111) Cu2O preferen-

tial growth, and an extensive investigation on the origin of

{110} reflections is outside the scope of this work.

The shift of the peak positions from the dashed lines

(from powder diffraction file (PDF)) in all diffractograms

(Figs. 1(a)–1(f)) indicate that the Cu2O films are strained,

with a larger strain in the reactively sputtered films. To fur-

ther compare strain in the films, the lattice parameter a has

been extracted from the XRD patterns assuming a hydro-

static strain, and the results are summarized in Table II.

Compared with the value a from powder diffraction

(a¼ 4.2685 Å), a increases about 1.16% and about 0.76% for

the reactively sputtered films when grown on O- and Zn-

polar substrates, respectively. On the other hand, a increases

only by about 0.34% and 0.08% for the ceramic-sputtered

films when grown on O- and Zn-polar substrates, respec-

tively. Thus, the reactively sputtered films have a larger

strain than the ceramic-sputtered ones, irrespective of the

substrate polarity. Especially, the reactively sputtered film

grown on O-terminated substrate has the highest strain �
among all.

In-plane /-scans of the (331)- and ð11�24Þ-reflections of

a Cu2O reactively sputtered film and the Zn-polar substrate,

respectively, are shown in Fig. 2. The diffractogram reveals

complete coherence of the film crystal structure with respect

to the substrate. One can notice, however, that the /-scan

shows a 6-fold rotational symmetry for the Cu2O film, while

the [111]-axis is a 3-fold rotational symmetry axis. Detailed

TEM studies have shown that this apparent contradiction is

due to epitaxial twinning, i.e., the film grows in two separate

domains with the crystal structures rotated 180� around the

[111]-axis with respect to each other.15 In addition, similar

epitaxial twinning has been reported for other oxide-based

epitaxial heterostructures.16

The HAADF-STEM images in Figs. 3(a) and 3(b) show

cross-section views of Cu2O/ZnO junctions, where the Cu2O

films were prepared on O-polar ZnO by reactive and ceramic

sputtering, respectively. The thickness of the film is esti-

mated to be �1 lm. A sharp and well-defined junction inter-

face occurs between the substrates and the films, irrespective

of the growth method used (see Table I). The images also

reveal columnar growth. However, in the case of ceramic

sputtering, the Cu2O film is less dense and contains nano-

sized voids seen as gray speckles, indicated by the arrows in

Fig. 3(b). Similar results were also found for films grown on

TABLE II. Summary of the lattice constant a, 2h position and their inten-

sities Ipeak, and full width half maximum (FWHM) of Cu2O films with crys-
tal orientations of (111) and (110) sputtered on both Zn- and O- polar ZnO
substrates.

Method Polarity (-)

(hkl)

(-) a (Å)

2hpeak

(deg)

Ipeak

(arb. units)

FWHM

(deg)

Reactive O-polar 111 4.318 6 0.004 36.008 58 076 0.094

76.349 1078 0.288

Zn-polar 111 4.301 6 0.004 36.163 48 768 0.107

76.730 1025 0.259

Ceramic O-polar 110 4.283 6 0.004 29.473 482 0.175

61.161 986 0.352

111 36.297 672 0.142

77.069 12 0.312

Zn-polar 111 4.272 6 0.004 36.396 30 503 0.092

77.288 536 0.244

FIG. 3. HAADF-STEM cross-sectional images of Cu2O films grown by re-

active sputtering (a) and ceramic sputtering (b) on O-polar ZnO single

crystal.

FIG. 2. In-plane /-scans of the (331)-reflection of a Cu2O reactively sput-

tered film and the ð11�24Þ-reflection of the Zn-face ZnO substrate.
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the Zn-polar substrates. The formation of the nanovoids in

ceramic-sputtered films correlates well with the strain

unveiled by Fig. 1, considering that the nanovoids can be a

source for relieving the strain.

Further, the ZnO/Cu2O interface in cross-section was

investigated by HAADF-STEM cross-section imaging. Fig. 4

shows a comparison for Zn-polar substrates for reactively and

ceramic-sputtered films. In both cases, an interfacial CuO

layer is present between ZnO and Cu2O (Figs. 4(a) and 4(b)).

For reactive sputtering, this interfacial layer is continuous

along the ZnO substrate with a thickness of roughly 5 nm (Fig.

4(a)), whereas for ceramic sputtering, the nature of the interfa-

cial layer is discontinuous and occurs as separate islands along

the ZnO substrate (Fig. 4(b)). Fast Fourier Transform (FFT)

diffractograms from these HRSTEM images (also shown in

Fig. 4) are consistent with a monoclinic CuO (copper (II) ox-

ide, cupric oxide) phase for the interfacial layer. The presence

of such a phase at the Cu2O/ZnO hetero-junction interface is

mostly detrimental to the performance of a solar cell,18,19 CuO

has a narrower band gap (ECuO
g � 1:2 eV) than Cu2O, and the

desirable energy band alignment at the Cu2O/ZnO HJ to pro-

mote the transfer of optically generated minority carriers over

the interface is hampered. Moreover, also pinning of the

Fermi-level position in the Cu2O/CuO/ZnO structure can be

anticipated because of interfacial defect states,19 and the pres-

ence of the CuO layer needs indeed to be eliminated for opti-

mum solar cell performance.

It should also be mentioned that the �5 nm interfacial

CuO phase is not observed in the XRD patterns due to the

small thickness in comparison to the bulk Cu2O. The forma-

tion of the interfacial layer is expected to be related to the

strain at the epitaxial interface with ZnO. The ZnO/CuO

interface has a lower mismatch than the ZnO/Cu2O interface

and it has a better atomistic coherence. It is expected that the

interfacial CuO relieves the misfit strain between ZnO and

Cu2O lattices (7.6%).8 This can explain the relatively low

strain values quoted in Table II.

In summary, Cu2O thin films have been grown on single

crystal Zn/O polar ZnO substrates by both reactive and ce-

ramic rf sputtering. High resolution STEM imaging shows

sharp, well-defined epitaxial heterojunction interfaces of the

Cu2O films towards the ZnO substrates for all the samples.

The Cu2O films exhibit a columnar growth manner.

However, a �5 nm thick interfacial layer, identified as CuO,

is found in all the samples. The layer is continuous along

ZnO interface in the case of reactive sputtering whereas it

appears as islands for the ceramic sputtering. The reactively

sputtered Cu2O films are dense and more strained than the

ceramic-sputtered ones which contain speckle-like nano-

voids. Irrespective of polarity, Cu2O grown by reactive sput-

tering is observed to have (111)Cu2Ojj(0001)ZnO epitaxial

relationship with the substrate. However, in the case of ce-

ramic sputtering the Cu2O films are found to show an addi-

tional (110)Cu2Ojj(0001)ZnO relationship when grown on

the O-polar surface. Finally, the CuO interfacial layer is det-

rimental to the performance of the Cu2O/ZnO-based solar

cells.
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Homoepitaxial ZnO growth is demonstrated from conventional RF-sputtering at 400 �C on both Zn

and O polar faces of hydrothermally grown ZnO substrates. A minimum yield for the Rutherford

backscattering and channeling spectrum, vmin, equal to �3% and �12% and a full width at half

maximum of the 00.2 diffraction peak rocking curve of (70 6 10) arc sec and (1400 6 100) arc sec

have been found for samples grown on the Zn and O face, respectively. The structural characteris-

tics of the film deposited on the Zn face are comparable with those of epilayers grown by more

complex techniques like molecular beam epitaxy. In contrast, the film simultaneously deposited on

the O-face exhibits an inferior crystalline structure �0.7% strained in the c-direction and a higher

atomic number contrast compared with the substrate, as revealed by high angle annular dark field

imaging measurements. These differences between the Zn- and O-face films are discussed in detail

and associated with the different growth mechanisms prevailing on the two surfaces. Published by
AIP Publishing. [http://dx.doi.org/10.1063/1.4973342]

I. INTRODUCTION

ZnO is a promising material for a wide variety of device

applications ranging from optoelectronics to piezoelectricity

and spintronics.1–4 In this respect, the growth of films with

device-worthy structural, optical, and electrical properties

becomes crucial, and homoepitaxy represents a fascinating

choice. In recent years, due to the commercial availability of

high quality ZnO single crystal substrates, several studies on

ZnO homoepitaxy have been published. However, up till

now, among all the techniques investigated, the main focus

has been on films deposited by plasma-assisted molecular

beam epitaxy (PA–MBE),5–7 metalorganic vapor-phase epi-

taxy (MOVPE),8–10 chemical vapor deposition (CVD),11

pulsed-laser deposition (PLD),12,13 and atomic layer deposi-

tion (ALD);14 for a review, see, for example, Ref. 15 and

references therein. On the other hand, magnetron sputtering

has been extensively investigated for obtaining polycrystal-

line transparent conductive oxide (TCO) films based on

ZnO,16 while less work has been devoted to sputtering based

ZnO homoepitaxy.17–20

As an example, films with �40 arc sec 00.2 rocking

curve full width at half maximum (FWHM) have recently

been obtained by Radio Frequency (RF) sputtering on pre-

baked Zn face of hydrothermally grown (HT) ZnO wafers at

a substrate temperature �500 �C.18 Another study indicated

that substrate temperatures of �800 �C are necessary to

obtain similar rocking curve FWHMs on films with compara-

ble thickness.19 Further, contradicting results on the surface

polarity role have been reported suggesting a higher crystal

quality, in terms of 00.2 rocking curve FWHMs, for deposi-

tions on the Zn-face,19 the O-face,20 or almost no polarity

dependence.17 Beside the structural characteristics of the

films, their stoichiometry and structural defects are also key

properties from a technological point of view; however, so

far, little attention has been paid to these aspects.

In this study, it is shown that homoepitaxial single crys-

tal stoichiometric ZnO films can be grown by RF-sputtering

on the Zn face of HT ZnO wafers at 400 �C, using previously

optimized deposition parameters for glass substrates.21

Structural, crystallographic, and compositional analysis of

the grown layers provide evidence of different optimum

deposition conditions between O- and Zn-face, consistent

with a polarity dependence of the growth mechanisms.

II. EXPERIMENTAL DETAILS

A commercially available 1 � 1 cm Tokyo Denpa HT
wafer double sided polished and with a nominal resistivity

equal to �75 X cm was divided into two 1 � 0.5 cm pieces

used for Zn and O face deposition and labeled hereafter as

samples A and B, respectively. These two samples are part of

a study based on a batch of 14 samples in total.22 Afterwards,

acetone, ethanol, and deionized water cleaning was performed

for 5 min each sequentially, prior to loading them simulta-

neously into a Semicore Tri-axis Multi Source Sputteringa)Electronic mail: schifano@ifpan.edu.pl

0021-8979/2017/121(1)/015304/8/$30.00 Published by AIP Publishing.121, 015304-1

JOURNAL OF APPLIED PHYSICS 121, 015304 (2017)

107



System balanced magnetron sputtering deposition system.

As ZnO source, a 99.99% pure ZnO ceramic target mounted

on a RF-powered 3 in. cathode was used, and the target to

substrates distance was set equal to �11 cm. The ZnO sub-

strates were placed on a quartz support corresponding to a

sample floating potential condition. The sample chamber

was evacuated to a base pressure of �6� 10�7 Torr. After

reaching the desired deposition substrate temperature of

400 �C, 99.999% pure Ar was introduced to a pressure of

�17 mTorr. The film deposition was performed by keeping

the ZnO cathode power at 50 W and the rotation of the sam-

ple stage at 12 rpm. A pre-sputtering time of 10 min for

cleaning the target was performed, and subsequently, the

shutter was opened. The deposition lasted 5 h corresponding

to an expected film thickness of (560 6 30) nm on glass sub-

strates according to a previous work.21 The cathode voltage

during deposition was constant at a level of (177 6 1) V.

The sputtered thin films were analyzed by Rutherford

backscattering spectrometry in channeling (RBS/C) and ran-

dom mode (RBS/R) with 3.085 MeV 4Heþþ ions incident

along the [00.1] direction and a Si surface barrier based

detector positioned at 165� relative to the incident beam

direction. The energy of the incident 4Heþþ ions was

selected in order to exploit the O resonance23,24 and accu-

rately verify the stoichiometry of the films. A 1 � 1 mm2

beam size was used, the detector resolution was 15 keV and

no bias was applied to the samples. The stoichiometry of the

grown layers was determined by comparing the deposited

layers RBS/R spectra with those of a single crystal ZnO

wafer, anticipated to be stoichiometric. In addition, from the

RBS/C and RBS/R measurements, the minimum yield, vmin

was extracted as well. Finally, the RBS spectra channel width

was converted to Zn depth using the stopping power given

by the SRIM code25 and assuming the ZnO atomic density

equal to 8.3� 1022 cm�3.

The structural quality of the samples was investigated

with a Bruker AXS D8 Discover X-ray diffractometer (XRD)

and a High Resolution Philips X’Pert Diffractometer

(HXRD) by using the CuKa1 line selected by a 2 and 4

bounce Ge(022) asymmetric monochromator placed on the

primary beam side, respectively. The 2H – x scans shown

were acquired with a position sensitive detector (LynxEye)

utilized in the 1D mode (virtual receiving slit size¼ 75 lm),

while for the transverse x-scan, a three bounce Ge(220) ana-

lyzer in the diffracted path was used. Further, in double axis

geometry, the Philips X’Pert diffractometer utilized a 1/4�

receiving slit placed in front of the detector to record recipro-

cal space maps (RSM). Line profiles were fitted with a Voigt

function. The full width at half maximum (FWHMV) of the

Voigt functions given in Sec. III has been corrected for the

instrumental broadening according to the procedure outlined

in Ref. 26.

Transmission electron microscopy (TEM), high resolu-

tion transmission electron microscopy (HR–TEM), and scan-

ning transmission electron microscopy (STEM) were carried

out on a JEOL 2100F instrument equipped with a field emis-

sion gun and operated at a 200 kV acceleration voltage.

Cross-sectional TEM samples were prepared by mechani-

cally polishing the films into wedge samples having a �5�

angle using an Allied tripod polisher, followed by �2 h of Ar

ion beam milling at low temperature (�168 �C) using a

Gatan 691 Precision Ion Polishing System (PIPS) operated

at 3.5 keV.

Finally, the samples and substrates surface morphology

was investigated by Atomic force microscopy (AFM) meas-

urements performed with a Veeco D3100 microscope run-

ning in tapping mode. The root mean square (RMS) surface

roughness was deduced by averaging four 2.00 � 2.00 lm

AFM amplitude images taken at different positions of the

samples surfaces.

III. EXPERIMENTAL RESULTS

A comparison of RBS/R spectra of samples A and B and

of a single crystal ZnO wafer acquired in random geometry

is shown in Fig. 1(a). The results confirm that samples A and

B are stoichiometric within the experimental accuracy (61

at. %). The stoichiometry of the epilayers was also confirmed

by simulated curves to the experimental spectra using the

SIMNRA code27 (not shown) even though, this is only indic-

ative because of the uncertainty of the non-Rutherford

FIG. 1. (a) Comparison between the RBS/R spectra for samples A, B (scatter

points) and a single crystal ZnO wafer (solid line). (b) RBS/C spectra for

samples A and B and the RBS/R spectra of sample A. In both figures (a) and

(b), the positions of the surface peaks of Zn and O are denoted by arrows.
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stopping power cross section. According to secondary ion

mass spectrometry results, the H content is estimated to be

�1020 cm�3 in the films with other unintentionally intro-

duced impurities like Mg, Cl, Al, and Si occurring in the

�1017–1019 cm�3 range.28 The RBS/C results for the A and B
samples are shown in Fig. 1(b), together with the RBS/R of

sample A. The extracted vmin equals �3% and �12% for

samples A and B, respectively, as summarized in Table I.

The former value is similar to that (�2%–3%) typically

recorded for single crystal HT ZnO wafers purchased from

the same vendor.29 Hence, the RBS/C measurements are sug-

gesting a film crystalline quality of sample A comparable to

that of the substrate, while for sample B, the higher vmin and

larger dechanneling vs Zn depth indicate a more defective

epilayer. In addition, Fig. 1(b) reveals no bulk to film inter-

face change in the slope of the RBS/C spectra for sample A,

but for sample B, it occurs at a Zn depth of �400 nm. Here,

also the small peak in the yield may suggest a defective film-

substrate interface. This indicates that the film deposited on

the O-face is �160 nm thinner than expected using glass sub-

strates. This difference will be discussed in detail in Sec. IV.

In Fig. 2, 2h – x scans of the 00.2 reflection are shown, and

for sample A, the film related peak overlaps closely with the

substrate one implying equal lattice constants in the c-direc-

tion. In contrast, for B, a distinct film peak is observed

�0.25� below the substrate signal, thus indicating a unit cell

elongated in the c-direction. In Fig. 3(a), results from trans-

verse x-scans corresponding to the 00.2, 00.4, and 00.6 peak

positions are shown for sample A. A FWHMV of the Voigt

function describing the 00.2 transverse x-scan, after eliminat-

ing the instrumental broadening, is extracted and found equal

to (70 6 10) arc sec. This is to be compared with a starting

Zn- as well as O-face FWHMV within (20 6 10) arc sec as

measured on a substrate of the same batch and in agreement

with what was previously reported by the vendor.30 The value

found for sample A here is similar to that previously obtained

by RF-sputtering on substrates kept at �800 �C and compara-

ble to the values recently reported for films obtained by

MOVPE, PLD, and PA–MBE, typically in the �20–40 arc sec

range.10,19,31 The peak widths in the transverse x-scans are

much broader for sample B, as can be seen in Fig. 3(b), and

indicating a poor crystal quality of the grown epilayer. This is

consistent with the RBS/C results. In addition, a close look on

TABLE I. vmin, FWHMV of the 00.2 rocking curves fitted with a Voigt function, lattice parameters, lateral correlation length, Lk, and angular tilt misorienta-

tion, atilt, for samples A and B. In the case of Lk and atilt the values in parentheses are the ones obtained by the single 00.2 transverse x-scan profile analysis

described in Ref. 37.

Sample vmin c (Å) a (Å) FWHMV (arc sec) Lk (lm) atilt (arc sec)

A �3 5.2074 6 0.0001 3.2506 6 0.0006 70 6 10 �2.5 90 6 10

(3 6 1) (70 6 10)

B �12 5.243 6 0.001 3.255 6 0.007 1400 6 100 0.12 6 0.03 1300 6 100

(0.11 6 0.04) (1300 6 100)

FIG. 2. 00.2 reflection 2h – x scans for samples A and B normalized to the

main/substrate peak intensity.

FIG. 3. 00.2, 00.4, and 00.6 transverse x-scans for samples A and B in (a)

and (b), respectively. In both cases, the curves are displaced along the inten-

sity axis for clarity, and the Voigt functions used to model the experimental

data are indicated by solid lines (two Voigt functions centered in Dx equal

to 0 have been used to fit the 00.2 peak in the case of sample B). Note that

the large maximum and dynamical intensity difference between samples A
and B is related not only to the superior crystal quality of the former, but

also to the presence of an overlapping substrate contribution.
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the 00.2 data in Fig. 3(b) actually reveals the existence of two

contributions: a broad diffuse component and a sharper one

with a FWHMV of (1400 6 100) arc sec and (150 6 40) arc

sec, respectively. Furthermore, at the higher orders of reflec-

tion, the sharp component vanishes. The presence of two com-

ponents in the 00.2 transverse x-scan can be related to: (i) a

substrate surface related streak overlapping with the film sig-

nal,32 (ii) an unconventional mosaic structure of the film with

the single crystallites coherently scattering the X-rays because

of a long range order due to the substrate film interfacial inter-

actions.33 In the latter case, the specular component is attenu-

ating at high reflection orders due to the residual disorder

present, whereas in the former case, it disappears due to the

increasing angular distance between the substrate/film peak

positions. Both interpretations are consistent with the results

obtained, and further measurements are necessary to distin-

guish between the two physical mechanisms. Here, it is also

worth pointing out that rocking curves showing similar char-

acteristics have also been reported for ZnO films grown by

PA–MBE on c-sapphire substrate.34 In this case, interfacial

degradation due to the large lattice mismatch to the substrate

was discussed as a possible reason for the double peak feature.

However, in our case, the absence of a double peak for the

high order reflections excludes the occurrence of a two region

structure along the growth direction, as expected, since no lat-

tice mismatch is present. In the following, the broad diffuse

component FWHMV is taken as a figure of merit of the crystal-

lographic quality of sample B and used to extract relevant film

characteristics.

For transverse x-scans corresponding to symmetric

reflections, the averaged lateral correlation length, Lk, is

independent on the scattering vector, Q. On the other hand,

the angular tilt misorientation, atilt, causes a broadening (in

arcs) in the reciprocal space and is therefore proportional to

Q. Hence, a Williamson–Hall like plot35 can be utilized to

separate Lk and atilt. By considering the relations linking the

angular space coordinates to the reciprocal space ones, a

Williamson–Hall like plot will, in this case, become: b
� (sin h)/k vs. sin h/k, where b is the transverse x-scan inte-

gral breath expressed in rad, h the corresponding Bragg

angle, and k the CuKa1 wavelength. Then, atilt corresponds

to the slope of the linear dependence, while Lk can be extracted

from the intercept with the ordinate, y0, according to the rela-

tion Lk ¼ 1=2y0.36 The resulting Williamson–Hall like plots

for samples A and B, obtained by using the b of the Voigt func-

tion modeling the x-scan presented in Fig. 3, are shown in Fig.

4. As given in Table I, Lk and atilt are found equal to �2.5 lm

and (90 6 10) arc sec for sample A and to (120 6 30) nm and

(1300 6 100) arc sec for sample B. In order to substantiate these

values, which suffer from a low signal to noise ratio for the

high-order reflections of sample B, also a single 00.2 transverse

x-scan profile analysis has been performed.37 According to this

analysis, the Voigt function is related to Lk and atilt via the

Lorentzian and Gaussian component of the peak, respectively,

assuming a random distribution of mosaic blocks around the

growth direction.37 A fairly good agreement between the two

methods is found for both samples, as illustrated in Table I.

The values of atilt for sample A are comparable to those

reported (�20 arc sec) for ZnO layers grown on c-sapphire by

PA–MBE utilizing a MgO/ZnO buffer bilayer followed by

annealing at 750 �C prior to the ZnO film deposition.34

Similarly, also the large Lk � 3 lm confirms the good crystal-

lographic property of sample A. On the other hand, for sample

B, both atilt and Lk are in the range of the values generally

reported for heteroepitaxially grown ZnO layers.34,38,39

The RSM results of the asymmetrical �10.5 reflection

are shown in Figs. 5(a) and 5(b). For sample B, the film node

is clearly separated from the substrate peak and occurs at

smaller Qy. The elliptic shape of the ZnO node is elongated

along the Qx axis, indicating that the dominant broadening is

due to the limited lateral correlation length, Lk.
40 In contrast,

no distinct epilayer peak occurs for sample A, see Fig. 5(b),

consistent with the symmetrical reflection shown in Fig. 2.

Furthermore, a factor of �3 reduction both in the Qx and Qy

extension of the signal tails is observed, corroborating the

overall better crystal quality of sample A relative to sample

B. From the �10.5 asymmetrical scans shown in Fig. 5 and

the 2h – x scans 00.6 peak position (not shown), the lattice

constants a and c have been evaluated and are listed in Table I.

Corrections for refraction effects due to the difference in

refractive index between the sample and air, have been omit-

ted in these calculations.32 Here, it is interesting to notice

that the a lattice constant is identical for the two samples

within the experimental errors, while for sample B, the c lat-

tice constant is found �0.7% elongated with respect to the

substrate/sample A, as already discussed.

Figs. 6(a) and 6(b) show selected area diffraction pat-

terns (SAED) of the samples A and B, respectively. A sharply

defined spot pattern is observed for both samples consistent

with single crystalline homoepitaxial layers. HR–TEM
images of the substrate-film interface taken along the a-axis

reveal a more defective interface in sample B (Fig. 4(d))

compared to sample A (Fig. 4(c)). In addition, the presence

of threading dislocations originating from the substrate-film

interface and reaching the surface has been revealed by two-

beam bright field imaging close to the m-axis in sample A, as

shown in Fig. 6(e). Diffraction contrast analysis suggest that

the Burgers vector, b, of these defects are of edge-type and

parallel to the {11.0} directions. The presence of these

FIG. 4. (a) Graphical separation of the contributions from the lateral correla-

tion length, Lk, and the angular tilt misorientation, atilt, to the broadening of

the transverse x-scans integral breath, b, based on a Williamson–Hall like

plot.
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dislocations confirms that the film is a relaxed single crystal

layer and they have been reported as the most abundant type

of threading dislocations in PA–MBE grown ZnO films

deposited on c-sapphire with and without a MgO buffer

layer.34 It is important to note that such pure edge disloca-

tions will affect only (hk.l) planes with at least h or k non-

zero, i.e., the FWHMV of the transverse x-scans

corresponding to symmetric reflections in Fig. 3(a) will not

be influenced and hence not reveal the presence of the pure

edge dislocations. A similar analysis of sample B did neither

unveil any distinct dislocations, see, for example, Fig. 6(f)

where the TEM image along the a-axis is shown, nor evi-

dence for other extended defects, like basal stacking faults.

Note also that a comparison between these two cross sec-

tional two-beam bright field images (Figs. 6(e) and 6(f))

reveals a substantial difference in thickness between the epi-

layers grown on the Zn face (sample A � 800 nm) and the O

face (sample B � 400 nm). This occurs despite that the two

layers were prepared simultaneously and is far beyond the

�5% thickness fluctuations observed for previous polycrys-

talline films.21 Furthermore, in both cases, the film thick-

nesses deviate significantly from the expected one of

�560 nm, based on films deposited on glass substrates using

the same growth conditions.21

Comparison of the TEM cross section images of the

films with those of the substrates reveals that sample B
exhibits a darker contrast than the bulk (see Fig. 6(f)).

Further investigations based on STEM analysis using high

angle annular dark field (HAADF–STEM) imaging reveal a

higher atomic number (Z) contrast with respect to the sub-

strate, Fig. 7. This indicates a slightly Zn rich and/or denser

layer, leading to the darker appearance in the TEM cross sec-

tion image (Fig. 6(f)). Comparison with the RBS/R results

suggests that in the former case the Zn excess has to be

within the measurement accuracy of �1 at. %. In addition, a

close look to the sample B cross section HAADF–STEM
images reveal subtle contrasts variations. This may point to

non-homogeneity in the composition and/or to slightly

denser areas due to strain within the layer as well as close

to the substrate interface. However, no evidence for the

FIG. 5. Reciprocal scan maps, RSM, relative to the �10.5 reflection for sam-

ple A and B. Note that the scale for sample B is a factor 4 larger in each

direction than that of sample A, while the absolute differences in intensity

involve the use of a two bounce hybrid Ge(220) monochromator and a dou-

ble axis geometry with a 1/4� receiving slit placed in front of the detector

for samples A and B, respectively.

FIG. 6. (a) and (b) SAED patterns from the as-deposited films. (c)–(f)

HR–TEM and TEM images of the interfacial region and of the overall film.

(a), (c), (e) and (b), (d), (f) correspond to samples A and B, respectively. All

the images shown were taken along the a-axis.
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presence of Zn precipitates has been found. On the other

hand, no significant Z-contrast difference is observed

between the substrate and the epitaxial layer of sample A.

This is in agreement with the superior quality of sample A
with structural characteristics closer to those of the substrate,

as presented above. On the contrary, Zn excess has been pre-

viously reported as substantially affecting the structural

properties of ZnO single crystal epitaxial films41 consistently

with the poorer crystal quality of sample B observed here.

AFM measurements in tapping mode were performed on

both the A and B samples prior and after the deposition. The

surface of the bare wafer (not shown) appears to be atomi-

cally flat with no clear step and terrace structure and a root

mean square (RMS) roughness equal to (0.3 6 0.1) nm and

(0.2 6 0.1) nm for the Zn- and O-face, respectively, in agree-

ment with what previously reported by the vendor.30 On the

contrary, the morphology of the deposited films result strik-

ingly different, thus suggesting a growth mechanism diverse

on the Zn- and O-face as shown in Fig. 8, where two typical

surface images are displayed. For sample A, large elongated

grains of micrometer size with the presence of submicrome-

ter features are clearly visible and a RMS surface roughness

equal to (12.2 6 0.6) nm is obtained. For sample B, a

smoother surface with a uniform distribution of more circu-

lar grains with diameter of �100 nm and (1.0 6 0.1) nm

RMS surface roughness is observed. For both samples, the

grain sizes measured by AFM are in fairly good agreement

with the values of Lk extracted from the XRD measurements,

indicating that the surface morphology correlates with the

underlying mosaic structure of the films.

IV. DISCUSSION

The results evidence striking differences in the crystal

quality, crystallographic defects present, surface morphol-

ogy, and even epilayer thickness depending on the surface

polarity of the ZnO wafer used as a substrate.

Concerning the �400 nm thickness difference observed

between samples A and B, epitaxial ZnO growth has been

reported to depend significantly on the surface polarity in the

case of PA–MBE depositions.6 In fact, the observed differ-

ence in thickness follows the trend expected: on the O polar

surface, Zn species are incorporated at the step edges, while

on the Zn polar one, the Zn atoms are incorporated directly

on the surface due to the three-bond configuration of the

underlying O-layer. This results in a higher growth rate in

the latter case and for amorphous substrates, like glass, yield-

ing randomly oriented grains, an intermediate growth rate is

anticipated.42 Hence, the deviations from a polycrystalline

ZnO film growth rate are fully consistent with an epitaxial

growth regime, where a one to one correlation between the

mass transfer and deposition rate does not apply. A high

homoepitaxial deposition rate has also been observed in the

related study where the RF-magnetron sputtered ZnO films,

deposited on the Zn-face of ZnO single crystals, were com-

pared with polycrystalline ones grown simultaneously on Si

(100) RCA cleaned substrates.22

In addition, the 3-dimensional growth observed for sam-

ple A (Zn face) by AFM suggests a too high Zn/O ratio, con-

sidering the low Zn mobility due to the three-bond

configuration of the underlying O-layer.6 In the case of O-

face because of the step edges incorporation of the Zn spe-

cies, the growth will be less affected by the Zn/O ratio.

However, a reduction in island size from �3 lm to �200 nm

with the Zn/O ratio increasing from 0.2 to 2 has been

reported in Ref. 6. This finding is in qualitative agreement

with the submicrometer features observed here in Fig. 8(b)

for sample B. Hence, using an optimal mixture of Ar and O

as “working” gas is anticipated to further improve the film

structural characteristics.

Sample A is found exhibiting a fully relaxed structure

with edge-type threading dislocations parallel to the {11.0}

directions. On the contrary, sample B is found to be �0.7%

elongated in the c-direction, while there is in plane matching

FIG. 8. (a) and (b) Tapping mode AFM images for samples A and B, respec-

tively. The z-scale is given on the right hand side of the respective figure,

and for sample B, it is 10 times smaller than for sample A.

FIG. 7. (a) and (b) Cross section HAADF–STEM images for samples A and

B, respectively.
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between the substrate and epilayer. This indicates that the

film is not purely biaxially strained as generally found for

polycrystalline magnetron sputtered ZnO films deposited on

amorphous substrates43 and it is specular to what was

reported, for example, in the case of PLD grown ZnO on

AlN.44 Moreover, the HAADF–STEM imaging suggests that

sample B is slightly Zn rich within the RBS/R accuracy of

�1 at. % and/or denser. Since no evidence of extended

defects is revealed by TEM, these results suggest a distribu-

tion of small size defects like single or clusters of point

defects. They are presumably Zn related and anticipated to

introduce hydrostatic strain,45 contributing to the extension

of the lattice in the c-direction. Here, it is worth noticing that

similar c-lattice constant extension for DC- and RF-sputtered

polycrystalline ZnO:Al films has been reported.46 It was

ascribed to O– ions (with energy in the 60�450 eV range)

being implanted into the growing ZnO film with a subse-

quent formation of acceptor-like oxygen interstitials. The

surface polarity is, however, expected to have minor effect

on the amount of atoms, ions, or molecules peening/

implanted and in our case they are excluded as main reason

for the striking differences between samples A and B.

Because of the lower growth rate (longer exposure

time), the O-face is anticipated to be more affected by re-

sputtering as well as surface atomic displacements produced

by the bombarding ions. Therefore, during O-face deposi-

tions, a higher density of surface defects occurs, and they

may play a major role being nucleation sites for the incorpo-

ration of excess Zn atoms at step edges. Hence, the growth

process in itself may be enhancing the evolution of a more

defective (strained) and/or denser as well as Zn rich epilayer

on the O-face. Here, it is important to underline that the Zn

rich structure of sample B cannot be attributed to the Zn rich

growth conditions since the growth on the O face is almost

independent on the Zn/O ratio, as discussed above.

Moreover, in addition to a higher density of generated

defects on the O-face, the nature of the defects is also likely

to differ from that on the Zn-face.47,48 This will, indeed,

affect the epitaxial growth mechanisms on the two faces.

Further investigations with variable Ar gas pressure during

the sputtering process should be pursued to elucidate the

importance of the different physical mechanisms involved.

V. CONCLUSIONS

In conclusion, single crystal homoepitaxial ZnO layers

were grown at 400 �C by conventional RF-sputtering on both

Zn and O polar faces of commercially available hydrother-

mally grown substrates. A FWHMV of the 00.2 transverse x-

scan (modeled as a Voigt function) as low as (70 6 10)

arc sec was obtained for the Zn face film. These results

together with a smooth epi-layer/bulk interface show that

RF-magnetron sputtering is a viable alternative to more com-

plex techniques like PA–MBE or MOCVD to grow epitaxial

ZnO films of device-worthy quality on the Zn face. In con-

trast, a much broader FWHMV of the 00.2 transverse x-scan

equal to (1400 6 100) arc sec for the layer deposited on the

O-face has been measured with HAADF–STEM revealing a

Zn rich and/or denser film. Further, the Zn-face film is

relaxed exhibiting threading dislocations, while the O-face

film is highly strained. These results imply two different

optimal windows for the O and Zn-face homoepitaxial

growth of ZnO films by RF-magnetron sputtering, linked to

the polarity dependence of the growth mechanism.

Finally, the present study shows the prospective for RF-

magnetron sputtered homoepitaxially grown ZnO layers of

even higher crystallographic quality by further fine tuning of

the deposition conditions.
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