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Summary 
One of the main obstacles in the development of competitive PCFC and electrolyser cell 

technologies is the functionality of the electrode materials. Their performance is largely 

determined by key properties including redox stability, fast electronic and ionic transport, 

good catalytic activity and compatibility with state-of-the-art electrolytes. In this respect, the 

mixed electronic and ionic conducting perovskite SrFe1-x MoxO3-δ (SFM) has been suggested 

as a promising candidate for both anode and cathode materials. In the present work, the 

crystal structure and phase stability, oxygen nonstoichiometry (δ), electrical conductivity and 

oxygen surface exchange kinetics are investigated to evaluate the potential of SFM materials 

as anodes and cathodes. The primary objective is to develop a defect chemical model for 

SFM. 

Selected compositions of SFM with x ≤ 0.25 are successfully synthesized by a solid state 

reaction (SSR) route. The solubility limit of Mo in SrFeO3-δ is reached for x = 0.3 at 1200 °C 

in air. SFM crystallizes as a simple cubic perovskite, and the unit cell parameter expands 

linearly in two temperature regimes, one governed by thermal expansion (25-250 °C), and one 

by thermo-chemical expansion (250-1100 °C). The average thermal expansion coefficient 

(TEC) of SFM20 from 25 to 800 °C of 18.2 ∙ 106 K−1 is within an acceptable range of several 

state-of-the-art electrolytes, and increases with decreasing Mo-substitution. All investigated 

compositions of SFM are unstable in reducing atmospheres, as demonstrated by the formation 

of a secondary phase upon reduction, thus limiting the applicability of SFM as an anode 

material for PCFCs.  

Several approaches are employed to determine a reference value for the oxygen 

nonstoichiometry in SFM experimentally (e.g. Thermogravimetric Analysis (TGA) followed 

by X-Ray Diffraction (XRD) and X-Ray Photoelectron Spectroscopy (XPS)), although with 

poor results. Therefore, a new technique using isotope exchange Gas Phase Analysis (GPA) 

to determine δ is developed in this project. The maximum oxygen nonstoichiometry of 

SFM20 in oxidizing atmospheres was determined to δ max = 0.181 by GPA, which is similar 

to the estimated value of δ max = 0.2. The discrepancy between the two values is mainly 

assigned to the sample preparation process. Oxygen nonstoichiometry and electrical 

conductivity in SFM20 and SrFe0.75Mo0.25O3-δ (SFM25) were investigated as a function of 

temperature, 𝑝O2and 𝑝H2O by TGA and electrical measurements with a van der Pauw 4-point 

setup. Similar to the parent ferrite, SFM is a p-type conductor in oxidizing atmospheres with 

an electrical conductivity proportional to ~ 𝑝O2
1/4, suggesting that oxygen vacancies are the 

dominating defects while electrons and holes are minority defects in the near-stoichiometric 

range. This is supported by TGA revealing that the oxygen nonstoichiometry becomes 

independent of 𝑝O2 at lower oxygen partial pressures. Different plateaus for δ depending on 

temperature were detected at low 𝑝O2, which may be related to structural variations, e.g. an 

ordering/disordering of oxygen vacancies, as has been reported for the parent ferrite. This 

would correlate to in situ XRD of SFM20 in the temperature range 25-1100 °C, revealing 

reversible changes upon heating/cooling. The changes did not correspond to any phase 
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transitions, and may as such stem from ordering/disordering. However, the changes could also 

be due to a reversible segregation/dissolution of one or more secondary phases. Hence, 

supplementary research is necessary to provide clarity on this matter. SFM does not hydrate 

in wet atmospheres, thus the material does not exhibit protonic conduction. 

Two defect chemical models are developed for SFM; Model 1 with the fully oxidized SrFeO3 

as a reference structure (SFM treated as an acceptor doped system), and Model 2 with the 

oxygen deficient SrFeO2.5+δ as a reference structure (SFM treated as a partially occupied 

disordered system). The latter includes the disproportionation of Fe
3+

, which is necessary for 

modelling the oxygen nonstoichiometry in a wide range of oxygen partial pressures. Curve 

fitting of Model 1 and Model 2 to oxygen nonstoichiometry data yield similar thermodynamic 

parameters, e.g. -78 ± 6 and -79 ± 5 kJ/mol for the oxidation enthalpy ΔHox
0  of SFM20, 

respectively. The models display a good fit at higher temperatures, whereas a poor fit is 

obtained at lower temperatures. This is attributed to the variable plateaus for δ at different 

temperatures. Oxidation thermodynamics in SFM20 is also measured experimentally by 

Thermogravimetry with Differential Scanning Calorimetry (TG-DSC), and ΔHox
0  becomes 

increasingly negative with increasing temperatures above 700 °C. Provided that instrumental 

uncertainties are not causing this behavior, it is proposed that the oxidation thermodynamics 

in SFM is dependent on defect concentrations. In this case, the value for ΔHox
0  obtained from 

the defect chemical models may merely be an average value in the said temperature range, 

and the average value for  ΔHox
0  of -73.2 kJ/mol obtained from TG-DSC is comparable to the 

values from the defect chemicals models.  

The electron hole mobility in SFM20 is in the range of small polaron hopping, and displays a 

linear temperature dependence in the range 50-200 °C. The enthalpy of migration was 

calculated to 27 ± 1 kJ/mol. However, it was found that the hole mobility levels off at higher 

temperatures, possibly stemming from structural variations. The electrical conductivity of 

SFM increases with temperature until reaching a maximum at 400-450 °C for SFM20 and 

350-400 °C for SFM25 in air, with maximum conductivities of 31 and 7.8 S/cm, respectively. 

Consequently, the overall electrical conductivity in oxidizing atmospheres decreases with 

Mo-substitution. The decrease in conductivity at higher temperatures is mainly attributed to a 

decrease in hole concentration upon the reduction of Fe
4+

 to Fe
3+

.  

As SFM is unstable in reducing atmospheres and exhibit a modest conductivity compared to 

state-of-the-art electrodes in air, the material cannot compete with the best electrode 

candidates in the field. However, from GPA it was found that SFM shows promise in regard 

to oxygen surface exchange kinetics, with an exchange rate that should lie between La2NiO4 

and La0.9Sr0.1FeO3 at typical operating temperatures for PCFCs. Moreover, the ionic 

conductivity of SFM is reported in literature to be in the order of 10
-2

-10
-2 

S/cm. 

Consequently, SFM may be a candidate for other applications, for instance as an oxygen 

permeable membrane.  

Altogether, this work investigates several functional properties of SFM, and provides an 

enhanced understanding with respect to its defect structure and transport properties. 
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Nonetheless, some questions remain unanswered and new questions have been raised as a 

result of this project. With further investigations of possible structural variations and defect 

interactions in SFM, there is reason to believe that a complete understanding of the defect 

structure of SFM may be achieved. 
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1 Introduction 

1.1 Motivation 

The present situation of increasing energy demand, rising energy prices and potential climate 

consequences with continued CO2 emissions is one of the largest issues facing modern 

society. Thus, it is evident that a transition from fossil fuels towards cost-effective and 

environmentally-friendly energy is a most pressing matter. However, with current 

technologies, the energy consumption cannot be covered without utilizing fossil fuels. As a 

consequence, the development of new technologies based on clean, durable and effective 

solutions for energy conversion and storage have become a worldwide interest. 

Within this scenario, fuel cell and electrolyser cell technologies are advocated to play key 

roles in the future. In the long-term they will take an essential part of any hydrogen or clean-

energy economy. In the short-term they deliver large reductions in climate gas emissions, with 

fuel cells exhibiting considerably high energy conversion efficiencies of conventional fuels, 

and electrolysers offering possibilities within energy storage and power-to-gas systems. Fuel 

cells convert chemical energy from hydrogen fuels directly to electricity and heat, with water 

forming at the exhaust. Electrolysers work in the opposite way, converting electricity and 

water (or steam) into hydrogen gas. The direct conversion processes make these devices more 

efficient than conventional combustion engines, which are thermodynamically limited by the 

Carnot cycle [1]. 

Commercially adopted fuels cells based on water-containing polymers struggle with slow 

electrode kinetics and poor tolerance towards fuel impurities, due to operating at low 

temperatures, i.e. < 100 °C. Alternatively, Solid Oxide Fuel Cells (SOFCs) operate at higher 

temperatures (< 700 °C), thus offering increased fuel flexibility. Furthermore, they show 

promise both for commercial applications and large scale power generation. SOFCs currently 

exhibit an electrical efficiency of 50-60 % and an overall efficiency of > 80 %, with a 

potential for further energy gains when harnessing the produced heat in combined heat and 

power applications. However, the high operating temperatures in SOFCs due to slow kinetics 

and high activation energies for ionic conduction in solid materials also introduces challenges, 

such as material instability and accelerated thermal aging, leading to a shorter lifespan of the 

cell and higher material costs [2]. 

In this respect, SOFCs with proton conducting electrolytes – named Protonic Ceramic Fuel 

Cells (PCFCs) - have attracted comprehensive interest due to their potential to perform with 

higher efficiencies at intermediate temperatures (400-700 °C). The enhanced performance of 

PCFCs is mainly a result of the lower activation energy for protonic conduction than oxide 

ion conduction and the fact that water formation takes place on the cathode side of the cell, 

thus preventing fuel dilution. Although reducing the operating temperature possesses many 

advantages, it has a considerable influence on the performance of the electrodes. Low 
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temperatures inhibit ionic conductivity and increase polarization resistances at the electrodes, 

especially at the cathode [3]. Therefore, one of the main obstacles in the development of 

competitive PCFC technology is the electrode materials. 

Most hydrogen is currently produced from hydrocarbons, and not renewable energy sources. 

Hence, as fuel reformers are expensive and energy ineffective, fuel cells running directly on 

carbon-containing fuels such as biogas and natural gas display an important advantage. These 

fuels often contain small amounts of sulfur and carbon species, thus introducing challenges 

with respect to surface poisoning by H2S and CO at the anode [1]. Therefore, a recent interest 

in electrode materials exhibiting a higher tolerance towards sulfur and carbon deposition has 

become apparent. Another approach addressing problems regarding sulfur poisoning and 

coking - and possibly also simplifying fabrication processes - is using the same material as 

both anode and cathode in a symmetrical/reversible fuel cell. When the same redox stable 

material functions as both electrodes, a switch that allows the anode to operate as the cathode 

and vice versa is beneficial as the oxidant (typically air) will flush any sulfur or carbon 

species absorbed on the anode surface. Other obstacles such as fabrication costs and material 

deterioration upon cell leakage may also be prevailed in a symmetrical fuel cell configuration 

[4, 5]. The idea of using one material as both electrodes is also the basis for reversible 

electrolyser/fuel cell (EC/FC) devices. EC/FC devices operate as self-consistent 

power/storage units and work in both electrolyser and fuel cell mode, producing H2 from 

excess green energy and converting the fuel back to electricity whenever needed [6]. This is 

nevertheless very demanding both with respect to functionality and stability of the electrode 

materials [5]. 

The challenge lies in designing an electrode material exhibiting a combination of key 

properties, including high electronic and ionic conductivity, chemical and mechanical 

stability, high catalytic activity and compatibility with electrolyte and interconnects. This 

often results in complex structures with multiple dopants. Several mixed ionic and electronic 

conductors (MIECs) have been investigated for the purpose of developing better electrode 

materials, particularly perovskite oxides based on transition-metal oxides [7]. State-of-the-art 

anode and cathode materials such as nickel-yttria stabilized zirconia (Ni-YSZ) and lanthanum 

strontium manganite (LSM) show sufficient electronic conductivity, structural stability and 

good catalytic activity in fuel cells running on pure hydrogen and oxygen, respectively [8]. 

However, Ni-YSZ suffers from poor redox stability and low tolerance towards carbon 

deposition and sulfur poisoning [1, 9, 10], and LSM display poor ionic conductivity, 

decreased oxygen reduction and low surface activity at temperatures below 700 °C [2, 11]. 

1.2 Aim and Contents of this Thesis 

A promising candidate for regular and symmetrical/reversible PCFCs is the perovskite oxide 

SrFe1-x MoxO3-δ (SFM). Several authors report that SFM exhibits high ionic and electronic 

conductivity in combination with good redox stability in both air and hydrogen containing 

atmospheres [4]. In addition, SFM shows potential in withstanding sulfur contamination and 
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carbon deposition [11]. However, improved understanding of the defect structure and 

transport properties of SFM is essential, and the development of a defect chemical model 

would provide new insight for further optimization of SFM-based materials as electrodes. 

The primary objective of this thesis is to study the functional properties of selected SFM 

materials with focus on their applicability as anode and cathode materials for PCFCs and 

electrolyser cells. SrFe1-x MoxO3-δ (x = 0.15, 0.2, 0.25, 0.3) materials with different Fe/Mo 

ratios will be synthesized and characterized with respect to crystal structure, chemical and 

structural stability, oxygen nonstoichiometry, transport properties and surface kinetics. A 

central focus is to develop a defect chemical model for describing the defect structure of 

SFM, and to extract thermodynamic and transport parameters. 

Crystal structure, phase stability and morphology of the synthesized samples will be 

investigated through ex situ and in situ X-ray Diffraction (XRD) together with Scanning 

Electron Microscopy (SEM) and Energy Dispersive X-Ray Spectroscopy (EDS). Oxygen 

nonstoichiometry will be studied as a function of 𝑝O2, 𝑝H2O and temperature by means of 

Thermogravimetric Analysis (TGA), and a technique for determining a reference value for the 

oxygen nonstoichiometry based on isotope exchange Gas Phase Analysis (GPA) will be 

developed. The standard oxidation enthalpy ∆Hox
0  of SFM will be measured directly as a 

function of temperature by Thermogravimetry with Differential Scanning Calorimetry (TG-

DSC). The electrical conductivity will be measured by the van der Pauw 4-point technique 

versus 𝑝O2, 𝑝H2O and temperature. The results from these measurements will provide the basis 

to determine the defect concentrations and mobilities in SFM. GPA will be utilized further to 

measure the surface exchange rate in SFM as a function of temperature and 𝑝O2, and to 

determine the possible reaction mechanisms involved in the exchange. Based on the 

experimental approaches outlined above, the properties of SFM will be discussed and 

compared against state-of-the-art electrodes. Ultimately, understanding the defect chemistry 

and transport properties of SFM may contribute to further adoption of PCFC and electrolyser 

cell technologies. 
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2 Theory 

This chapter covers the theoretical foundation for the research in this thesis. The first section 

includes an overview about crystal structure, oxygen nonstoichiometry and the basic 

principles of defect chemistry and surface exchange in oxides. Secondly, the theory behind 

the experimental methods used in this work is presented. 

2.1 Crystal Structure 

Perovskite oxides are used in a variety of applications due to exhibiting flexible structures 

with the ability to accommodate a number of different cations. They possess the general 

formula ABO3 and consist of three dimensional networks of corner-sharing BO6 octahedra 

with A-site cations in the center of the unit cell. The ideal perovskite has a cubic unit cell 

containing close packed atoms (ccp-perovskite), as displayed in Fig. 2.1. 

 

Figure 2.1: The cubic perovskite unit cell. The orange sphere represents an A-site cation, the green are B-site 

cations and red correspond to the anion sites. 

Oxygen nonstoichiometry in SrFeO3-δ (0 ≤ 𝛿 ≤ 0.5) extends between two limiting perovskite 

structures, as a result of irons ability to adopt two different valence states under oxidizing 

conditions. The oxygen-saturated SrFeO3 is a cubic perovskite, with Fe adopting the 4+ 

oxidation state. As δ in SrFeO3-δ approaches 0.5 with the reduction of Fe
4+

 to Fe
3+

, long-rang 

ordering of oxygen vacancies leads to the oxygen-depleted SrFeO2.5 (Sr2Fe2O5) adopting an 

orthorhombic brownmillerite structure with the general formula A2B2O5. The brownmillerite 

may be viewed as an "ordered" oxygen-deficient perovskite structure, and consists of alternate 

layers of corner-sharing FeO6 octahedra (O) and FeO4 tetrahedra (T) in an OTOTOT stacking 

sequence, as displayed in Fig. 2.2 (left). The SrFeO3 cubic perovskite is shown for 

comparison (Fig. 2.2 (right)). 
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Figure 2.2: The SrFeO2.5 brownmillerite (left) and the SrFeO3 cubic perovskite (right) structures. 

The properties of perovskite oxides may be modified for different applications by introducing 

defects. This is done by substituting one or both of the cation-sites, resulting in the general 

formulas (AA’)1B1O3, A1(BB’)1O3 or (AA’)1(BB’)1O3 (anion-sites may also be substituted, 

but this exceeds the scope of this thesis). In order to suppress symmetry deviations, 

substitution with cations of similar ionic radii is common. Substituting higher or lower 

valence metals (donors or acceptors, respectively) for the host metal generally leads to an 

over- or understoichiometry of oxygen in the structure in order to preserve electroneutrality 

(O3+δ or O3-δ, respectively). SrFeO3-δ is inherently non-stoichiometric at high temperatures and 

low oxygen partial pressures as Fe
3+

 is formed to a greater extent. Substituting with a higher 

valent Mo
6+

 on the Fe-site reduces the number of charge compensating oxygen vacancies and 

should thus suppress oxygen vacancy ordering in the material. 

SrFe1-xMoxO3-δ (SFM) exhibits a maximum oxygen nonstoichiometry depending on x. Some 

chosen compositions of SrFe1-xMoxO3-δ (x = 0.15, 0.2, 0.25 and 0.3) with their theoretical 

maximum values for δ, δmax, in oxidizing conditions are listed in table 2.1. δmax is determined 

by assuming that the lowest achievable oxidation states of Fe and Mo in oxidizing 

atmospheres are 3+ and 6+, respectively. Table 2.2 shows the ionic radii of the possible ions 

in SFM. The packing type in SrFeO3-δ will not be affected upon Mo-substitution, as the 

difference in radii between Mo and Fe ions is quite small. Hence, due to suppressing oxygen 

vacancy ordering, substituting Mo on Fe-sites in SrFeO3-δ should stabilize the cubic 

perovskite structure over a wide range of temperatures and oxygen partial pressures. 
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Table 2.1: Nominal compositions, δmax in oxidizing conditions and abbreviated names for 

SrFe1-xMoxO3-δ (x = 0.15, 0.2, 0.25 and 0.3). 

Mo-content [%] Nominal composition δmax Abbreviated name 

15 SrFe0.85Mo0.15O3-δ 0.275 SFM15 

20 SrFe0.8Mo0.2O3-δ 0.20 SFM20 

25 SrFe0.75Mo0.25O3-δ 0.125 SFM25 

30 SrFe0.7Mo0.3O3-δ 0.05 SFM30 

 

Table 2.2: Ionic radii (assuming six-fold coordination) of the possible ions in SFM. 

Cation Radius (Å) 

O
2- 

1.40 

Sr
2+ 

1.18 

Fe
4+ 

0.585 

Fe
3+

 (HS) 0.645 

Fe
2+

 (HS) 0.78 

Mo
6+

 0.59 

Mo
5+

 0.61 

 

2.2 Defect Chemistry 

Any deviation from the ideal periodicity in a crystal lattice is considered a defect, and because 

entropy favors defect formation, all crystalline materials contain a certain equilibrium 

concentration of defects at temperatures above 0 K. The concentration and mobility of defects 

play an important role for many properties of crystalline solids. There are two main categories 

of defects: electronic defects and structural defects (also termed ionic defects). Electronic 

defects are defect electrons or holes that are relatively free to move in the crystal, and are 

either formed by internal excitation of valence electrons or in association with structural 

defects (as valence defects). 

Structural defects are located at fixed sites in the crystal lattice, and may further be classified 

into zero dimensional point defects that are limited to one specific lattice site and its 

immediate vicinity and extended structural defects that are continued in one, two or three 

dimensions through the lattice. An illustration of the various point defects that may be present 

in a material is displayed in Fig. 2.3. The illustration includes vacancies, interstitial host 

atoms, interstitial foreign atoms and substitutional foreign atoms [12]. 
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Figure 2.3: Point defects that may be present in a crystalline solid, including a) vacancies, b) interstitial host 

atoms, c) interstitial foreign atoms and d) substitutional foreign atoms [13]. 

All types of defects mentioned in this section may be present in a material simultaneously, but 

in most cases only some of them will predominate. The concentration of defects in a 

compound depends on the thermodynamics of defect equilibria. In order to describe defect 

equilibria under different conditions, it is necessary to formulate chemical equations for 

defect reactions. This is done by using Kröger-Vink (K-V) notation for point defects and set 

of rules for writing defect reactions [12]. 

2.2.1 Defect Reactions and Kröger-Vink Notation for Point Defects 

As solids containing point defects may be viewed as solid solutions with dissolved point 

defects, the rules for writing defect reactions are similar to those in aqueous solutions. They 

include conservation of mass (the number of atoms must be the same at each side of the 

equilibrium) and charge (the net effective charge has to be the same on each side of the 

equilibrium). However, for crystalline solids a third rule is supplemented; conservation of the 

ratio of regular structural sites in the compound (the number of cation and anion structure 

sites in the crystal lattice must stay constant) [12]. 

The standard K-V notation describes the lattice site s and effective charge c of point defects 

and the constituent atoms in the structure A, written as As
c . A is an element (e.g. O), a vacancy 

(v), an electron (e) or an electron hole (h). s denotes an existing lattice site (e.g. O) or an 

interstitial site (i). Finally, c is either a zero effective charge x , a positive charge • or a 

negative charge ′. The concentration of defect electrons and holes is denoted n and p, 

respectively. Concentrations of structural point defects are indicated by using square brackets 

around their K-V denotation [12]. 

2.2.2 Oxygen Defects in Metal Oxides 

As thermodynamics favors the formation of a small equilibrium concentration of defects, 

oxides in equilibrium with their surroundings are often nonstoichiometric [14]. Under most 

experimental conditions, the activity of the metal component is negligibly small compared to 

that of the oxygen. Consequently, nonstoichiometry in metal oxides is commonly a result of 

the exchange of oxygen between the oxide and the surrounding atmosphere. Oxygen 
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nonstoichiometric materials have an excess or deficit of oxygen compared to that of the 

stoichiometric material, and the extent of oxygen nonstoichiometry will thus vary with 

temperature and oxygen partial pressure [12]. 

In oxygen deficient metal oxides such as SrFeO3-δ, the predominant defects are oxygen 

vacancies compensated by electronic defects [15]. If the electronic defects are localized as 

valence defects, the formation of oxygen vacancies at low oxygen partial pressures is 

accompanied by a reduction of the cation for charge compensation: 

 OO
x + 2MM

x = vO
•• + 2MM

′ +
1

2
O2(g) (2.1) 

 

In accordance with Le Châtelier’s principle, Eq. (2.1) shows that the concentration of oxygen 

vacancies, electrons and holes is dependent on the oxygen partial pressure. The corresponding 

equilibrium constant becomes: 

 Kred = 
[vO
••][MM

′ ]2

[OO
x ][MM

x ]
(
𝑝O2
𝑝O20
)

1/2

 (2.2) 

 

in which the standard pressure 𝑝O20 = 1 atm. The defect activities are written as site fractions, 

and [OO
x ] = [MM

x ] = 1 is assumed (for small defect concentrations). At high oxygen partial 

pressures, the formation of electron holes compensates for the oxygen incorporation into the 

lattice: 

 2MM
x + vO

•• +
1

2
O2(g) = 2MM

• + OO
x  (2.3) 

 

with the corresponding equilibrium constant: 

 Kox = 
[MM

• ]2

[vO
••]
𝑝O2

−1/2 (2.4) 

 

Kox and Kred may be related to the standard Gibbs energy ΔG° of the reaction: 

 K = exp (−
ΔG°

RT
) = exp (

ΔS°

R
)  exp (−

ΔH°

RT
) (2.5) 

 

where ΔS° and ΔH° are the standard entropy and enthalpy changes, respectively [12]. 
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2.2.3 Hydrogen Defects in Metal Oxides 

When exposed to hydrogen-containing atmospheres a metal oxide may form protonic defects, 

depending on its defect structure and the ambient hydrogen and oxygen activities. In oxides, 

the protons are associated with oxide ions and are thus considered as hydroxide defects on 

oxygen sites, OHO
• . When the formation of protons occurs by filling oxygen vacancies upon 

hydration, the reaction may be written as: 

 H2O(g) + vO
•• + OO

x = 2OHO
•  (2.6) 

 

with the corresponding equilibrium constant: 

 Khydr = 
[OHO

• ]2

[vO
••]

𝑝H2O
−1 (2.7) 

 

Experimental studies have shown that oxygen vacancies and protons dominate at higher and 

lower temperatures, respectively [12]. 

2.2.4 Defects in SrFe1-xMoxO3-δ 

When developing a defect model for SFM, both end members of SrFeO3-δ (0 ≤ 𝛿 ≤ 0.5) may 

be chosen as a reference structure, resulting in different Kröger-Vink notations. With the 

SrFeO3-δ perovskite as a reference, the formal charge on the B-site is 4+, and FeFe
x = Fe4+. 

Oxygen uptake/release takes place via filling/forming oxygen vacancies. Perfect sites along 

with possible defects present in SFM using SrFeO3-δ as a reference structure are presented in 

table 2.3. The dissolution of MoO3 in SrFeO3-δ is accompanied by a decrease in the number of 

oxygen vacancies: 

 MoO3 + SrCO3 + vO
••
SrFeO3−δ
↔      MoFe

•• + SrSr
x + 3OO

x  (2.8) 

 

In the other end-member, the SrFeO2.5+δ brownmillerite, the formal charge on the B-site is 3+, 

and FeFe
x = Fe3+ with 1/5 of the oxygen sites being vacant. SrFeO2.5+δ may thus be written as 

Sr2Fe2O5v1, and oxygen uptake/release is seen as filling/emptying vacant interstitial sites. This 

gives an alternative set of perfect sites and possible defects as listed in table 2.4. The 

dissolution of MoO3 in SrFeO2.5+δ may be expressed as: 

 2MoO3 + 2SrCO3 + 3vO
••
SrFeO2.5+δ
↔       2MoFe

••• + 2SrSr
x + 5OO

x  (2.9) 

 

The defect model for describing the full defect chemistry of SFM will be developed 

throughout the thesis as its oxygen nonstoichiometry and transport properties are investigated 

through experimental methods. 
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Table 2.3: Possible combinations of species and sites in SrFe1-xMoxO3-δ with SrFeO3-δ as a 

reference structure. 

Specie on site K-V notation 

Oxygen on oxygen site OO
x  

Oxygen vacancy vO
•• 

Fe
4+

 on iron site
 FeFe

x  

Fe
3+

 on iron site FeFe
′  

Fe
2+

 on iron site FeFe
′′  

Mo
6+

 on iron site MoFe
••  

Mo
5+

 on iron site MoFe
•  

Hydroxide ion on oxygen site OHO
•  

 

Table 2.4: Possible combinations of species and sites in SrFe1-xMoxO3-δ with SrFeO2.5+δ as a 

reference structure. 

Specie on site K-V notation 

Oxygen on oxygen site OO
x  

Oxygen vacancy vO
•• 

Vacant interstitial site vi
x 

Oxygen interstitial Oi
′′ 

Fe
4+

 on iron site
 FeFe

•  

Fe
3+

 on iron site FeFe
x  

Fe
2+

 on iron site FeFe
′  

Mo
6+

 on iron site MoFe
••• 

Mo
5+

 on iron site MoFe
••  

Hydroxide ion on oxygen site OHO
•  

Hydroxide ion on oxygen interstitial site OHi
• 

 

2.3 Transport in Oxides 

The total electrical conductivity σ is the sum of all the partial conductivities of the 

contributing charge carriers, and may be written as: 

 𝜎 = σel + σi (2.10) 

 

where σel and σi are the electronic and ionic conductivities, respectively. Considering the 

much higher mobilities of electronic charge carriers compared to ions, most MIEC oxides are 

electronic conductors at high temperatures. The total conductivity of an electronic conductor 
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may be expressed in terms of the concentrations of electrons n and holes p with their 

corresponding mobilities μn and μp: 

 σel = σn + σp = enμn + epμp (2.11) 

 

in which 𝑒 is the elemental charge and σn and σp represent the n- and p-type conductivities, 

respectively. When the interaction between the electronic defects and the surrounding lattice 

are relatively strong and localized, the electronic defects move by means of a small polaron 

mechanism. At high temperatures (> 500 °C) small polarons are considered to be self-trapped 

at given lattice sites and move via an activated hopping process similar to that of ionic 

conduction. The mobility of a small polaron may therefore be described by traditional 

diffusion theory, and may be related to the conductivity by the Nernst-Einstein relation. Small 

polaron mobilities are generally in the order of 10
-4

-10
-2

 cm
2
V

-1
s

-1
 and increases with 

increasing temperature in the regime of activated hopping. The conductivity may be written in 

an Arrhenius-type form as: 

 σ =
σ0
T
exp (

−Ea
kBT

) (2.12) 

 

where 𝜎0 denotes the temperature independent pre-exponential factor. Ea is the activation 

energy for conduction and includes the enthalpy for defect formation ΔHd and migration ΔHm 

[12]. 

2.4 Oxygen Surface Exchange Kinetics 

As illustrated in Fig. 2.4, two different transport mechanisms take place inside the sample and 

on the sample surface; diffusion and exchange. The surface exchange may consist of several 

elementary reaction mechanisms, e.g. adsorption, charge transfer, dissociation, and desorption 

or incorporation into the bulk of the material. The slowest of these steps - named the rate 

determining step (RDS) - normally determines the overall surface kinetics of the material. A 

method for investigating the surface exchange in a material is Gas Phase Analysis (GPA), 

which utilizes isotopic labeling of oxygen in combination with mass spectroscopy. By 

monitoring the activity of 
16

O2/
18

O2 between the surface and the gas phase as a function of 

temperature and oxygen pressure, the activity of oxygen towards the elementary reaction 

steps on the surface may be studied. 
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Figure 2.4: Oxygen exchange at the surface and diffusion into the material. The surface and bulk concentrations 

𝐶𝑠𝑢𝑟
𝑖  and 𝐶𝑏𝑢𝑙𝑘

𝑖  are determined by the surface exchange and diffusion rates of the material [16]. 

Dissociative adsorption of a diatomic oxygen gas on a solid surface creates two oxygen atoms 

occupying vacant surface sites. The oxygen atoms may further follow different reactions: they 

can either recombine at the surface and desorb, or diffuse into the bulk of the material. In the 

first case, only oxygen from the gas phase is exchanged at the surface without appreciable 

participation of oxygen in the solid: 

 18
O2,(g) + 

16
O2,(g) ↔ 2

18
O

16
O(g) (2.13) 

 

The sites have been excluded from the equation for the sake of simplicity, as they appear on 

both sides of the equation. Another case is that one of the oxygen atoms from the lattice are 

exchanged with the gas phase, yielding: 

 18
O2,(g) + 

16
OO,(s) ↔ 

18
O

16
O(g) + 

18
OO,(s) (2.14) 

 

 16
O2,(g) + 

18
OO,(s) ↔ 

18
O

16
O(g) + 

16
OO,(s) (2.15) 

 

The reactions differ only on which oxygen isotope from the gas phase is exchanged. 

Assuming that the two oxygen isotopes behave similarly under the specific conditions, their 

kinetics are equivalent. Finally, both atoms from the gas phase may be exchanged with the 

lattice: 

 18
O2,(g) + 2

16
OO,(s) ↔ 

16
O2,(g) + 2

18
OO,(s) (2.16) 

 

All of the three mechanisms may occur at the surface of a material, although one of these 

reactions is often rate determining [17]. 
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In homo-molecular exchange, both the sample and the reaction chamber contain a 1:1 ratio of 
16

O2/
18

O2 isotopes. Under these conditions, the total isotopic composition of oxygen does not 

change during the reaction. Assuming that the 
16

O2 and 
18

O2
 

isotopes are chemically 

equivalent (thus neglecting the isotope effect), the exchange of oxygen between the gas phase 

and the adsorbed surface state proceed through random recombination of oxygen molecules. 

Dynamic equilibrium exists between the adsorbed and the free gaseous species, i.e. the rate of 

adsorption equals the rate of desorption. In this case, the homo-molecular exchange rate 𝑅 on 

the surface may be expressed through combinatorial analysis, as described in Appendix A. 

The solution from combinatorial analysis is an integrated rate equation [18]: 

 𝑐𝑖(𝑡) = 𝑐𝑒𝑞
𝑖 + (𝑐0

𝑖 − 𝑐𝑒𝑞
𝑖 ) exp (−

𝑅𝑆

𝑛
𝑡) (2.17) 

 

where 𝑐𝑖(𝑡) is the concentration of species 𝑖 at time 𝑡, 𝑐0
𝑖  and 𝑐𝑒𝑞

𝑖  are the concentrations of 

species 𝑖 at 𝑡 = 0 and at statistical equilibrium. 𝑆 is the specific surface area of the sample and 

𝑛 is the total number of moles of oxygen molecules in the gas phase. 

Dissociative adsorption of O2 on the surface may further be explored by 𝑝O2-dependent 

measurements. The steps included in the exchange are described by the Langmuir-

Hinshelwood mechanism and involves adsorption of oxygen molecules, dissociation into 

adsorbed oxygen atoms, surface diffusion, association of oxygen atoms to form new 

molecules and desorption. Hence, the 𝑝O2dependence of the exchange rate may be interpreted 

through the Langmuir isotherm for dissociative, monolayer adsorption of diatomic molecules. 

The Langmuir isotherm expresses the relation between the oxygen surface coverage θO, 

oxygen partial pressure and the equilibrium constant for dissociative adsorption of O2 KO2  

[19]: 

 R = kθO =
k(KO2𝑝O2)

1/2

1 + (KO2𝑝O2)
1/2

 (2.18) 

 

where k is a rate constant. Low surface coverage (1 − 𝜃 ~1) is assumed for the experimental 

conditions in this thesis. Based on the Langmuir isotherm, the exchange rate is expected to 

depend on 𝑝O2
1/2

. The possible reaction mechanisms involved in the exchange may be 

understood through a more detailed analysis based on defect chemistry and reaction kinetics. 

Merkle et al. [20] investigated the surface exchange in Fe-doped SrTiO3 by in situ optical 

spectroscopy, and demonstrated that the rates for the different exchange mechanisms have 

individual 𝑝O2dependencies determined by the 𝑝O2dependencies of the defects that take part 

in each reaction. 
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2.5 Theory behind Experimental Methods 

2.5.1 van der Pauw 4-point Method 

The van der Pauw 4-point method was developed to measure the specific resistivity of an 

arbitrarily shaped sample [21]. In this method, a current is forced through two contacts while 

two other contacts measure the voltage drop in the sample. A reason for using this method 

instead of conventional 2-point measurements where the current is sent through the two same 

contacts that measure the voltage drop is to eliminate the contact resistance; i.e. the voltage 

drop induced exactly between the contact and the sample surface when current is flowing 

through. For that reason, this method is preferable for highly conductive samples where the 

contact resistance may have a significant impact on the overall resistance [22]. Fig. 2.5 shows 

a sketch of the two-step measurement process. The sample pellet is connected to contact 

electrodes marked from 1-4. Fig. 25 a) shows step 1 where a current 𝐼12 is sent through 

contact 1 and 2 while the voltage drop 𝑈34 between contact 3 and 4 is measured. Step 2 is 

shown in Fig. 2.5 b) where a current 𝐼14 is sent through contact 1 and 4 while measuring the 

voltage drop 𝑈23 through contact 2 and 3. 

 

 

Figure 2.5: A sample pellet with four electrode contacts marked 1-4 where a) the current is sent through 1 and 2 

while the voltage drop between 3 and 4 is measured, and b) the current is sent through 1 and 4 while the voltage 

drop between 2 and 3 is measured. 

The resistances 𝑅1and 𝑅2 of the sample can be obtained from Ohm's law: 

 
𝑅1 = 𝑅12,34 =

𝑈34
𝐼12

 
(2.19) 

 
𝑅2 = 𝑅14,23 =

𝑈23
𝐼14

 
(2.20) 

It is important for the accuracy of this method that the contacts must be positioned at an 

approximately equal distance from each other. If all four contacts are separated with an 

identical distance from each other, the values of 𝑅12,34 and 𝑅14,23 should be equal. However 

this is difficult to achieve in practice. Therefore, the van der Pauw equation provides a 
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relation between the two measured resistances and the specific resistivity 𝜌 of the sample 

[21]: 

 exp (
𝜋𝑑𝑅1
𝜌
) + exp (

𝜋𝑑𝑅2
𝜌
) = 1 (2.21) 

 

where 𝑑 is the sample thickness. If the sample thickness is known, one may obtain the 

specific resistivity and hence the conductivity of the material by solving the equation 

numerically. The theory of the van der Pauw technique is valid for direct current (DC) 

resistances. There are several factors that affect the accuracy of this measurement technique; 

the sample pellet should be dense and homogeneous with a large surface area/thickness ratio, 

and in addition to placing the electrode contacts at an equal distance from each other, the 

contact area between the sample and electrodes should be as small as possible [22]. 

2.5.2 Thermogravimetric Analysis (TGA) 

The weight change of a material over time may be investigated by thermogravimetric analysis 

(TGA) to determine the oxygen nonstoichiometry δ of a material at different temperatures and 

partial pressures of oxygen. When all of the observed weight change is assumed to be due to 

oxygen uptake/release, the relative oxygen nonstoichiometry Δδ may be calculated from the 

weight change of the material 𝛥𝑤 by the following equation: 

 Δδ =
𝑀𝑠𝛥𝑤

𝑀𝑂𝑚0
 (2.22) 

 

Where 𝑚0 is the initial sample weight and 𝑀𝑠 and 𝑀𝑂 are the molar masses of the sample and 

of oxygen, respectively. A reference state of known oxygen nonstoichiometry δref is required 

to obtain the absolute value of δ (δref + Δδ). 

2.5.3 TG-DSC 

A method for measuring oxidation thermodynamics experimentally is by combining 

thermogravimetry with differential scanning calorimetry (TG-DSC). The technique is not 

relying on several simplifications from curve-fitting of experimental thermogravimetric data 

to a defect chemical model, as it provides simultaneous measurements of heat and mass 

exchange during oxidation or reduction [23]. Such simplifications include the applicability of 

the defect chemical model and the notion that the thermodynamic parameters are constant 

over the complete temperature range investigated. The DSC signal corresponds to the heat 

flow released or adsorbed by the sample as compared to an empty reference crucible, and 

peaks when the sample undergoes a reaction associated with an enthalpy change. The peak 

area corresponds to the respective enthalpy change. Hence, the standard oxidation enthalpy 
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∆Hox
0  may be obtained by dividing the DSC peak area with the associated mass change upon 

sample oxidation [24]. 
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3 Literature 

This chapter provides the background for discussing SFM as an electrode material for PCFCs 

and electrolyser cells. The general requirements for these types of electrodes are discussed, 

followed by a brief presentation of selected state-of-the-art materials. Finally, a review of the 

work conducted on SrFeO3-δ and SFM with similar compositions as the ones investigated in 

this thesis are presented. 

3.1 Electrode Materials for Proton Conducting 

Electrolytes 

The materials choice for PCFC electrodes is determined by a number of factors. Enhanced 

transport of electrons, oxygen ions and preferably protons through the materials is important, 

thus both the anode and cathode need to exhibit high ionic and electronic conductivity 

(≤ 10−1 and ≤ 102 S/cm, respectively). Maintaining the structural and chemical stability in a 

wide range of temperatures and oxygen partial pressures is equally important. Good stability 

becomes even more important for materials with the potential to function as both anode and 

cathode in symmetrical/reversible fuel cells, as they need to operate in both oxidizing and 

reducing atmospheres [4]. 

The electrodes are stacked together with the electrolyte and interconnect materials, and should 

therefore be compatible with these components. This implies resistance towards the formation 

of secondary phases when in contact with the electrolyte and interconnects, and also matching 

them in terms of similar thermal expansion coefficients (TECs) in order to minimize 

mechanical stress upon temperature variations [1]. On reducing temperatures from SOFC to 

PCFC conditions it has been found that the performance of many electrode materials 

decreases drastically. Therefore, high catalytic activity towards the reduction and oxidation 

reactions that occur at the respective anode and cathode sides is essential. In state-of-the-art 

electrode materials, the electrochemical reactions of anode and cathode materials are limited 

to the electrolyte/electrode/gas interface called the triple phase boundary (TPB). 

For a fuel cell running on pure hydrogen, the oxidation takes place at the anode by the 

following reaction: 

 H2(g) → 2H
+ + 2e− (3.1) 

 

Increased attention has been directed towards coking-resistant anodes that exhibit tolerance 

towards sulfur poisoning as the direct conversion of carbon-containing fuels such as methane, 

syngas or biofuels has become of large interest. Depending on the main fuel source and the 

extent of processing/desulfurization, sulfur impurities ranging in concentration from 0.1-10
5
 

ppm may be present. The adsorption of carbon and sulfur destroys the porous microstructure 

of the anode and blocks catalytically active sites on the anode surface, thus decreasing the 
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TPB [25, 26]. Hence, both carbon deposition and sulfur adsorption reduce the catalytic 

activity of the anode. 

The overall oxygen reduction reaction (ORR) at the cathode side is as follows: 

 2H+ +
1

2
O2(g) + 2e

− → H2O (g) (3.2) 

 

With respect to the cathode, the biggest challenge lies in moving away from the TPB 

constraints associated with conventional materials by extending the catalytically active area 

over the entire cathode surface. The cathode must aid the exchange of O2, H2O, electrons and 

ions (H
+
 or O

2-
), implying that the transport of at least two of these species will enhance the 

reaction kinetics for the ORR. 

With the above requirements in mind, perovskite oxides have been extensively investigated 

due to their adaptable structures that allow for large variations in nonstoichiometry, defect 

concentrations and thus rich redox chemistry. Several perovskite oxides exhibit mixed ionic-

electronic conduction (MIEC), which makes them especially attractive as electrode materials. 

Most MIEC perovskites are O
2-

/e
- 

conductors (O-MIECS). There is an extensive search for 

materials also exhibiting H
+
/e

- 
conduction (P-MIECS), which in principle should extend the 

TPB over the entire cathode surface [27]. 

3.2 Perovskite Oxides as Mixed Ionic Electronic 

Conductors (MIECs) 

In many MIEC perovskites, alkaline earth or rare earth metals occupy the A-sites while the B-

site cations often are multivalent transition metals which provide mechanisms for electronic 

conductivity and facilitate catalytic activity. These B-site transition metals may change their 

valence to compensate an introduced charge imbalance and form 4+/3+ or 3+/2+ couples that 

act as hopping sites for electrons or holes, i.e. enhancing n-type or p-type conductivity. 

Moreover, the flexibility of the perovskite structure along with the multiple oxidations states 

of the transition metals allow for potential uptake and release of oxygen, facilitating oxygen 

transport [28]. 

The properties of MIEC perovskite oxides are tailored by doping, and intensive research has 

been carried out on a variety of perovskites based on substituted transition metal oxides, e.g. 

LaMO3 (M = Fe, Mn, Cr, Co, Ga) and SrMO3 (M = Nb, V, Cr, Ti, Fe) [7]. The majority of 

MIEC perovskite cathode materials are based on either LaMnO3 or LaCoO3 often substituted 

with Sr on the A-site and Fe on the B-site. One of the most commonly used cathodes is 

La0.8Sr0.2MnO3 (LSM), exhibiting conductivity values of ~ 300 S/cm at 800 °C in air. 

However, the ionic conductivity is poor (~ 10−7 S/cm) and its performance decreases 

substantially at temperatures below 700 °C [10, 28]. On replacing Mn with Co in 

La0.6Sr0.4CoO3 (LSC) a substantially higher electronic (~ 1600 S/cm at 800 °C) and ionic 
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conductivity (~ 10
-1

 S/cm) is achieved, but LSC mismatches in thermal expansion with 

conventional electrolytes [28, 29]. La0.8Sr0.2Co0.8Fe0.2O3 (LSCF) exhibits the same mismatch 

in thermal expansion, and struggles with long-term stability and limited surface activity [30]. 

Recently, the search for P-MIEC cathode materials have resulted in the discovery of 

BaGd0.8La0.2Co2O6 -δ (BGLC), a material with mixed O
2-

/H
+
/e

-
 conduction at 300-400 °C [31]. 

At the fuel side, state-of-the-art Ni-based anodes such as Ni-YSZ do not suffice due to their 

degradation when running on sulfur-containing hydrocarbon fuels: Nickel is a good catalyst 

for hydrocarbon cracking, promoting a significant carbon build-up and reducing the overall 

electrode performance [32]. The low tolerance to sulfur is due to the formation of NiS at the 

anode surface, which is catalytically inactive towards the H2 oxidation reaction [25, 33]. 

Several alternative MIEC perovskites such as La0.75Sr0.25Cr1-xMnxO3 (LSCM) [34] and 

PrBaMn2O5+δ (PBMO) [35] have been proposed in the search for anodes overcoming the 

challenge with coking and sulfur poisoning, but none of these are able to match Ni-containing 

anodes in terms of conductivity. Generally, the highest n-type conductivity attained by known 

anode materials remain much lower than the conductivity of p-type cathodes such as LSM 

and LSC [36]. Hence, it is necessary to develop anode materials with tolerance towards 

coking and H2S that are equally good conductors in reducing atmospheres. 

SrVO3 exhibits electrical conductivity in the order of ~ 10
3
 S/cm while SrNbO3 reaches 

values of ~ 10
4 

S/cm in reducing conditions [26]. Unfortunately, these materials are unstable 

in oxygen partial pressures above 10
-20

 atm and cannot be fabricated in air [26, 37]. La-doped 

SrTiO3 shows an electrical conductivity of ~ 250 S/cm at 700 °C under reducing conditions, 

but the ionic contribution is low. Ionic conductivities in the order of ~ 10
-3 

S/cm were attained 

by substitution of Co for Ti, but the total conductivity decreased to ~ 65 S/cm at 700 °C [38]. 

The mobility of oxygen ions in perovskite oxides is strongly linked to the coordination 

preferences of the B-site cation. Generally, transition metals prefer a six-fold octahedral 

coordination to oxygen. However, if they also are stable in five-fold or four-fold coordination, 

available hopping sites and thus pathways for oxygen transport may be formed [26]. Iron 

takes multiple oxidation states and is capable of adapting 6-fold, 5-fold and 4-fold 

coordination. Based on this, strontium ferrites make up a group of promising MIEC 

perovskites. 

3.2.1 SrFeO3-δ (0.5 < δ < 0) 

The best MIEC conductor in the family of strontium ferrites is SrFeO3-δ (0 < δ < 0.5), with 

electronic and ionic conductivities of the order of 10
2
 and 10

-1
 S/cm, respectively, in air at 

moderately high temperatures (600-900 °C) [15]. SrFeO3-δ is an n-type conductor in reducing 

atmospheres, and becomes a p-type conductor under oxidizing conditions. Poulsen et al. [39] 

measured the electrical conductivity of SrFeO3-δ  with a 4-point probe method at 850 °C and 

oxygen partial pressures in the ranges 10
-13

 – 10
-17

 atm and 1 – 10
-4

 atm, and observed 

𝑝O2dependencies of -1/4 and +1/4 (in a log-log representation) near the electron-hole 

equilibrium, respectively. This has later been confirmed by several other studies [15, 40, 41]. 

The conductivity of SrFeO3-δ increases with temperature up to 400-500 °C before decreasing 
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upon further heating in air. The initial increase in conductivity has been interpreted as an 

increase in hole mobility, while the decline at higher temperatures is explained by a decrease 

in hole concentration [39, 41, 42]. On the other hand, a continuous increase in conductivity is 

observed under reducing conditions [37]. These conductivity dependencies are attributed to 

changes in the Fe valence compensating for oxygen incorporation/removal in the ferrite 

lattice, i.e. generating electrons (Fe
2+

) and holes (Fe
4+

) at low and high oxygen partial 

pressures, respectively [15]. 

The crystal structure and electronic properties of SrFeO3-δ are largely related to oxygen 

vacancy formation and ordering. SrFeO3-δ is widely nonstoichiometric, and four distinct 

compositions over the oxygen deficiency range of 0 < δ < 0.5 with the nominal composition 

of SrnFenO3n-1 (n = 2, 4, 8 and ∞) have been described in literature. The completely oxidized 

end member SrFeO3 (n = ∞) containing only Fe
4+

 adopts a simple cubic perovskite structure 

with space group 𝑃𝑚3𝑚,while oxygen removal from the lattice results in a lowering of 

symmetry to a series of oxygen vacancy-ordered phases from the brownmillerite-type 

SrFeO2.5 (n = 2) to orthorhombic Cmmm SrFeO2.75 (n = 4) and tetragonal I4/mmm SrFeO2.875 

(n = 8) lattices [37, 43-46]. The disordered high-temperature phase is simple cubic over the 

whole range of partial pressures of oxygen while the oxygen vacancy-ordered compositions 

form upon cooling below 850-900 °C as δ approaches 0.5 [15, 47-49]. A reported phase 

diagram by Takeda et al. [45] in Fig. 3.1 displays the phase relationship for SrFeO3-δ as a 

function of oxygen content and temperature. 

 

Figure 3.1: Pseudobinary phase diagram illustrating the phase relations of SrFeO3-δ as a function of temperature 

and oxygen content [45]. 

The long-rang ordering of oxygen vacancies relates to the iron ions ability to adopt different 

oxidation states and thus obtain both 6-fold, 5-fold and 4-fold oxygen coordination. The 

SrFeO2.5 brownmillerite consists of alternate layers of corner-sharing FeO6 octahedra and 

FeO4 tetrahedra, while SrFeO2.75 and SrFeO2.875 consist of corner-sharing FeO5- square 
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pyramids and FeO6 –octahedra [43]. Holt et al. [50] investigated oxygen vacancy ordering 

and oxygen ion mobility in SrFeO3-δ by transient thermogravimetry, and reported that 

ordering decreases the mobility of oxygen ions with up to one order of magnitude, depending 

on temperature. Therefore, modifications of the SrFeO3-δ system are necessary for maintaining 

the disordered cubic perovskite phase over a wide range of temperatures and oxygen partial 

pressures. 

3.2.2 SrFeO3-δ Substituted with Higher Valent Transition Metals 

Extensive work by Irvine et al. [26] demonstrated that perovskite oxides containing low 

valence transition metals (Co, Ni, Cu and Zn) on the B-site generally are more prone to phase 

decomposition under reducing conditions, while high valence transition metals (Ti, Nb, Mo, 

V and Cr) on the B-site are stable over a wide range of partial pressures of oxygen. Therefore, 

to design a SrFeO3-δ -based electrode material with improved phase stability, one approach is 

to substitute a higher valence transition metal for iron in the B-site. In light of this suggestion, 

several potential electrode materials with the general formula A1(BB’)1O3-δ  can be derived 

from SrFeO3-δ. 

Fernandez-Ropero et al. [37] studied the effect of substituting the B-site in SrFeO3-δ  with 

higher valent transition metals, and reported that all SrFe0.75M0.25O3-δ (M= Ti, Zr, Nb, Cr, Mo, 

W) materials were cubic 𝑃𝑚3𝑚 perovskites at room temperature. Stabilization of the cubic 

phase is most likely due to incorporation of oxygen in order to compensate for the excess 

positive charge from the high valent transition metal, thus filling oxygen vacancies and 

suppressing ordering. Fig. 3.2 shows conductivity measurements of the studied materials in air 

and in 5 % H2/Ar as a function of temperature. 

 

Figure 3.2: Electrical conductivities for SrFeO3-δ -based electrode materials substituted with higher valent 

transition metals in the B-site: a) in air and b) in 5 % H2/Ar [37]. 
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The conductivity decrease encountered for all SrFe0.75M0.25O3-δ materials in air compared to 

the parent ferrite is presumably due to a decrease in charge carrier concentration as iron is 

substituted with higher valent cations. Under reducing conditions, the conductivity of SrFeO3-

δ is relatively low due to a transition into the brownmillerite phase. The Cr-substituted sample 

underwent the same phase transformation, and was thus excluded from Fig. 3.2 b). All other 

substituted samples maintained their cubic phase, and consequently displayed substantially 

higher conductivities than the parent ferrite. SrFe0.75Mo0.25O3-δ exhibits the highest 

conductivity of all substituted samples in reducing conditions (5 S/cm at 800 °C). Fernandez-

Ropero et al. [37] suggested that the high conductivity values of SrFeO3-δ substituted with 

molybdenum compared to e.g. tungsten, is a result of its rich redox chemistry, promoting 

larger electron concentrations. Owing to its improved phase stability and increased 

conductivity under reducing conditions compared to the parent ferrite, SFM has attracted 

much interest as an electrode material over the last few years. 

3.3 SrFe1-xMoxO3-δ (SFM) 

In addition to exhibiting good stability and rich redox chemistry in both oxidizing and 

reducing atmospheres, SFM anodes also opens up possibilities for versatile fuel utilization. 

Mo-containing perovskites show tolerance towards carbon deposition and sulfur poisoning, 

and SFM anodes have shown adequate performance in CO, CH4, CH3OH and H2S-containing 

atmospheres [51]. SrMoO4 and SrFeO3−δ with a small amount of dissolved Mo form from 

SrCO3, MoO3 and Fe2O3 above 700 °C in air, and the formation of SrFe1-xMoxO3-δ is via 

further reaction between SrMoO4 and SrFeO3−δ. The solubility of Mo in SrFeO3−δ increases 

with temperature and decreases with 𝑝O2  [52]. SFM shows quite different structural, electronic 

and catalytic properties for various Fe/Mo ratios. 

3.3.1 Crystal Structure and Phase Stability 

The crystal structure of SFM is highly influenced by the Fe/Mo ratio. At higher levels of Mo-

substitution (0.5 < x > 0.25), a B-site cation ordered double perovskite is observed. Some 

Sr2FeMoO6 double perovskites have been reported to belong to the cubic 𝐹𝑚3𝑚 space group 

[4], while others observed a distorted tetragonal I4/m phase [3, 53, 54]. Chmaissem et al. [55] 

found that Sr2FeMoO6 undergoes a structural phase transition from the tetragonal phase at 

room temperature to the cubic phase at ~ 400 K. 

At lower Mo-content (0.5 < x > 0.25) the Fe- and Mo-cations are disordered, and a simple 

cubic 𝑃𝑚3𝑚 perovskite structure is reported [47]. At x = 0.25 both B-site ordered 𝐹𝑚3𝑚 

double perovskite [56] and B-site disordered 𝑃𝑚3𝑚 simple perovskite [11, 32, 57-59] have 

been observed, suggesting that there is an order-disorder transition around this value for x. 

The lattice parameters gradually increase with increasing Mo-content (𝑎 = 3.894 and 

𝑎 = 3.919 Å for SFM15 and SFM25, respectively) [57]. This is attributed to the reduction of 

Fe
4+

 to Fe
3+

 as Mo
6+

 is incorporated into the structure. 
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Ambiguous results are reported in literature regarding the chemical phase stability of SFM. 

The average valences of Mo (5+ and 6+) are higher than Fe (4+, 3+ and 2+), causing the 

oxygen content in SFM to increase with increasing Mo-content, and the solubility of Mo in 

SrFeO3-δ is thereby limited by the maximum amount of oxygen which may be accommodated 

in the structure. Fang et al. [60] investigated the phase stability of SrFe1-xMoxO3-δ (x < 0.5) by 

XRD, exposing samples to oxidizing and reducing conditions at 1200 °C for 4 hours. Based 

on this, the authors suggested that the solubility of Mo in SrFeO3-δ is limited to x ~ 0.3 in air 

whereas Mo dissolves up to x = 0.5 in 5 % H2/N2. This was later confirmed by Rager and co-

workers [61] who measured the oxygen stoichiometry of SFM as a function of Mo-content in 

air and 1 % H2/Ar at 1200 °C by the hot extraction method. The maximum oxygen content of 

the simple perovskite structure is 3, and that oxygen stoichiometry was reached a x = 0.34 in 

air and x = 0.54 in 1 % H2/Ar. Based on this, the composition with maximum Mo-substitution 

synthesized at 1200 °C in air is SrFe0.66Mo0.34O3-δ. 

The solubility limit of x ~ 0.3 in air at higher temperatures has later been backed up by other 

studies. Some authors report that compositions such as Sr2FeMoO6, Sr2Fe1.2Mo0.8O6-δ, and 

Sr2Fe1.4Mo0.6O6 may only be synthesized in reducing conditions, as a large portion of a 

secondary SrMoO4 phase has been detected in air [4, 62]. The formation of SrMoO4 stems 

from the oxidation of SFM, given by the following reaction: 

 SrFe1−xMoxO3 +
x

4
O2 ⇄ xSrMoO4 + (1 − x)SrFeO2.5 (3.3) 

 

Hence, a lower oxygen partial pressure shifts the equilibrium to the left, thus stabilizing the 

SFM phase. The lower phase stability boundary of SFM (with respect to oxygen partial 

pressure) is limited by Mo and Fe reduction. Fang et al. [60] found that after exposing SrFe1-

xMoxO3-δ (x < 0.5) samples in 5 % H2/N2 at 1200 °C for 24 hours, two secondary phases were 

observed for SrFe1-xMoxO3-δ compositions where x < 0.4. The phases were identified as 

Sr3Fe2O6 and pure Fe metal. The formation of Sr3Fe2O6 may stem from a reaction between 

SrO and SrFeO3. Other studies have shown that SrFeO3-δ easily decomposes to Fe metal or 

Sr3Fe2O6 by H2 reduction above 850 °C [63]. The amount of Sr3Fe2O6 and pure Fe metal 

decreased with increasing x in SrFe1-xMoxO3-δ, indicating that Mo-substitution in SrFeO3-δ 

increases the tolerance to reduction [60]. In summary, the phase stability of SFM is 

completely dependent on the oxygen partial pressure and molybdenum content. Compositions 

with x < 0.3 are only chemically stable under oxidizing conditions, while compositions with 

larger molybdenum contents (x > 0.3) are only stable under reducing conditions. 

 

While most studies are in overall agreement with the work by Rager and Fang et al. in that 

SrFe1-xMoxO3-δ is stable in air for compositions where x < 0.3 [4, 57, 58, 60, 62], some 

authors claim that these compositions are also stable under reducing conditions. For instance, 

Li et al. [64] demonstrated that SrFe0.75Mo0.25O3-δ was stable in H2 upon heating to 1000 °C, 

observing no secondary phases. This was similarly observed by Liu et al. [4] and dos-Santos 

Gomez [59] under similar conditions. The conflicting reports makes it difficult to draw an 
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overall conclusion regarding the chemical stability of SrFe1-xMoxO3-δ , but higher molybdenum 

contents (x > 0.3) are generally found to only be stable under reducing conditions. 

3.3.2 Thermal Expansion and Chemical Compatibility with 

Electrolytes 

For the successful implementation of SFM as an electrode, it is important for the material to 

exhibit a thermal expansion compatible with present electrolytes. The linear thermal 

expansion of SFM25 was measured by Zheng and co-workers [11] from 25-800 °C in air by 

in-situ XRD. The results revealed a linear dependency in two temperature regimes, with a 

change in slope at 400 °C attributed to the reduction of Fe
4+

 to Fe
3+

. The TECs for SFM25 at 

different temperature ranges from Zheng et al. are listed in table 3.1. Chen et al. [7] found a 

similar transition in slope when measuring the thermal expansion of the same composition by 

dilatometry, although at 760 °C. Similar TEC values (14.5 ∙ 10−6 K−1 in the range 200-760 

°C and 21.4 ∙ 10−6 K−1 in the range 760-1200 °C in air) were reported. 

Table 3.1 TEC in different temperature regimes for SFM25 in air, including the average TEC 

for the whole temperature range [11]. 

TEC (∙ 𝟏𝟎−𝟔 𝐊−𝟏) Temperature range (°C) 

13.5 25-400 

18.3 400-800 

15.8 25-800 

 

The average TECs for a selection of commonly used electrode and electrolyte materials are 

listed in table 3.2 for comparison. The average TEC for SFM25 lies in between the values 

reported for Co-based and Mn-based materials, also being higher than most state-of-the-art 

electrolytes. This could be a setback, as a mismatch in the TEC with the electrolyte produces 

stresses at the interfaces during thermal cycling. The chemical compatibility of SFM with 

conventional electrolyte materials was tested by Liu and co-workers [4] by firing mixtures of 

1:1 ratios of SFM with YSZ8, LSGM, SDC and BZCY electrolytes for 24 hours at 1400 °C in 

air. XRD results indicated that SFM did not form secondary phases with any of the 

electrolytes except for YSZ8. Additional studies on SFM report compatibility with LSGM [7, 

32, 56, 64], SDC [65] and CGO [11] electrolytes when tested in a single cell configuration. 
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Table 3.2: Average thermal expansion coefficients (TECs) for a selection of electrode and 

electrolyte materials from 25 to 800 °C in air. 

Cathode material Average TEC (∙ 𝟏𝟎−𝟔 𝐊−𝟏) Reference 

 

La0.6Sr0.4CoO3 (LSC) 

 

20.5 

 

[7] 

La0.8Sr0.2MnO3 (LSM) 11.8 [7] 

La0.8Sr0.2Co0.8Fe0.2O3 (LSCF) 19.8 [29] 

 

Anode material 

 

Average TEC (∙ 𝟏𝟎−𝟔 𝐊−𝟏) 

 

Reference 

 

Ni-YSZ 

 

12.5 

 

[66] 

 

Electrolyte material 

 

Average TEC (∙ 𝟏𝟎−𝟔 𝐊−𝟏) 

 

Reference 

 

Ce0.8Gd0.2O1.9 (CGO) 

 

12.5 

 

[29] 

Sm0.2Ce0.8O1.95 (SDC) 12.8 [67] 

(Y2O3)0.08(ZrO2)0.92 (YSZ8) 10.7 [29] 

La0.9Sr0.1Ga0.8Mg0.2O2.85 (LSGM) 10.7 [29] 

BaZr0.1Ce0.7Y0.2O3-δ (BZCY) 11.2 [67] 

 

3.3.3 Defect Thermodynamics 

In addition to structural effects as mentioned previously, the degree of oxygen 

nonstoichiometry strongly affects the concentration of charge carriers in SFM. Merkulov et 

al. [57] studied the changes in oxygen nonstoichiometry for SrFe1-xMoxO3-δ (x = 0, 0.7, 0.15 

and 0.25) as a function of 𝑝O2by coulometric titration, as displayed in Fig. 3.3. An initial 

guess was taken as the reference value for δ based on the assumption that Mo would retain its 

6+ oxidation state, resulting in a reference point corresponding to the maximum value for δ in 

oxidizing atmospheres δmax = 0.5 − x ∙ 1.5 at the observed point of inflection between 𝑝O2 

~10
-7

 – 10
-12

 atm. The point of inflection shifts to slightly higher partial pressures of oxygen 

with increasing temperature. To curve fit their obtained data, Merkulov and co-workers chose 
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to abandon the Kröger-Vink notation in order to avoid the complications with defining a 

reference structure for describing the defect chemistry in SFM. Instead, the authors defined 

their reference structure as: 

 
SrFenFe

2+ Fea
3+Fep

4+MonMo
5+ Mob

6+O3−δ 

 
(3.4) 

Site balance and electroneutrality requires that: 

 1 − x = nFe + a + p (3.5) 

 

 x = nMo + b (3.6) 

 

 2 + 2nFe + 3a + 4p + 5nMo + 6b = 6 − 2δ (3.7) 

 

In addition to site balance and electroneutrality, the expressions for the equilibrium constants 

for oxidation Kox, charge disproportionation of Fe Kd and electron exchange between Fe and 

Mo Ke were used in the curve fitting. During the fitting process, if was found that the width of 

the points of inflection were largely determined by Kd, and to a much lesser degree of Ke. The 

fitted oxygen nonstoichiometry data is displayed as the solid lines in Fig. 3.3, and the 

thermodynamic parameters extracted from the fitting process are listed in table 3.3. The 

values for ∆Hox
0  and ∆Sox

0  from Merkulov et al. are within the same range as similar 

substituted ferrites, as listed in table 3.4. 

Fig. 3.4 a) shows the average valence of Mo and Fe cations of SFM25 as a function of oxygen 

partial pressure between 800 and 950 °C. Mo
 
stays in its 6+ oxidation state at 𝑝O2 > 10

-6
 atm, 

but is seemingly easier to reduce than Fe
3+

, which reduces to Fe
2+

 at 𝑝O2 < 10
-10

 atm. The 

reduction of both cations is highly dependent on temperature. The average valences of Mo 

and Fe in the three compositions at 950 °C are shown in Fig. 3.4 b), and vary with Mo-

substitution. 

 



29 

 

 

Figure 3.3: Oxygen nonstoichiometry of SrFe1-xMoxO3-δ (x = 0, 0.07, 0.15 and 0.25) as a function of oxygen 

partial pressure from 800-950 °C. The solid red lines represent the fit to the defect model. The blue data points 

are excluded from the fit [57]. 

Table 3.3: Standard enthalpy ∆Hox
0  and entropy ∆Sox

0  of oxidation, enthalpy ∆Hd
0 and entropy 

∆Sd
0 of Fe disproportionation, and enthalpy of electron exchange ∆He

0 of SrFe1-xMoxO3-δ (x = 

0.07, 0.15 and 0.25) obtained from Merkulov et al. [57]. 

SrFe1-xMoxO3-δ x = 0.07 x = 0.15 x = 0.25 

∆𝐇𝐨𝐱
𝟎  (𝐤𝐉 ∙ 𝐦𝐨𝐥−𝟏) −94 ± 3 −96 ± 4 −90 ± 3 

∆𝐒𝐨𝐱
𝟎 (𝐉 ∙ 𝐦𝐨𝐥−𝟏 ∙ 𝐊−𝟏) −82 ± 2 −80 ± 3 −75 ± 3 

∆𝐇𝐝
𝟎 (𝐤𝐉 ∙ 𝐦𝐨𝐥−𝟏) 132 ± 2 129 ± 3 135 ± 2 

∆𝐒𝐝
𝟎(𝐉 ∙ 𝐦𝐨𝐥−𝟏 ∙ 𝐊−𝟏) 7 ± 2 6 ± 2 10 ± 2 

∆𝐇𝐞
𝟎 (𝐤𝐉 ∙ 𝐦𝐨𝐥−𝟏) 34 ± 1 26 ± 1 24 ± 1 
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Table 3.4: Standard enthalpy ∆Hox
0  and entropy ∆Sox

0  of oxidation for different compositions. 

Composition ∆𝐇𝐨𝐱
𝟎  (𝐤𝐉 ∙ 𝐦𝐨𝐥−𝟏) ∆𝐒𝐨𝐱

𝟎 (𝐉 ∙ 𝐦𝐨𝐥−𝟏 ∙ 𝐊−𝟏) Reference 

La0.2Sr0.8FeO3-δ −104.5 ± 0.4 −80.1 ± 0.4 [68] 

SrFeO3-δ −87 ± 4 −101 ± 6 [57] 

La0.2Sr0.8Fe0.8Ti0.2O3-δ −100.9 ± 0.6 −74.8 ± 0.4 [68] 

La0.2Sr0.8Fe0.8Ta0.2O3-δ −101.6 ± 0.6 −71.9 ± 0.4 [68] 

SrFe0.83Sn0.17O3-δ −88.3 ± 0.2 −80.4 ± 0.2 [69] 

 

 

Figure 3.4: Average valence of Mo 𝑧𝑀𝑜 and Fe 𝑧𝐹𝑒  in a) SFM25 at 800-950 °C and b) SrFe1-xMoxO3-δ (x = 0, 

0.07 and 0.15) at 950 °C as a function of 𝑝O2  [57]. 

3.3.4 Electrical Conductivity and Charge Mobility 

SrFe1-xMoxO3-δ (0.05 < x < 0.3) exhibits a dominating electronic conductivity in the range of 

10
-1

-10
2
 S/cm, while the ionic conductivity lies in the order of 10

-1
-10

-2
 S/cm [4, 7, 47, 58, 

62]. The highest conductivity values reported for this system are from a study by Liu et al. in 

2010 [4], where the conductivity maxima of SFM25 were 550 and 330 S/cm in air and H2, 

respectively. However, most studies on SFM25 generally observe conductivity maxima of an 

order magnitude lower than the values reported by Liu et al., being around ~ 30 and ~ 50 

S/cm in oxidizing and reducing atmospheres, respectively [11, 58]. Both the electronic and 

ionic conductivity of SFM depend heavily on the relative Mo-content, and the Fe/Mo ratio 

should therefore be carefully controlled. 
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Electrical Conductivity as a function of Oxygen Partial Pressure 

Similar to the parent ferrite, SrFe1-xMoxO3-δ (0.05 < x < 0.3) is an n-type and p-type conductor 

under reducing and oxidizing conditions, respectively, and the concentrations of n-type and p-

type charge carriers in the near-stoichiometric range are proportional to 𝑝O2
−1/4 and 𝑝O2

1/4, 

respectively [11, 47, 48]. This generally means that electrons and electron holes are minority 

defects in this region, such that the dominating defects in SFM are oxygen vacancies 

compensating a charge deficiency on the B-site [11]. 

Markov et al. [47] measured the conductivity and oxygen nonstoichiometry of SrFe1-xMoxO3-δ 

(x = 0, 0.05, 0.1 and 0.2) as a function of 𝑝O2, as displayed in Fig. 3.5 a) and b), respectively. 

The conductivity minima in the pressure range of 10
-5

 – 10
-12

 atm correspond to the intrinsic 

electron-hole equilibrium (n = p), and coincides with the point of inflection in the oxygen 

content curves. Literature data [47] suggest that as the partial pressure of oxygen decreases, 

iron cations initially reduces (Fe
4+
Fe

3+
) while molybdenum remains in its 6+ oxidation 

state. The oxygen content at the point of inflection is therefore assumed to be determined by 

the relative amount of Fe
3+ 

and
 
Mo

6+
. The formation of electrons at lower oxygen partial 

pressures is due to further reduction of Fe
3+

 to Fe
2+ 

while the formation of holes at higher 

partial pressures corresponds to the oxidation of Fe
3+

 to Fe
4+

. 

As displayed in Fig. 3.5 a), the p-type conductivity (right hand side) decreases with increasing 

Mo-content. This is mainly due to a decrease in p-type charge carrier concentration with 

increasing Mo substitution. Further, a decrease in the hole mobility and an increase in the 

mobility activation energy for holes was observed with increasing Mo-content. The n-type 

and p-type mobilities of SrFe1-xMoxO3-δ (x = 0.2) were in the range of ~ 10
-2

 cm
2
/Vs, 

supporting that the electronic charge carriers are localized and progress via a small polaron 

hopping mechanism. The electronic transport is most likely due to percolation pathways along 

a Fe
3+

-O-Fe
4+

 bonding network in the crystal. Mo
6+

 does not change oxidation states at high 

oxygen partial pressures, and the decrease in hole conductivity therefore stems from the 

relative decrease in Fe concentration upon Mo substitution [4, 47]. However, as the 

incorporation of Mo results in a filling of oxygen vacancies for charge compensation, it 

should also be expected that transport chains are restored. As a result, merely a moderate 

suppression in p-type mobility is observed in comparison to the strong decrease induced by 

low valence dopants [47]. 
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Figure 3.5: a) Electrical conductivities and b) oxygen content of SrFe1-xMoxO3-δ (x = 0, 0.05, 0.1 and 0.2) as a 

function of partial pressure of oxygen at 950 °C [47]. 

While the p-type conductivity decreases with Mo-content, this trend takes an opposite turn 

under reducing conditions, as displayed in Fig. 3.5 a). The conductivity of SrFe1-xMoxO3-δ (x 

= 0.2) is about one order of magnitude larger than in SrFeO3-δ, and may reflect an increase in 

the n-type carrier concentration as Mo
6+

 reduces to Mo
5+

 and/or by an enhanced electron 

mobility. The mobility increase might be due to a strong hybridization of the 3dt2g orbitals of 

Fe and Mo at the Fermi level, which favors delocalization of charge carriers and stands in 

agreement with the reported decrease in the n-type mobility activation energy (~ 0.3 eV) with 

Mo-substitution [47]. 

Electrical Conductivity as a function of Temperature 

The electrical conductivity of SrFe1-xMoxO3-δ (0.05 < x < 0.3) follows different trends in 

oxidizing and reducing conditions with respect to temperature. Zheng et al. [11] measured the 

conductivity of SFM25 in the temperature interval 25-850 °C in
 
air, and similar to the parent 

ferrite they found that the conductivity increased with increasing temperature until it reached 

a maximum of 13 S/cm in the 400-600 °C range. The activation energy in the near-linear 

region (50-250 °C) was reported to be 0.18 eV. The increase in conductivity with increasing 

temperature below 400 °C is attributed to an increase in the hole mobility, while the 
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conductivity drop above 600 °C may be explained by a decrease in the hole concentration as 

more effectively positive charged oxygen vacancies are formed. This behavior for SFM25 has 

been confirmed by other studies, although with higher conductivity maxima, e.g. 600-800 °C 

[37, 58]. Meng et al. reported a similar behavior for SFM20, with a conductivity maximum of 

50 S/cm at 450 °C in air. The activation energy in the temperature range 200-400 °C was 

reported to be 0.09 eV [65]. Under reducing conditions, Zheng et al. [11] observed a linear 

increase in conductivity with increasing temperature for the same composition and 

temperature range, with the conductivity reaching a maximum value of 50 S/cm at 850 °C. 

3.3.5 Catalytic Activity and Ionic Transport 

As the electrode materials in PCFCs act as catalysts for oxidation and reduction processes, 

rapid exchange between the gas phase and the surface together with fast ionic transport 

through the material are important properties. Thus, their performance largely depends on the 

kinetics of surface exchange and ionic transport. At the cathode side, the surface exchange 

coefficient kex is a measure of the rate of oxygen uptake from the gas phase, while the 

chemical diffusion coefficient Dchem reflects the rate of the transport of oxygen ions through 

the material. Chen et al. [7] measured Dchem and kex for SFM25 as a function of 𝑝O2at 700 °C 

and 750 °C by the electrical conductivity relaxation (ECR) method. The results are presented 

in table 3.5. The values are comparable to those reported for La0.8Sr0.2MnO3 and 

La0.6Sr0.4Co0.2Fe0.8O3 (LSCF) under similar conditions [70], suggesting that SFM may have 

similar electrochemical activity towards oxygen reduction as Co-based cathodes. Chen et al. 

also measured the ionic conductivity of SFM25 as a function of temperature in air with a cell 

configuration using LSGM as the electronic blocking electrode, and reported a maximum 

value of 0.13 S/cm at 800 °C. 

Table 3.5: The chemical diffusion coefficient and the surface exchange constant at different 

temperatures [7]. 

Temperature (°C) Dchem  (𝒄𝒎𝟐 ∙ 𝒔−𝟏) 𝐤𝐞𝐱  (𝒄𝒎 ∙ 𝒔
−𝟏) 

700 9 ∙ 10−7 1.6 ∙ 10−5 

750 5 ∙ 10−6 2.8 ∙ 10−5 

 

The ionic conductivity in SFM is primarily determined by the concentration of oxygen 

vacancies and the activation energy of oxygen ion migration. Munoz-Garcia and co-workers 

[71] investigated the oxygen ion diffusivity in SFM (x = 0.5 and 0.25) in a computational 

study, and found that the calculated formation energy of oxygen vacancies ∆𝐸𝑓,𝑣𝑎𝑐 was ~ 1-2 

eV lower along Fe-O-Fe bonds (~ 3 eV)  than Mo-O-Mo (~ 4 eV) and Fe-O-Mo bonds (~ 5 

eV). This suggests that compositions of SFM with excess Fe compared to Mo, i.e. lower 

values of x, should result in a higher concentration of oxygen vacancies that facilitate oxygen 

diffusion. This is due to the fact that Mo-O bonds are stronger than Fe-O bonds, and the 

electron density is more localized at Mo sites upon reduction. The low values of ∆𝐸𝑓,𝑣𝑎𝑐 along 
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the Fe-O-Fe bonds explain the intrinsic nonstoichiometry in SFM, and suggest that the 

mobility of oxygen ions will only depend on the oxide ion migration energy. The calculated 

migration energy of a jump from the occupied Fe-O-Fe site to the nearest unoccupied Fe-vO
⦁⦁-

Fe site in SFM25 was ~ 0.3 eV, which is much lower than for the parent ferrite and other 

typical La- and Sr-based perovskites (~ 0.8-0.9 eV). Thus, the incorporation of Mo affects the 

diffusion process in two opposing ways; it raises ∆𝐸𝑓,𝑣𝑎𝑐 but lower the migration barrier. 

Munoz-Garcia et al. [71] calculated the self-diffusion coefficient, Dr, of SFM25 to be 

5.1 ∙ 10−6 cm2s−1 at 750 °C. 

The calculated ionic conductivities of SrFeO3-δ and SrFe1-xMoxO3-δ (x = 0.05 and 0.1) within 

𝑝O2= 10
-14

 – 10
-10

 atm obtained from curve fitting the experimental 𝑝O2-dependent data from 

Markov et al. [47] are displayed in Fig. 3.6. A cusp in the ionic conductivity related to the 

phase transition from the cubic perovskite to the long-range ordered brownmillerite structure 

is observed for SrFeO3-δ, although even a small amount of Mo-substitution results in its 

disappearance. In addition, the ionic conductivity of SFM05 is higher than the parent ferrite. 

 

Figure 3.6: Arrhenius plot of the ionic conductivities of SrFeO3-δ and SrFe1-xMoxO3-δ (x = 0.05 and 0.1) within 

𝑝O2= 10
-14

 – 10
-10

 atm [47]. 

3.3.6 Fuel Cell Testing 

SFM25 and SFM20 have been tested as electrodes in single cell configurations with various 

electrolytes and fuels. In a study by Liu et al. [4], the SFM25 electrode polarization 

resistances in a symmetrical SFM25|LSGM|SFM25 cell configuration under open circuit 

conditions were reported to be 0.10, 0.24 and 0.66 Ω cm
2
 at 850, 800 and 750 °C in air, 

respectively. At the same temperatures in 5 % H2/Ar, the polarization resistances were 0.21, 

0.27 and 0.46 Ω cm
2
. These values are similar to those reported for the Ni-YSZ anode. The 

maximum power densities obtained by the SFM25|LSGM|SFM25 cell in wet H2 and CH4 at 

900 °C were 835 and 230 mW cm
-2

, respectively. Even lower polarization resistances have 

been reported for SFM20 in air, such as 0.074 and 0.076 Ωcm
2 

at 800 °C. The decrease in 
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polarization resistance with decreasing Mo-content in air may be explained by an increase in 

electronic and ionic conductivity [7, 58]. 

Stable fuel cell performance without carbon deposition was obtained for SFM25-based 

composite electrodes with a GCO electrolyte in 10 vol % CO/CO2 and in dry CH4 below 700 

°C during a study by Zheng et al. [11]. Li et al. [64] obtained a maximum power density of 

391 mW cm
-2

 in CH3OH in comparison to 520 mW cm
-2

 in pure H2 at 800 °C with a 

SFM25|LSGM|BSCF cell configuration. No coking at the anode surface was observed. 

Higher power densities have been reported for fuel cells with the double perovskite 

Sr2FeMoO6 as an anode, with a maximum power density of 604.8 mW cm
-2

 in dry CH4 [72]. 

Cell regenerative tests by cycling a SFM25|LSGM|SFM25 cell between pure H2 and H2 with 

100 ppm H2S at 800 °C were performed by Liu et al. [32] to investigate the sulfur tolerance of 

SFM25. There were no signs of anode degradation, thus indicating that SFM25 is sulfur-

tolerant at 100 ppm H2S levels. However, sulfur poisoning still seems to be a problem for 

SFM-based anodes at higher concentrations of H2S, as Zheng et al. [11] observed sulfur on 

the SFM25 anode surface after annealing the material in a 800 ppm H2S-containing 

atmosphere at 600 °C for 12 hours. 
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4 Experimental Methods 

In this chapter, the experimental methods and equipment utilized in this project are described. 

All compositions of SFM were synthesized by a high temperature solid state reaction (SSR) 

route, and characterized by X-Ray Diffraction (XRD) and Scanning Electron Microscopy 

(SEM) with Energy Dispersive X-Ray Spectroscopy (EDS). Electrical measurements and 

thermogravimetric analysis (TGA), respectively, served to measure the total conductivity and 

oxygen nonstoichiometry as a function of 𝑝O2, 𝑝H2O and temperature. X-ray Photoelectron 

Spectroscopy (XPS) and isotope exchange Gas Phase Analysis (GPA) were used in attempts 

to determine a reference value for the oxygen nonstoichiometry. Furthermore, surface 

exchange measurements were conducted by means of GPA. TG-DSC allowed for a direct 

evaluation of the standard oxidation enthalpy ∆Hox
0 . 

4.1 Sample Preparation 

SrFe1-xMoxO3-δ (x = 0.15 0.2, 0.25 and 0.3) was prepared from the starting materials listed in 

table 4.1. Nominal compositions and abbreviated names of the synthesized samples are listed 

in table 4.2. 

 

Table 4.1: The precursors used in the synthesis of SFM. 

Material Size and purity Supplier 

SrCO3 ≥ 99.9 % Sigma-Aldrich 

CAS nr. 

Fe2O3 99.5 % Alfa Aesar 

CAS nr. 1309-37-1 

MoO3 99.5 % Alfa Aesar 

CAS nr. 1313-27-5 

 

Table 4.2: Nominal compositions and abbreviated names of the synthesized samples. 

Mo-content [%] Nominal composition Abbreviated name 

15 

20 

SrFe0.85Mo0.15O3-δ 

SrFe0.8Mo0.2O3-δ 

SFM15 

SFM20 

25 SrFe0.75Mo0.25O3-δ SFM25 

30 SrFe0.7Mo0.3O3-δ SFM30 

 

Stoichiometric amounts of each precursor were weighed out and thoroughly mixed in an agate 

mortar. After that, the powder was transferred to an agate vial with agate balls and 

isopropanol, and wet-ground in a planetary ball mill for 3 hours with 200 rpm. The slurry 

obtained from milling was dried over night at 110 °C in a heat cabinet followed by calcination 
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in an alumina crucible at 800 °C for 12 hours and subsequent regrinding. Fig. 4.1 a) shows the 

temperature profile for the calcination process. The heating/cooling ramp rate was 200 °C/h. 
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Figure 4.1: Temperature profile for a) the calcination and b) the sintering of SFM. 

The as-synthesized powder was mixed with an organic binder containing B-60 and B-71 

polymers dissolved in ethyl acetate and placed into a die coated with stearic acid prior to 

filling. 15-20 drops of binder was used per gram powder. Pellets with a diameter of 25 mm 

and thickness of 1-2 mm were obtained by uniaxial cold-pressing at 100 MPa (5 – 5,5 tons) in 

a hydraulic Specac GS15011 press. The pressed pellets were sintered at 1200 °C for 30 hours 

with a heating/cooling ramp rate of 200 °C/h (Fig. 4.1 b). The sintered pellets were crushed 

and reground to a powder for TGA and GPA measurements. Some of the reground powder 

was pressed and sintered with the same procedure as described above in order to densify the 

pellets further. Sintered pellets with relative densities of > 80 % were used for electrical 

measurements. 

4.2 Sample Characterization 

4.2.1 X-Ray Diffraction (XRD) 

The phase composition and crystal structure of all samples were investigated by XRD on a 

MiniFlex 600 Benchtop from Rigaku Corporation with CuKα,1 (λ = 1.5046 Å) and CuKα, 2 (λ 

=1.5444 Å) radiation. The x-rays were scanned in the range 10° ≤ 2θ ≤ 90° with a step size 

of 0.02 °/s. Diffractograms were processed in DIFFRAC.EVA v4.0 by comparison to the 

Powder Diffraction File (PDF) database from the International Centre for Diffraction Data 

(ICDD). Structural refinements by the Rietveld technique were performed with TOPAS v5.0. 

The cubic 𝑃𝑚3𝑚 space group with atomic coordinates obtained by Hodges et al. [43] were 

employed as the starting structure model. 

In situ XRD experiments were conducted on a Siemens Bruker D5000 with MoKα,1 (λ = 

0.70930 Å) and MoKα,2 (λ = 0.71359 Å) radiation. Evolution of the unit cell parameter of 

SFM20 was investigated as a function of temperature in air by heating the sample from room 
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temperature to 1100 °C in increments of 50 °C, while dwelling at each stage. The sample was 

cooled down with the same procedure, and the heating/cooling rate was 1 °C/min. Isothermal 

stability measurements were conducted on SFM20 and SFM30 as a function of 𝑝O2. Both 

samples were heated to 600 °C in air and allowed to equilibrate. After that, the atmosphere 

was switched to pure argon for 24 hours and subsequently switched to 5 % H2/Ar for 8 hours. 

The stability of SFM20 and SFM30 in reducing atmospheres was investigated by firing 

powder samples in 5 % H2/Ar at 1000 °C for 12 hours followed by XRD analysis. 

4.2.2 Scanning Electron Microscopy (SEM) 

SEM images were taken on a FEI-SEM (FEI Quanta 200 FEG-ESEM) with a field emission 

gun (FEG) and three detectors; an Everhart-Thornley Detector (ETD), a Large Field Detector 

(LFD) for low vacuum and environmental SEM (ESEM) mode and a Solid-State Detector 

(SSD) for high vacuum mode (10
-5

 Pa). The instrument was operated in high vacuum mode 

with an acceleration voltage of 20 kV. Elemental spot analysis was conducted by means of an 

EDAX Pegasus 2200 EDS (Energy Dispersive X-Ray Spectroscopy) detector that is coupled 

to the FEI-SEM. 

4.3 Electrical Measurements 

Conductivity measurements were performed using a ProboStat
TM

 sample holder from NorECs 

AS with a van der Pauw 4-point setup [22]. The cell was placed inside a vertical tubular 

furnace with a PID-regulator (Eurotherm 2216e or 3208) connected to a thermocouple inside 

the cell. The gas atmosphere within the cell was controlled by an in-house built gas mixer. 

The various parts of the setup are described in more detail below. Conductivity measurements 

were carried out isothermally as a function of 𝑝O2  or isobarically as a function of temperature 

under equilibrium conditions. The measurements were conducted using a Keysight 34970A 

multichannel multimeter and a Keysight E3642A DC power supply connected to the 

measurement cell together with a custom made LabVIEW program as described in more 

detail elsewhere [73]. 

4.3.1 Instrumental Setup 

Measurement Cell 

Fig. 4.2 a) is a general drawing of the measurement cell, with Fig. 4.2 b) illustrating the Ni-

plated brass base unit and a cross-section of the outer and inner alumina tube. 
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Figure 4.2: a) Illustration of the ProboStat
TM

 measurement cell from the outside, and b) a detailed sketch of the 

base unit with a cross-section of the inner and outer alumina tube. The main components of the cell are 

numbered and described at the bottom of the figure [74]. 

van der Pauw 4-point Assembly 

The upper part of the measurement cell with a van der Pauw 4-point setup is depicted in Fig. 

4.4. The sample (25 mm diameter) rests on a 50 cm long open alumina support tube attached 

to the base unit (Fig. 4.3). Four Pt electrodes are pressed against the sample surface by a two-

rod spring force assembly of alumina which also holds the sample in place. An S-type 

thermocouple for measuring the temperature of the sample is attached to the outside of the 

support tube and positioned in the vicinity of the sample. The measurement cell has two gas 

inlets and outlets, one of each inside and two outside of the support tube. 
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Figure 4.3: Schematic figure of the upper part of the ProboStat
TM

 measurement cell with a van der Pauw 4-point 

assembly. The major parts of the setup are marked and described at the bottom of the figure [74]. 

Gas Mixer 

The oxygen partial pressure inside the measurement cell was controlled by O2/Air + Ar or H2 

+ Ar + H2O mixtures of different ratios by using a gas mixer containing a series of flow 

meters (Sho-Rate 1355, Brooks Instruments) connected by copper tubing. The setup allows 

for an initial gas G1 (e.g. O2, air, 5 % H2/Ar) to be diluted by a second gas G2 (e.g. Ar) in a 

maximum of three diluting stages. The mixer also contains a wetting stage and a drying stage 

to control the water vapor pressure of the gas before it goes to the measurement cell. A 

schematic diagram of the gas mixer is shown in Fig. 4.4. 

G1 and G2 that enter flow meter 1 and 2 are mixed into a third flow meter as mix 1 (M1). The 

flow of G1, M1, M2 and M3 is controlled by adjusting a glass floater inside the flow meter. 

The flow of G2 is controlled by a heavier floater made of tantalum. All excess gas from each 

dilution stage is sent through pressure regulators consisting of bubblers (B1-B4) connected to 

a ventilation system. The bubblers contain columns with decreasing amounts an inert mineral 

oil to ensure a continuous overpressure in the system. The range of oxygen partial pressure is 

limited by air leakage into the gas mixer and oxygen residuals in the diluting gas, resulting in 

a minimum 𝑝O2of 10
-5

 atm in oxidizing conditions. The flow rate of each gas needed to obtain 

the desired gas mixtures was determined by means of the software GasMix, v0.6. 
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After the three diluting stages, M3 is sent through to either one of two wetting stages, a drying 

stage, or bypassed directly to the last flow meter before reaching the cell. In the two wetting 

stages humidification is accomplished by sending the selected gas through H2O or D2O, and 

further through a saturated solution of potassium bromide (KBr) to control the partial pressure 

of the water vapor in the gas. The solution of KBr ensures a water (and heavy water) vapor 

pressure of approximately 0.025 atm at room temperature. In this thesis the wetting stage was 

used to control 𝑝O2more accurately under reducing conditions. When using H2 in the gas 

mixer, the equilibrium between H2, O2 and water vapor determines the oxygen partial 

pressure by the following reaction: 

 

 H2(g) + 
1

2
O2(g) ↔ H2O(g) (4.1) 

 

In the parallel drying stage the gas is sent through a dehydrating agent of phosphorous 

pentoxide (P2O5). Although according to handbook values, the 𝑝H2O in the gas is expected to 

be  < 1 ∙ 10−6 atm after going through the drying stage, it has been experimentally estimated 

by Kofstad and Norby to be approximately 3 ∙ 10−5 atm due to leakages in the system [75]. 

After the wetting/drying stage, the mix enters a final flow meter used to regulate the gas flow 

to the measurement cell. 

 

 

Figure 4.4: A schematic diagram of the gas mixer used for controlling the gas atmosphere inside the 

measurement cell. The figure is modified from Løken, A. [76].  
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4.4 Thermogravimetric Analysis (TGA) 

The oxygen nonstoichiometry of SFM20 and SFM25 was investigated as a function of 

temperature and 𝑝O2  under equilibrium conditions in A Netzsch STA449 F1 Jupiter 

thermobalance with a mass-flow controller from NorECs AS. The apparatus is described in 

more detail below. All measurements were performed in dry O2 with N2 as the diluting gas. 

The instrument also requires 1/5 of the total gas mixture to be a protective inert gas, yielding 

an effective 𝑝O2 of 0.8 atm in the instrument chamber when the gas mixture is set to 1 atm O2. 

Experiments were conducted either as isobaric (with respect to 𝑝O2) temperature ramps or 

isothermal 𝑝O2ramps. 

Isobaric measurements carried out in air were ramped and dwelled from 200-1100 °C in 

increments of 100 °C. The temperature profile for measurements done in air is presented in 

Fig. 4.5. Heating/cooling rates between dwelling stages in the ranges 1100-500 °C and 500-

200 °C were 5 °C/min and 3 °C/min, respectively. The dwell time was increased at lower 

temperatures in order to ensure equilibrium. Isobaric measurements in 1 atm N2 were ramped 

and dwelled from 800-1200 °C in increments of 100 °C. 

 

Figure 4.5: Temperature profile for isobaric TGA measurements in air. 

Isothermal measurements were conducted in the 𝑝O2  range 10
-18

 – 10
-13

 atm for measurements 

in reducing conditions and 10
-5

 – 1
 
atm for measurements in oxidizing conditions. The 

samples were kept at a constant 𝑝O2 until equilibrium was reached, and then introduced to a 

step change in 𝑝O2. Six 𝑝O2 steps were introduced in each 𝑝O2  range at each temperature. The 

results obtained from the thermobalance were analyzed with the software Proteus Analysis 

v6.1.0 from NETZSCH-Gerätebau GmbH. 

Hydration in SFM25 at 250 °C was investigated by heating the powder sample in dry N2 

(𝑝H2O ~ 3 ∙ 10−5 atm at room temperature) to 1000 °C and dwelling for 3 hours, before 

cooling down to 250 °C with a cooling rate of 5 °C/min. After 1 hour of dwelling at 250 °C, 
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the gas atmosphere was switched to wet N2 (𝑝H2O ~ 0.025 atm). The same procedure was 

done for investigating hydration in SFM25 at 300 °C and 350 °C.  

Measurements with an empty sample crucible were done in the same experimental conditions 

as the normal measurements for background-correction. The background was subtracted from 

the original measurements. 

Sample Preparation 

Powder samples (1-2 g) were prepared by crushing sintered pellets followed by grinding in a 

planetary ball mill for 12 hours to obtain as small and equally sized particles as possible. This 

was done in order to obtain relatively fast equilibrium-times during measurements. The 

powder samples were placed in alumina crucibles. 

4.4.1 Instrumental Setup 

The Netzsch STA 449 F1 Jupiter is a vacuum-tight thermobalance allowing vacuum levels of 

 ≤ 10−4 mbar [77]. The instrument has a silicon carbide furnace that operates from 25 to 1600 

°C. The apparatus is depicted in Fig. 4.6. An in-house built mass-flow controller regulates the 

flow rate of gases sent to the thermobalance. 

 

 

Figure 4.6: A cross-section of the thermobalance and its major components used in thermogravimetric analysis. 

The components are numbered and described at the bottom of the figure [74]. 
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4.5 TG-DSC 

The standard oxidation enthalpy ∆HOx
0  of SFM20 was measured by TG-DSC in a NETZSCH 

STA 449C Jupiter simultaneous thermal analyzer. The vacuum-tight assembly allows for 

vacuum levels of ≤ 10−4 mbar. An illustration of the main parts of the instrument is depicted 

in Fig. 4.7. The gas atmosphere inside the TG-DSC instrument chamber is controlled by a 

smaller version of the gas mixer described in Fig. 4.4. The sample carrier system contains two 

Pt/Rh crucibles; one sample crucible and one reference crucible. 

 

 

Figure 4.7: A cross-section of the TG-DSC instrument used for measuring oxidation enthalpies of SFM, 

including the main components of the instrument. The components are numbered and described at the bottom of 

the figure [74]. 

The mass, temperature and DSC sensitivity of the instrument had been calibrated prior to 

measurements. A sample crucible was filled with about 200-300 mg of sample powder and 

heated to the desired temperature with a heating rate of 20 °C/min in oxygen with a flow rate 

of 40 mL/min. As soon as equilibrium conditions were reached, the atmosphere was switched 

from oxygen to nitrogen. The atmosphere was switched back to oxygen as soon as the TG and 

DSC signals once again stabilized. Two experimental runs with three oxidation/reduction 

cycles each were conducted at each temperature to increase the statistical significance of the 

obtained data. Measurements were done in the range 400-1100 °C in increments of 100 °C. 

The TG-DSC background data was recorded by conducting the exact same experiment with 

an empty sample crucible, and finally subtracted from the sample data. 
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4.6 X-Ray Photoelectron Spectroscopy (XPS) 

As discussed previously in chapter 3, the change in charge carrier concentration due to a 

variation in oxygen content can be associated with a change in the average oxidation state of 

iron. Therefore, to obtain an experimental reference value for δ one approach is to quantify 

the average valence of iron. This was attempted by means of X-Ray Photoelectron 

Spectroscopy (XPS), a spectroscopic surface analysis technique that provides quantitative 

information about chemical states of the constituents in a material. 

A Kratos Ais Ultra DLD instrument with monochromatic AlKα1,2 (1486.6 eV) radiation was 

used in this experiment. Survey scans from 5 to1400 eV with a step size of 0.1 eV and pass 

energy of 160 eV were conducted. 

Sample Preparation 

Two samples of SFM20 (SFM20-1 and SFM20-2) were prepared by quenching after 

annealing in different atmospheres at 800 °C. The pellets were suspended inside a tubular 

furnace with a platina thread, and the furnace was sealed. The furnace was connected to a 

small gas mixer similar to the one described in Fig. 4.5. SFM20-1 was reheated to 800 °C in 1 

atm argon and quenched after 24 hours. The same procedure was followed for SFM20-2 in 1 

atm oxygen. 

4.7 Isotope Exchange Gas Phase Analysis (GPA) 

Oxygen nonstoichiometry and surface exchange was investigated by means of isotope 

exchange GPA in an experimental assembly as displayed in Fig. 4.8. Powder samples (0.01-

0.04 g) were placed in a boat inside a reaction tube (60 ml), both made of quartz. The reaction 

chamber may be evacuated by a roughing pump and supplied with 
16

O2 and
18

O2 isotopes 

directly from gas inlets or from a 
16

O2/
18

O2 composition premixed in a mixing chamber. The 

reaction tube was heated to the desired temperatures in a mobile, horizontal tubular furnace. A 

Pfeiffer CMR 26 pressure gauge (1-1000 mbar) and a Pfeiffer QME 200 Mass Spectrometer 

(MS) measured the pressure and gas composition in the reaction chamber as a function of 

time, respectively. 
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Figure 4.8: Schematic illustration of the GPA apparatus. 

For determining the oxygen nonstoichiometry in SFM20, the sample powder was pretreated 

prior to the experiment by heating it in a thermobalance to 1050 °C in 
16

O2, and quenching it 

after reaching equilibrium. After placing the pretreated powder inside the reaction tube, the 

chamber was evacuated and filled with pure 
18

O2 (100 mbar). The tube was placed inside the 

furnace (at 500 °C), and the gas composition inside the reaction chamber was monitored until 

the sample reached equilibrium. 

The surface exchange of SFM20 was investigated by monitoring the 
16

O2/
18

O2 exchange 

between the surface and the gas phase as a function of temperature and total pressure of 

oxygen. Measurements were carried out in the 425-575 °C temperature range at 5-100 mbar 

oxygen pressure. The samples were equilibrated to contain a 1:1 ratio of 
16

O2 and 
18

O2 prior to 

the experiments. The reaction tube was evacuated, filled to the desired pressure with a 

mixture containing the same 1:1 isotope composition, and subsequently heated to the chosen 

temperature. The gas exchange and recombination was monitored until statistical equilibrium 

was reached. The background exchange from the reaction tube was recorded in separate 

measurements, and showed a negligible contribution within the present experimental 

conditions. 

4.8 Sources of Error and Uncertainty 

Both the sample preparation process and the experimental methods presented include 

uncertainties and sources of error. XRD, SEM and XPS are common characterization methods 

with systematic errors that are well documented. Therefore only EDS, Rietveld refinement, 

gas mixer, TGA, TG-DSC, GPA and electrical measurements will be discussed. 

Firstly, small amounts of impurities during synthesis must be considered, despite of thorough 

cleaning of synthesis equipment. Additional uncertainties during weighing may also occur, 

due to an uncertainty of ± 0.1 mg in the analytical balance utilized.  
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EDS analysis is a semi-quantitative technique and should therefore only be used as an 

estimate of the sample composition. The reported uncertainty of EDS is 1-2 atomic mole 

percent. Therefore the Sr/Fe/Mo ratio reported from EDS analysis in the samples may not be 

entirely accurate. Several uncertainties may also be associated with the cell parameter values 

obtained from Rietveld refinement. As mentioned in Appendix B, the refinement relies on 

several parameters describing the accuracy of each calculated value. However, these 

parameters have to be viewed critically, because while smaller error index values indicate a 

better fit of a model to the experimental data, one has to consider the fact that using wrong 

models and poor quality data may give smaller error index values than using good models and 

high quality data. Therefore, one should evaluate the quality of the refinement by viewing the 

observed and calculated patterns graphically to ensure that the model is chemically plausible 

[78]. 

Thermocouples are used in the furnaces, the thermobalances and in the measurement cell 

during electrical measurements. They have an uncertainty of ± 1-2 K, depending on their age 

and degree of contamination. Moreover, the temperature gradients inside the furnaces used for 

synthesis, electrical measurements and GPA adds a level of uncertainty to the data. The 

temperature gradients were counteracted as best as possible by positioning the samples in the 

middle of the furnaces. Furthermore, the thermocouple used in electrical measurements were 

placed as near the sample as possible. The GPA setup is especially prone to temperature 

gradients, and the gradient increases with the length of the reaction tube. In addition, when 

enclosing the tubular furnace around the reaction tube, the time it takes for the sample to 

reach the same temperature as the furnace is not instant, thus adding a level of uncertainty to 

the measurements. The GPA setup has an extra source of error; the leak valve sampling gas to 

the MS is slowly depleting the gas in the reaction tube, which in turn decreases the pressure 

inside the MS. To minimize this uncertainty, the valve was carefully controlled. 

The gas mixers used for controlling the atmospheres during electrical measurements, TGA 

and TG-DSC may be sources of several errors, including the purity of the utilized gases, the 

flow meter accuracies and gas leakages in the system. As previously mentioned, oxygen 

residuals in the diluting gas and air leakages into the mixer and measurement cell may occur. 

The setup was checked for leakages before each measurement series in order to minimize 

these errors. Each flow meter exhibit an accuracy of ± 5 % [76]. This means that the 

uncertainty in 𝑝O2 increases with the number of flow meters used for dilution. The resulting 

uncertainties at each diluted 𝑝O2- step used in conductivity measurements are listed in table 

4.3. 

Table 4.3: Uncertainties in 𝑝O2 associated with the number of flow meters used for dilution. 

𝐥𝐨𝐠(𝒑𝐎𝟐) (atm) Number of flowmeters Uncertainty (%) 

-1 2 10 

-2 4 20 

-3 6 30 

-4 6 30 
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The thermobalances used for TGA and TG-DSC measurements have an uncertainty of ± 0.05 

mg, resulting in maximum errors of ± 0.005 % and ± 0.025 % of the sample weights, 

respectively. These errors constitute minor differences and are therefore regarded as 

negligible. Measurements with an empty sample crucible were run in the same experimental 

conditions as the original measurements and subtracted from the data points for background 

correction. The buoyancy effect in TGA measurements was measured by conducting 

𝑝O2ramps from 1 to10
-5

 atm O2 at different temperatures between 1100 and 400 °C with an 

empty crucible (Fig. 4.9). The ramp rate between dwelling stages was 5 °C/min. The 

buoyancy effect is approximately ± 0.1 mg at all temperatures, as displayed in Fig. 4.10. An 

on the sample weight occurred only when switching from 1 to 0.1 atm O2, while all of the 

other steps in 𝑝O2 showed negligible changes.  

 

Figure 4.9: 𝑝O2ramps with an empty crucible at different temperatures. The ramps are obtained by diluting O2 

with N2. The first dotted line indicates a switch from 1 to 0.1 atm O2, and the second line indicates a switch from 

1 atm N2 back to 1 atm O2. 

 

Figure 4.10: 𝑝O2ramps with an empty crucible at 1000 °C. The first dotted line indicates a switch from 1 to 0.1 

atm O2, and the second line indicates a switch from 1 atm N2 back to 1 atm O2. The 𝑝O2switches in between the 

dotted lines from 0.1 to 10
-5

 atm O2 gave negligible weight changes. 
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The buoyancy effect in TG-DSC measurements was measured by switching from pure O2 to 

pure N2 and back again at1100 °C and 400 °C with an empty crucible. The buoyancy effect 

was the same at both temperatures, i.e. approximately ± 0.05 mg, as displayed for the 

measurement at 400 °C in Fig. 4.11. The DSC signal in TG-DSC measurements is reported by 

Netzsch to be ± 2 % for most materials [77]. However, as the signal becomes weaker at 

higher temperatures, it needs to be corrected for through a calibration curve. The procedure 

for the calibration is described in Appendix C, and the calibration curve is displayed in Fig. 

C.1.  

 
Figure 4.11: 𝑝O2switch from pure O2 to pure N2 and back to pure O2 with an empty crucible at 400 °C. 
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5 Results 

Firstly, experimental results from structural characterization and phase stability of SFM by ex 

situ and in situ XRD are introduced, followed by morphology and microstructure analyses 

using SEM and EDS. The next sections focus on oxygen nonstoichiometry results from TGA 

and GPA, in addition to oxidation thermodynamics determination by TG-DSC. Finally, 

electrical conductivity and surface exchange results from electrical measurements and GPA, 

respectively, are presented. 

5.1 Sample Characterization 

5.1.1 Crystal Structure and Phase Stability 

Diffractograms of the as-synthesized SFM compositions together with a silicon standard are 

presented in Fig. 5.1. The slight peak splitting observed is due to the additional CuKα,2 

radiation from the instrument. Compositions up to x = 0.25 exhibit a simple cubic 𝑃𝑚3𝑚 

crystal structure, and show no secondary phases. The diffractogram of SFM30 on the other 

hand reveal peaks corresponding to a secondary phase identified as SrMoO4. The peaks shift 

to slightly lower 2θ values with increasing Mo-content, indicating an expansion of the lattice 

parameter with increasing Mo-substitution. 

Rietveld refinement was performed for all samples with the 𝑃𝑚3𝑚 space group as the 

reference structure. Fig. 5.2 shows the Rietveld pattern from structure refinement of SFM20. 

The vertical green lines represent the allowed Bragg reflections for the 𝑃𝑚3𝑚 space group. 

The obtained diffraction pattern (black line) overlaps well with the calculated pattern (red 

line), and a small difference between the experimental and calculated pattern is observed 

(blue line), indicating an acceptable fitting accuracy. Refined cell parameters, unit cell 

volumes and fitting quality parameters of the synthesized samples are presented in table 5.1. 

An acceptable fitting is obtained for samples with x ≤ 0.25, and the lattice parameters 

coincide with literature [57]. As the XRD pattern of SFM30 contains a secondary phase, a 

larger difference between the observed and calculated pattern is expected, which is confirmed 

by the high value for 𝜒2. When plotting the refined cell parameters against the fractional 

content of Mo, a continuous expansion of the unit cell with increasing Mo-substitution is 

observed (Fig. 5.3). The cell parameter of SFM30 was expected to be slightly smaller than 

observed due to the segregation of the secondary phase.  
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Figure 5.1: Diffractograms obtained from XRD after synthesizing pellets of SrFe1-xMoxO3-δ (x = 0.15, 0.2, 0.25 

and 0.3). The pellets were sintered at 1200 °C in air. Si reflections are indicated with  and SrMoO4 reflections 

are indicated with . Unmarked peaks belong to the 𝑃𝑚3𝑚 space group [11]. 

 

 

Figure 5.2: Rietveld pattern from the structure refinement of SFM20, showing the diffraction pattern (black line), 

the calculated pattern (red line) and the difference between the observed and calculated pattern (blue line). The 

vertical green lines represent the allowed Bragg reflections for the 𝑃𝑚3𝑚 space group. 
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Table 5.1: Refined cell parameters, unit cell volume and fitting quality parameters obtained 

from Rietveld refinement of SFM (0.15 < x < 0.3). 

Compound Space group 𝒂 [Å] 𝑽 [Å]
𝟑
 𝑹𝒘𝒑 [%] 𝑹𝑬 [%] 𝝌𝟐 

 

SFM15 𝑃𝑚3𝑚 3.8977(17) 59.21(6) 4.78 1.97 2.42 

SFM20 𝑃𝑚3𝑚 3.9094(6) 59.75(3) 4.70 2.05 2.29 

SFM25 𝑃𝑚3𝑚 3.9194(18) 60.21(10) 4.19 2.03 2.06 

SFM30 𝑃𝑚3𝑚 3.9302(19) 60.71(9) 9.16 1.65 5.57 
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3.90

3.91
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a
 [
Å

]

x
Mo  

Figure 5.3: Evolution of the unit cell parameter of SFM as a function of fractional Mo content. 

The thickness and diameters of SFM20 and SFM25 pellets used for electrical measurements 

were measured by means of a micrometer. Table 5.2 lists the measured, refined and relative 

densities of the two pellets. 

Table 5.2: Refined, measured and relative densities of the SFM20 and SFM25 pellets used in 

electrical measurements. 

Compound Refined 

density, 

𝝆𝒓𝒆𝒇 

[g/cm
3
] 

Measured 

density, 

𝝆𝒎𝒆𝒂 

[g/cm
3
] 

Relative 

density, 

𝝆𝒓𝒆𝒍 

[%] 

SFM20 5.44(15) 4.54(6) 83.37 

SFM25 5.59(5) 4.70(6) 84.12 
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Phase Stability and Thermal Expansion 

A formation of secondary phases was observed by XRD after exposing SFM20 to 5 % H2/Ar 

for 12 hours at 1000 °C (Fig. 5.4). A subsequent annealing for 12 hours at 1000 °C in air 

revealed that the formation of secondary phases was reversible. SFM20 is thus unstable in 

reducing atmospheres, and the secondary phase observed after reduction was identified as 

Sr3Fe2O6. The solubility limit of Mo in SrFeO3-δ is governed by 𝑝O2, and literature data 

suggest that SFM30 should only be stable in reducing atmospheres [60, 79]. Therefore, the 

phase stability of SFM30 under reducing conditions was investigated by annealing for 12 

hours in 5 % H2/Ar at 1000 °C (Fig. 5.5). The SrMoO4 forming in air was no longer present; 

however the Sr3Fe2O6 phase had still formed, suggesting that SFM30 has the same instability 

issues as SFM20 in reducing atmospheres. 

 

Figure 5.4: XRD diffractograms of SFM20 after sintering at 1200 °C in air for 30 hours followed by a reduction 

in H2/Ar at 1000 °C for 12 hours and finally after annealing the reduced sample for 12 hours at 1000 °C in air. 

Reflections of Sr3Fe2O6 are indicated with  [80]. 

 

Figure 5.5: XRD diffractogram of SFM30 reduced in 5 % H2/Ar for 12 hours at 1000 °C. The secondary 

Sr3Fe2O6 phase is indicated with  [80]. 
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SFM20 was investigated by in situ XRD upon heating/cooling from room temperature to 

1100 °C in air, as displayed in Fig. 5.6. The observed peak splitting is due to the instrument 

operating with both MoKα,1 and MoKα,2 wavelengths. No phase transition is observed, as the 

reflections from the 𝑃𝑚3𝑚 space group are retained. However, there are signs of structural 

changes upon heating/cooling. A peak emerges at ~11.8° above 400 °C, and its intensity 

increases significantly with increasing temperature. Parallel to the increase of the peak at 

~11.8°, the peak at ~14.9° starts to decrease in intensity, as displayed in Fig 5.6 (right). All 

changes in the diffractogram were reversible, as they were retraced upon cooling. Thus, the 

peak at ~11.8° disappears upon cooling below 400 °C. In addition, a second peak much 

weaker in intensity emerges at ~15.3° above 950 °C and subsequently disappears upon 

cooling below 950 °C. From Rietveld refinement it was found that the peaks at ~11.8° and 

~15.3° are not reflections stemming from the 𝑃𝑚3𝑚 space group, and may as such belong to 

a secondary phase. However, no good matches for secondary phases were found during peak 

match analysis. MoO3 was suggested, although the match was quite poor. 

The intensity increase of the peak at ~11.8° along with the intensity decrease in the peak at ~ 

14.9° upon heating may indicate a rearranging of atom positions. As the parent ferrite is 

known to exhibit ordering/disordering of oxygen vacancies depending on oxygen 

nonstoichiometry (see section 3.2.1), it is plausible that a similar behavior occurs in SFM. 

Thus, assuming that the first peaks in the diffractogram belongs to reflections from oxygen 

positions, one could argue that the change in peak intensities reflect a ordering/disordering of 

oxygen vacancies. Ordering could result in the formation of a supercell. However, none of the 

allowed superstructures for the 𝑃𝑚3𝑚 space group seem to match the peaks in the 

diffractogram. Nonetheless, a more thorough examination is necessary to investigate possible 

ordering/disordering in SFM.  

A continuous expansion of the unit cell parameter with increasing temperature is observed, 

with a change in slope at 250 °C (Fig. 5.7). The linear TECs were calculated to 13 and 

23.9 ∙ 10−6K−1 in the temperature range 25-250 °C and 250-1100 °C, respectively. The 

average TEC for the temperature range 25-800 °C was estimated to 18.2 ∙ 10−6 K−1. 
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Figure 5.6: In situ XRD diffractogram of SFM20 in air ramped from room temperature (RT) to 1100 °C in 

increments of 50 °C in two dimensions (left) and three dimensions (right). 

 

Figure 5.7: Temperature evolution of the unit cell parameter for SFM20 upon heating from 25 to 1100 °C in air 

with calculated linear TECs. 

5.1.2 Morphology and Microstructure 

SEM and EDS spot analyses were employed to study the morphology and microstructure of 

the as-synthesized samples. SEM micrographs of the SFM20 pellet used for electrical 

measurements are presented in Fig. 5.10. The micrographs show a relatively dense, single-

phased surface with homogeneously distributed grains of 1-5 μm. 

Nominal and experimental atomic mole percentages of strontium, molybdenum and iron in 

SFM20 are presented in table 5.3. The experimental mole percentages are a calculated 

average of three spots in the sample. Although showing small strontium deficiency and 

molybdenum excess, the measured and nominal compositions are comparable within the 

accuracy of 1-2 mole % (see section 4.8). Micrographs of the powder sample of SFM20 used 
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for TGA and GPA measurements are presented in Fig. 5.9. From the micrographs in Fig. 5.9 

the particle size distribution was analyzed using a line intersection method implemented in the 

MATLAB program Linecut (Mfr. Mathworks). The basic principle behind the method is to 

draw a set of lines and mark the particle boundaries on the line. A proportionality factor 

describing the shape of the particle is introduced, and as a first approximation spherical 

particles were assumed. The method is described in more detail elsewhere [81]. The particle 

size distribution is relatively narrow, as displayed in Fig. 5.10. The average particle size is 

0.80 µm.  

 

Figure 5.8: SEM micrograph (SSD detector) of a SFM20 pellet. 

 

Table 5.3: Average atomic mole percentages of the different elements in SFM20 from three 

spots in the sample using EDS spot analysis, together with the nominal atomic mole 

percentages. 

Element Nominal mole % Experimental mole % 

Sr 50 48.28 

Mo 10 12.07 

Fe 40 39.66 
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Figure 5.9: SEM micrographs (ETD detector) of a SFM20 powder sample. 

 

Figure 5.10: Histogram of the particle size distribution of the powder in Fig. 5.9. 

 

5.2 Oxygen Nonstoichiometry 

Oxygen nonstoichiometry in SFM20 and SFM25 was measured over a wide range of 

temperatures and oxygen partial pressures by means of TGA. No hysteresis was observed 

during measurements. Accurate positions for the δ(T)- and δ(𝑝O2)-curves were determined 

from a reference value for δ, δref, based on an educated guess about the maximum value for δ 

in oxidizing atmospheres δmax, as described in section 2.1. The theoretical value of δmax= 0.2 

for SFM20 was experimentally supported through GPA (see section 5.3.). Fig. 5.11shows δ as 

a function of temperature for SFM20 and SFM25 in air, and both curves seem to level off 

both at low and high temperatures. The high-temperature data was extrapolated to investigate 

at what temperatures the oxygen nonstoichiometry would become independent of 𝑝O2, and the 

plateaus were assigned to the condition where δ = δmax for each composition. Thus, the δ(T)-

curves were adjusted accordingly. Possible evaporation of Mo might occur above 1200 °C. 

Therefore, to further investigate the oxygen nonstoichiometry plateau without having to 

operate at even higher temperatures, a temperature ramp from 800-1200 °C was conducted 
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with SFM25 in N2. This was done based on the assumption that the curve would level off at 

lower temperatures in N2 than in air, owing to an increasingly reducing atmosphere. Although 

that was found to be correct, no data could be obtained above 1100 °C due to instability 

issues. SFM25 starts to shows signs of decomposition at 1100 °C, whereas a clear 

decomposition is observed at 1200 °C (Fig. 5.12). 
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Figure 5.11: Oxygen nonstoichiometry of SFM20 and SFM25 as a function of temperature in air. 
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Figure 5.12: Weight change of SFM25 as a function of temperature in N2 

Fig. 5.13 displays the oxygen nonstoichiometry in SFM20 (left) and SFM25 (right) as a 

function of oxygen partial pressure. δ increases with decreasing 𝑝O2 for both samples, until it 

appears to level off at low 𝑝O2. The plateau at 1100 °C was assigned to the condition where δ 

= δmax, and the δ(𝑝O2)-curves were adjusted accordingly. Surprisingly, the curves level off at 

different values for δ, and the curves at 600 and 400 °C show no signs of approaching δmax. 
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Fig. 5.13: Oxygen nonstoichiometry in SFM20 (left) and SFM25 (right) as a function of oxygen partial pressure 

at different temperatures. 

Effects of Hydration 

Possible hydration of SFM25 was investigated by means of TGA at 250, 300 and 350 °C. Fig. 

5.14 shows the weight change as the atmospehere was switched from dry to wet N2 at 250 °C. 

The same weight increase of ~ 0.02 % upon switching to wet atmospheres was observed at all 

temperatures, and is attributed to the buoyancy effect.  

 

Fig. 5.14: Weight change in SFM25 as a function of partial pressure of water vapour at 250 °C. The red dotted 

line represents a switch from dry N2 to wet N2. 
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5.3 Experimental Determination of δref 

δref was attempted to be determined experimentally by several approaches. One suggestion 

was to reduce the sample down to a stoichiometric phase with known oxygen content, and 

measure the weight loss. This was attempted by reducing SFM20 in 5 % H2/Ar in a 

thermobalance at 1000 °C for 24 hours followed by an investigation of the reduced phase by 

XRD. The diffractogram shows three different phases; pure Fe, SrO and the 

nonstoichiometric Sr4FeMoO8 with a Ruddlesten-Popper structure (Fig. 5.15). This implies 

that, at least under the applied conditions, it was not possible to obtain an absolute value for δ 

by this approach. 

 

Figure 5.15: XRD diffractogram of SFM20 after reduction in 5 % H2/Ar at 1000 °C for 24 hours. The black 

pattern show the peaks of the Sr4FeMoO8 phase [82]. SrO and Fe peaks are indicated with  and    , respectively. 

As mentioned in section 4.6, another approach for obtaining an experimental value for δref is 

to quantify the average valence of iron by means of XPS. Two pre-treated samples were 

investigated for this purpose; SFM20-1 was quenched after 24 hours in 1 atm argon and 

SFM20-2 was quenched after 24 hours in 1 atm oxygen. Survey scans of both samples are 

shown in Fig. 5.16 a) while a magnification of the Fe 2p energy region is displayed in Fig. 

5.16 b). High resolution scans could have been performed, but as the spectra in Fig. 5.16 

show no evident differences, the quantification would have been too uncertain to be used. 

Hence, this approach was abandoned. 
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Figure 5.16: XPS spectra of SFM20 quenched in Ar and in O2, obtained in the a) entire energy region and b) Fe 

2p energy region. 

The challenge in establishing a reference value for δ was met by developing a novel technique 

for determining oxygen nonstoichiometry by means of GPA. SFM20 powder was quenched at 

1050 °C in O2 prior to the measurement, thus all of the oxygen in the sample was assumed to 

be 
16

O. By filling the reaction chamber with pure 
18

O2, the initial oxygen content in the 

sample could be calculated from the obtained partial molar fractions of 
18

O and 
16

O in the 

sample/reaction chamber after reaching statistical equilibrium. Fig. 5.17 shows the time 

evolution of 
18

O2 and 
16

O2 in the reaction chamber during the measurement. 
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Figure 5.17: Time evolution of the mole fractions of 
18

O2 (green line) and 
16

O2 (orange line) at 500 °C. 

The mole fraction 𝑥18 of 
18

O at equilibrium may by expressed as the initial number of moles 

of 
18

O in the reaction chamber 𝑛18,𝑔 divided by the total amount of 
18

O and 
16

O in the reaction 

chamber and the sample, yielding: 
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𝑥18 =

𝑛18,𝑔

(𝑛18,𝑔 + 𝑛16,𝑔) + 𝑛16,𝑠
 

(5.1) 

where 𝑛16,𝑔 and 𝑛16,𝑠 are the number of moles of 
16

O in the reaction chamber and in the 

sample, respectively. Furthermore, 𝑛16,𝑠 may be expressed as a function of sample mass 𝑚, 

molar mass 𝑀𝑚, and the mole fraction 𝑥16 of 
16

O in the sample: 

 
𝑛16,𝑠 =

𝑚

𝑀𝑚
𝑥16 =

𝑚

(𝑥𝑐𝑎𝑡𝑀𝑚𝑐𝑎𝑡𝑥16𝑀𝑚16)
𝑥16 

(5.2) 

in which 𝑥𝑐𝑎𝑡 and 𝑀𝑚𝑐𝑎𝑡 are the mole fractions and molar masses of the cations in the 

sample, i.e. Sr, Fe and Mo, and 𝑀𝑚16 is the molar mass of oxygen. Combining Eq. (5.1) and 

Eq. (5.2) gives: 

 
𝑥18 =

𝑛18,𝑔

(𝑛18,𝑔 + 𝑛16,𝑔) +
𝑚

(𝑥𝑐𝑎𝑡𝑀𝑚𝑐𝑎𝑡𝑥16𝑀𝑚16)
𝑥16

 
(5.3) 

 

 
𝑥18 =

𝑛18,𝑔

(𝑛18,𝑔 + 𝑛16,𝑔) +
𝑚

(𝑥𝑐𝑎𝑡𝑀𝑚𝑐𝑎𝑡𝑥16𝑀𝑚16)
𝑥16

 
(5.4) 

By solving Eq. (5.4) for 𝑥16, the mole fraction of oxygen in SFM20 was calculated to be 

2.819, giving δmax = 0.181. This value is quite close to the theoretical value (δmax = 0.2), 

proving that the initial choice for δref was reasonable. Possible causes for the discrepancy 

between the two values will be discussed in section 6.3. 

5.4 TG-DSC 

TG-DSC measurements allowed for a direct evaluation of the oxidation thermodynamics in 

SFM. The isothermal TG and DSC curves for the oxidation of SFM20 at different 

temperatures are displayed in Fig. 5.18.  The sample weight increases and an exothermic DSC 

signal is detected upon switching from N2 to O2, both reflecting the filling of oxygen 

vacancies in the structure. Average standard oxidation enthalpies ∆Hox
0  were calculated from 

the weight changes and the corresponding DSC signals, and Fig. 5.19 displays ∆Hox
0  as a 

function of temperature. The increase in the standard deviation with increasing temperature is 

related to lower oxygen uptake and a lower sensitivity of the instrument at elevated 

temperatures, thus increasing the experimental uncertainty. ∆Hox
0  is almost constant with 

respect to temperature up to 700 °C, before it decreases drastically with increasing 

temperature. 
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Figure 5.18: Isothermal TG (black) and DSC (blue) curves of SFM20 obtained by switching the atmosphere 

from nitrogen to oxygen at 400 °C (upper left), 600 °C (upper right), 800 °C (lower left), and 1100 °C (lower 

right). 
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Figure 5.19: Average standard oxidation enthalpies for SFM20 as a function of temperatures. 
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5.5 Electrical Characterization 

Electrical conductivities of SFM20 and SFM25 were measured as a function of temperature 

and oxygen partial pressure in a van der Pauw 4-point setup. As displayed in Fig. 5.20, 

measurements in the 𝑝O2range 1-10
-5

 atm at different temperatures revealed increasing 

conductivities with increasing 𝑝O2. The electrical conductivity of both compositions are 

proportional to ~ 𝑝O2
1/4. Thus, the material is a p-type conductor in oxidizing atmospheres. 

SFM25 exhibits a lower conductivity compared to SFM20 at all temperatures. 
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Figure 5.20: Electrical conductivity of a) SFM20 and b) SFM25 as a function of oxygen partial pressure at 

different temperatures. 

To investigate the 𝑝O2dependency of SFM20 in a wider range of oxygen partial pressure, 

measurements were conducted from 1 to 10
-5

 atm and 10
-13

 to 10
-18

 atm at 800 °C (Fig. 5.21). 

The conductivity data follow a clear trend in oxidizing atmospheres, while the points at low 

oxygen partial pressures show no systematic effect of 𝑝O2. This behavior in reducing 

atmospheres is attributed to a decomposition of SFM20, which is in agreement with the XRD 

results obtained from phase stability investigations (see Fig. 5.4). 
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Figure 5.21: Electrical conductivity of SFM20 as a function of oxygen partial pressure at 800 °C. 

An Arrhenius plot of the conductivity of SFM20 and SFM25 in dry air is shown in Fig. 5.22. 

The conductivity for both compositions increases with temperature until reaching a maximum 

at 400-450 °C for SFM20 and 350-400 °C for SFM25. The maximum conductivities are 31 

and 7.8 S/cm for SFM20 and SFM25, respectively. SFM25 shows a lower overall 

conductivity compared to SFM20, indicating that the conductivity decreases with Mo 

substitution in oxidizing atmospheres. Activation energies of 26 ± 1 kJ/mol for SFM20 and 

29.0 ± 0.4 kJ/mol for SFM25 were obtained from linear regression of the data in the low-

temperature regime (50-200 °C). 
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Figure 5.22: Arrhenius plot of the electrical conductivities of SFM20 and SFM25. Solid lines represent linear fits 

in the low-temperature regime. 
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Effects of Hydration 

Effect of hydration on the electrical conductivity was examined by measuring the electrical 

conductivity of SFM25 in dry and wet argon at 250, 300 and 350 °C, as displayed in Fig. 

5.23. Only a minute difference in electrical conductivity is revealed in dry and wet 

atmospheres at all temperatures. No apparent temperature dependence is observed. The 

decrease in conductivity in wet atmospheres may be due to variations in 𝑝O2; the 𝑝O2 in wet 

Ar is slightly lower than in dry Ar which would induce a change in the electron hole 

concentration. In addition, the conductivity changes occurred almost instantaneously after 

switching from dry to wet atmospheres, also suggesting oxygen uptake instead of water 

uptake. Consequently, from combining these results with the minute mass uptake attributed to 

the buoyancy effect from TGA (Fig. 5.14), it is concluded that SFM does not hydrate. 
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Figure 5.23: Electrical conductivity of SFM25 in dry and wet Ar at different temperatures. 
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5.6 Oxygen Surface Exchange Kinetics 

Homo-molecular oxygen exchange at the surface of SFM20 was investigated by GPA as a 

function of temperature and oxygen partial pressure. The oxygen exchange was measured 

from 425 to 575 °C in increments of 50 °C at 40 mbar, and the time evolution of the isotopic 

composition of oxygen at four chosen temperatures is shown in Fig. 5.24. The concentration 

profiles of 
16

O2, 
18

O2 and 
16

O
18

O
 
are plotted as mole fractions. 
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Figure 5.24: Time evolution of the isotopic oxygen composition in SFM20 during homo-molecular exchange at 

a) 450 °C, b) 475 °C, c) 500 °C and d) 525 °C and 40 mbar. Orange and green lines represent molar fractions of 
16

O2 and 
18

O2, while the black line is the molar fraction of 
16

O
18

O. 

Curve fitting the experimental data to the equation describing the homo-molecular exchange 

rate based on the statistical probabilities of forming the different oxygen molecules (Eq. 

(2.17)) gave an excellent overlap. One may better view the homo-molecular exchange rate by 

linearizing the data, yielding: 

 
log (

𝑐𝑖(𝑡) − 𝑐𝑒𝑞
𝑖

𝑐0
𝑖 − 𝑐𝑒𝑞

𝑖
) = −

𝑅𝑆

𝑛
𝑡 

(5.5) 
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where 𝑅 is the homo-molecular exchange rate, 𝑆 is the surface area, and 𝑛 is the total amount 

of gas in the reaction chamber. 𝑐𝑖(𝑡) is the concentration of the species 𝑖 at the time t, and 𝑐0
𝑖  

and 𝑐𝑒𝑞
𝑖  are the concentrations at t = 0 and at equilibrium, respectively. The linearized 

concentration profiles may be plotted as a function of time as seen in Fig. 5.25, and the values 

for RS are extracted from the slope. 
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Figure 5.25: Linearized concentration profiles of 
16

O
18

O from homo-molecular exchange in SFM20 at different 

temperatures. 

In order to extract R from RS, the specific surface area must be known. An estimated value 

for S was determined based on the particle size analysis of the SEM micrograph in Fig. 5.9 

(left). The particles are approximated as spheres, thus S may be calculated from the average 

particle radius. The specific surface area was calculated to be 1.4 m
2
/g. Considering the 

simplified particle size analysis and the approximation of spherical particles in the 

calculations, the estimated value contains several uncertainties. Consequently, one ideally 

should perform experimental surface area measurements to obtain an accurate value for S, and 

Brunauer-Emmett-Teller (BET) is suggested as a technique for this purpose. 

The homo-molecular exchange rate displays an Arrhenius-type behavior at lower 

temperatures while the rates appear to level off above 525 °C (Fig. 5.26). The plateau 

encountered at ~ 575 °C is related to limitations in the experimental setup, supposedly slow 

gas diffusion inside the reaction chamber, and is consequently not a material specific property 

[19]. The activation energy of the specific exchange rates of 166 ± 5 kJ/mol was thus 

calculated from the five points in the low-temperature region. 

To further investigate the reaction mechanisms of homo-molecular exchange in SFM20, 𝑝O2 

dependencies were conducted at different temperatures. The 𝑝O2dependence of the exchange 

rate is shown in Fig. 5.27. The slopes from linear fits were 0.21 ± 0.05, 0.25 ± 0.04 and 0.44 

± 0.01 at 500, 475 and 450 °C, respectively. At 450 °C, the 𝑝O2dependence of the exchange 

rate approaches ½ in a log-log representation, which is in accordance with the Langmuir 
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isotherm for dissociative, monolayer adsorption of diatomic molecules (see section 2.4). 

However, the 𝑝O2dependence of the exchange rates decreases with increasing temperature. 

This effect could be due to reaching the same maximum as was encountered in the 

temperature-dependent measurements in Fig. 5.6; although the values for R are about two 

orders of magnitude below the observed maximum, and should thus not be a consequence of 

the experimental limitation. Consequently, one may speculate that the exchange rate could be 

dependent on defect thermodynamics, as have been demonstrated in Fe-doped SrTiO3 by 

Merkle et al. [20]. 
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Figure 5.26: Arrhenius plot of the homo-molecular exchange rate R with a linear fit of the points in the low-

temperature region. 
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Figure 5.27: Homo-molecular exchange rate R as a function of 𝑝O2  at different temperatures, with linear fits 

(solid lines).  
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6 Discussion 

This chapter is devoted to the interpretation and discussion of the findings in this thesis, with 

a focus on the development and comparison of two defect chemical models for describing the 

defect structure of SFM. The properties of SFM are evaluated as a whole with comparison to 

state-of-the-art electrodes, and other applications are suggested. Finally, possible directions 

for further investigation of SFM are considered. 

6.1 Crystal Structure and Phase Stability 

SFM15, SFM20 and SFM25 were successfully synthesized as shown by the diffractograms in 

Fig. 5.1, while the same synthesis conditions did not suffice to obtain a pure single phase of 

SFM30. The presence of a secondary SrMoO4 phase for x ≥ 0.3, owing to an incomplete 

reaction between SrMoO4 and SrFeO3-δ during the synthesis process, has also been found in 

literature [4, 60, 62]. An explanation for this may be that the solubility limit of Mo in SrFeO3-

δ had been reached at the specific synthesis conditions. Formation of Sr3Fe2O6 during 

reduction of SFM20 and SFM30 coincides with results from Fang et al. [60] and Beppu et al. 

[63], and is attributed to the reaction between SrO and SrFeO3. Thus, SFM with x ≤ 0.3 does 

not appear to be stable in reducing atmospheres. However, as mentioned in section 3.3.1, 

there is a high degree of conflicting studies on the phase stability of SFM in literature. The 

poor reproducibility may stem from strong sensitivity to synthesis conditions. 

In situ XRD of SFM20 revealed reversible changes upon heating/cooling from room 

temperature to 1100 °C in air. To our knowledge, this behavior has not been reported for SFM 

previously.  The changes in the diffractogram did not correspond to a phase transition, as the 

simple cubic perovskite structure remains intact in the whole temperature range. Thus, it was 

speculated that the two emerging peaks either represent a formation of one or more secondary 

phases or a rearrangement of atom positions. If the former is the case, it would correspond to 

a situation where the secondary phases segregate at higher temperatures, and dissolve again 

upon cooling. A peak match analysis was conducted in the search for a secondary phase, and 

the only phase suggested was MoO3. However, the melting point of MoO3 is at 795 °C. Thus 

the formation of a secondary MoO3 phase was disregarded. Still, one cannot leave out the 

possibility of other secondary phases forming. The latter interpretation involving a 

rearrangement of atom positions could point to ordering/disordering of oxygen vacancies, as 

have been reported for the parent ferrite. Although the possible superstructures allowed for 

the 𝑃𝑚3̅𝑚 space group were not matching the peaks in the diffractogram, one should 

investigate this proposition further. The onset of the reduction of Fe
4+

 is around 250 °C, thus 

the structural variations may be related to the oxygen coordination around iron. As mentioned 

in section 3.2.1, SrFeO3-δ forms four distinct oxygen vacancy-ordered phases upon cooling 

below a composition-dependent temperature [43]. However, none of these phases matches the 

peaks in the diffractograms in Fig. 5.6. In summary, it is difficult to conclude based on the 
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present data, and detailed structure analyses involving for instance high resolution imaging 

and an examination of the occupancies at the atom sites are necessary. 

Rietveld refinement of the in situ XRD data in Fig. 5.6 reveals that the unit cell parameter 

expands linearly with increasing temperature (Fig. 5.7), with a change in slope at 250 °C 

attributed to the onset of the reduction of Fe
4+

 to Fe
3+

. The reduction of Fe
 

occurs 

continuously with increasing temperature above 250 °C, and the difference between the low- 

and high-temperature slopes may thus stem from chemical expansion, more specifically a 

gradual dimensional change with a continuous non-stoichiometry change (and not a phase 

transition). One should mention that if ordering/disordering of oxygen vacancies does occur 

upon heating/cooling, this could also influence the unit cell parameter. Fe
3+

 has a larger ionic 

radius than Fe
4+

, resulting in lattice expansion upon reduction. Simultaneously, the formation 

of oxygen vacancies leads to a relaxation of the neighboring ions, and based on electrostatic 

considerations, the cations relax away from the vacancy while the anions relax towards it. It 

was long believed that cation repulsion was the dominating effect, leading to a net expansion 

of the lattice around the oxygen vacancy [83]. However, more recent experimental and 

computational studies on nonstoichiometric oxides have come to the opposite conclusion; the 

effective volume of a vacancy is smaller than that of an oxide ion [84-87]. Thus, the chemical 

expansion in SFM may be a result of two opposing effects upon defect formation during the 

reduction reaction; the decrease in Fe valence and the corresponding formation of oxygen 

vacancies. Often the former is found to be larger, resulting in a net expansion upon reduction 

[85]. Chemical expansion due to reduction has been observed in similar nonstoichiometric 

perovskite oxides, such as LSCF and SrTi1-xFexO3-δ [88, 89]. The average TEC of 18.2 ·

10−6 K−1 from 25 to 800 °C obtained for SFM20 is slightly higher than the average TEC for 

SFM25 reported by Zheng et al. (15.8 · 10−6 K−1 from 25 to 800 °C) [11]. As the Fe
4+

/Fe
3+

 

ratio is less in SFM25 compared to SFM20, it is expected that SFM25 exhibits less chemical 

expansion. Considering their applicability as electrodes, the TECs of SFM20 and SFM25 are 

within an acceptable range for some state-of-the-art electrolytes, e.g. CGO and SDC (see 

section 3.3.2). However, as the average TEC increases with decreasing Mo-substitution 

because of increasing chemical expansion, one should be aware that compositions with lower 

values for x may be pushing the limits in terms of compatibility with common electrolytes. 

6.2 Oxygen Nonstoichiometry and Electrical 

Conductivity 

The onset of the reduction of Fe
4+

 to Fe
3+

 observed at 250 °C from in situ XRD analysis of 

SFM20 (Fig. 5.6) correlate well with TGA and electrical measurements in Fig. 5.11 and 5.22, 

respectively. The change in slope at 200-300 °C for the temperature-dependent oxygen 

nonstoichiometry is attributed to the onset of the Fe
4+

 reduction. The temperature-dependent 

conductivity deviates from linearity above 200-300 °C, and this is also related to the reduction 

process as the hole concentration starts to decrease with the reduction of Fe
4+

. A similar 

behavior is observed for SFM25, only at slightly higher temperatures, i.e. ~ 300-400 °C. 
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These observations correspond well with conductivity measurements of SFM25 by Zheng et 

al. [11] and Fernandez-Ropero et al. [37], and suggest that Mo-substitution makes SFM less 

prone to reduction. 

Electrical conductivity measurements of SFM20 and SFM25 revealed p-type conductivities 

proportional to ~ 𝑝O2
1/4 in oxidizing atmospheres (Fig. 5.22), indicating that ionic defects 

dominate in concentration while electrons and holes are the minority defects in the near-

stoichiometric range. Substituting with the higher valent Mo for Fe decreases the 

concentration of electron holes, and should thereby lower the overall electrical conductivity in 

oxidizing atmospheres. This is demonstrated from the results in Fig. 5.20 and 5.22, showing 

that the electrical conductivity of SFM25 is lower than that of SFM20. The data correspond 

well with literature [47]. The electrical conductivity increases with temperature until reaching 

a maximum at 400-450 °C for SFM20 and 350-400 °C for SFM25 in air. The conductivity 

maxima are mainly attributed to the decrease in hole concentration as Fe
4+

 is reduced to Fe
3+

 

at higher temperatures. However, the hole mobility also appears to contribute, as will be 

discussed later on in section 6.6. The activation energies of 26 ± 1 kJ/mol for SFM20 and 

29.0 ± 0.4 kJ/mol for SFM25 obtained from linear fitting of the data in the low-temperature 

region (50 to 200 °C) are slightly higher than other values reported in literature, e.g. 18 [11] 

and 16 kJ/mol [58] for SFM25. 

SFM20 exhibits a larger change in oxygen nonstoichiometry in comparison to SFM25 both as 

a function of temperature and oxygen partial pressure, as revealed from the TGA data in Fig. 

5.11 and 5.13, respectively. This is expected, considering that a higher Mo-content yields a 

more narrow oxygen nonstoichiometry. The 𝑝O2-dependent oxygen nonstoichiometry data at 

600 and 400 °C (Fig. 5.13) correlate poorly with the high-temperature data in the way that δ 

does not approach the same reference value (δmax) at lower partial pressures of oxygen. As 

mentioned in chapter 3, a study of the oxygen nonstoichiometry in SFM as a function of 

𝑝O2by coulometric titration demonstrated that the compounds reached the same point of 

inflection at different temperatures [57]. However, the temperature range investigated was 

considerable narrower than in this thesis (800-950 °C). The discrepancy between the low-

temperature and high-temperature data will be discussed further in section 6.3.2. 

6.3 GPA as a Technique for Determining δref 

To obtain absolute values for the oxygen nonstoichiometry, a reference value for δ must be 

determined. A theoretical value for δref based on an educated guess was proposed in section 

2.1, but δref ought to be determined experimentally for comparison. Although several methods 

were attempted for this purpose, it proved to be challenging. Consequently, a new technique 

for determining oxygen nonstoichiometry by means of GPA was developed during this 

project (section 5.3). In order to evaluate its validity, it is necessary to address the 

assumptions included in the method. Firstly, all of the oxygen in the sample was assumed to 

be 
16

O, while in reality, as the oxygen gas used is produced from air, small portions of 
17

O 

and 
18

O will also be present. However, these quantities are insignificant, as atmospheric 
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oxygen contains only 0.037 % and 0.204 % 
17

O and 
18

O, respectively. Another assumption is 

that all of the oxygen in the sample is exchanged in the process. This implies complete 

disorder of all oxygen sites in the structure. SFM may exhibit ordering at lower temperatures, 

as will be discussed later on in this chapter. Nonetheless, as the powder was quenched at high 

temperatures, this error is regarded as negligible. Complete disorder of all oxygen sites may 

not be the case for all materials, which could limit the applicability of the method.  

The oxygen content in the sample was calculated to be slightly higher than the nominal value, 

and this discrepancy may stem from the sample preparation. The sample was quenched at 

1050 °C in O2, and under these conditions, all Fe in the sample had most likely not been 

reduced to Fe
3+

. From TGA of SFM20 in air, it is seen that higher temperatures (> 1200 °C) 

are needed to obtain a condition where all of the Fe is in its 3+ oxidation state, and 

considering that the sample was annealed in pure O2 it is expected that even higher 

temperatures must have been applied. Unfortunately, the utilized furnace could not go higher 

in temperature than 1050 °C. Hence, although the technique needs further investigation, it has 

proved to be a good way of determining δref in SFM. As a first step, the technique should be 

tested on materials with known oxygen nonstoichiometry. 

6.4 Defect Structure of SFM 

One of the main objectives in this work is to develop a defect chemical model for describing 

the defect structure in SFM. In the following, two defect chemical models are developed and 

curve fitted to experimental results from TGA: i) SFM treated as a simple acceptor-doped 

system and ii) SFM treated as a partial occupancy disordered system. The main difference 

between the two models stems from the choice of reference structure which may be either of 

the two end members of SrFeO3-δ (0 ≤ 𝛿 ≤ 0.5), as discussed in section 2.2.4, and that the 

charge disproportionation of iron is considered in the partial occupancy disordered system. 

Calculations and curve fitting of both defect chemical models have been conducted for 

SFM20 and SFM25, yet only the calculations for SFM20 are presented. The extracted 

thermodynamic parameters are reported for both compositions. Both models should yield 

similar thermodynamic parameters, as will be demonstrated later in this section. 

6.4.1 Model 1 – SFM treated as a Simple Acceptor Doped System 

To develop a simple model for describing the defect structure of SFM, the material was 

treated as an acceptor doped system. As touched upon in section 2.1, the fully oxidized 

SrFeO3 perovskite has a formal charge of 4+ on the B-site (FeFe
x = Fe4+). However, under the 

applied experimental conditions most Fe
4+

 ions in SFM are reduced to Fe
3+

, which may be 

viewed as lower valent point defects in analogy with acceptor dopants. Fig. 5.20 reveals that 

the electrical conductivity is proportional to ~ 𝑝O2
1/4, implying that oxygen vacancies 

dominate in the near-stoichiometric range, with electrons and holes as minority defects. 
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Oxygen vacancies are filled while holes (localized at Fe
4+

) are formed in the oxidation 

reaction of Fe
3+

 to Fe
4+

: 

 2FeFe
′ +  vO

•• +
1

2
O2(g) = 2FeFe

x + OO
x  (6.1) 

 

MoFe
••  is formed from the dissolution of MoO3 in SrFeO3-δ, as described in Eq.(). Thus, Fe

3+
 is 

charge compensated by oxygen vacancies and Mo
6+

. The electroneutrality condition becomes: 

 [FeFe
′ ] = 2[vO

••] + 2[MoFe
•• ] (6.2) 

 

Together with the oxidation reaction and the electroneutrality condition, the iron and oxygen 

site balances are included for describing the defect structure of SFM. A full list of the 

equations utilized in model 1 is listed in table 6.1. 

Table 6.1: Equations describing the defect structure in SFM based on model 1. 

Process Equation 

Oxidation 
Kox =

[FeFe
x ]2

[FeFe
′ ]2[ vO

••]𝑝O2
1/2
= Kox

0 exp(−
∆Hox

0

RT
) 

Iron site balance [FeFe
′ ] + [FeFe

x ] + [MoFe
•• ] = 1 

Oxygen site balance [vO
••] + [OO

x ] = 3 

Electroneutrality [FeFe
′ ] = 2[vO

••] + 2[MoFe
•• ] 

 

Owing to the complexity of the model, it is easier to solve for 𝑝O2than for [vO
••], and the 

solution becomes: 

 𝑝O2 = (
[FeFe

x ]2(3 − [vO
••])

[FeFe
′ ]2[vO

••]Kox
)

2

 (6.3) 

In SFM20, [MoFe
•• ] = 0.2. Thus, from the electroneutrality condition, [FeFe

′ ] may be expressed 

as: 

 [FeFe
′ ] = 0.4 + 2𝛿 (6.4) 

 

in which 𝛿 = [vO
••]. [FeFe

x ] is obtained by using the expression for [FeFe
′ ] together with the site 

balance: 
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 [FeFe
x ] = 1 − [FeFe

′ ] − [MoFe
•• ] = 0.4 − 2𝛿 (6.5) 

 

From Eq. (6.3-6.5) it is evident that the solution depends on Kox and δ. The input data for this 

solution is 𝑝O2and δ from TGA measurements, while Kox is a variable, i.e. the parameter to be 

fitted. The curve fitting of the 𝑝O2-dependent oxygen nonstoichiometry data is displayed in 

Fig. 6.1. A good fit is obtained at high temperatures (1100-800 °C), yet the fit worsens as the 

temperature decreases. The defect chemical model relies on the assumption that the oxygen 

nonstoichiometry reaches the same plateau at all temperatures attributed to the condition 

where δ = δmax, but as have previously been observed in section 5.2, this is not the case for the 

low-temperature experimental data. Thus, a poor fit is obtained at 400 and 600 °C. Moreover, 

Model 1 did not have any solution below ~ 𝑝𝑂2
−12. 
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Figure 6.1: Oxygen nonstoichiometry of SFM20 as a function of partial pressure of oxygen at different 

temperatures. Solid lines represent the fit to Model 1. 

The concentration of Fe
3+

 is constant around the near-stoichiometric (intermediate pressure) 

range, and the variations in oxygen nonstoichiometry are relatively small, as displayed in Fig. 

6.1. The oxygen vacancies may thus be regarded as independent of 𝑝O2. From the 

electroneutrality in Eq. (6.2) the expression for Fe
3+

 becomes: 

 [FeFe
′ ] = 2[vO

••] + 2[MoFe
•• ] = constant (6.6) 

 

From the expression for Kox in table 6.1, the electron hole concentration may be expressed as: 

 [FeFe
x ] = Kox

1/2[FeFe
′ ][vO

••]1/2𝑝O2
1/4 (6.7) 
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When Kox, [vO
••] and [FeFe

′ ] are constant with respect to oxygen partial pressure, the 

concentrations of holes and electrons may further be expressed as: 

 [FeFe
x ]  ∝  𝑝O2

+1/4 (6.8) 

 

 [FeFe
′′ ]  ∝  𝑝O2

−1/4 (6.9) 

 

Thus, assuming the oxygen ion contribution being nearly independent on oxygen partial 

pressure, the total conductivity may be approximated as: 

 σ = σi + σel = σi + σn
0  𝑝O2

−1/4 + σp
0  𝑝O2

+1/4 (6.10) 

 

where σn
0  and σp

0  are the n-type and p-type contributions at  𝑝O2= 1 atm, respectively. The 𝑝O2 

dependencies of the p-type charge carriers were confirmed experimentally by 𝑝O2-dependent 

conductivity measurements (Fig. 5.20), while the 𝑝O2 dependencies of the n-type charge 

carriers have been confirmed in literature [47]. 

6.4.2 Model 2 – SFM treated as a Partial Occupancy Disordered 

System 

In the partial occupancy disordered model, the SrFeO2.5+δ brownmillerite is considered as the 

reference structure, and FeFe
x = Fe3+. In this case, one may view the structure as a double cell 

with complete disorder of Fe/Mo sites and one out of six oxygen sites unoccupied, written as 

Sr2Fe2O5v1. v is a vacant interstitial site, and must not be confused with an oxygen vacancy. 

The oxidation reaction is therefore seen as filling vacant interstitial sites, thus creating oxygen 

interstitials (equal to δ in SrFeO2.5+δ) at high partial pressures of oxygen: 

 2FeFe
x +  vi

x +
1

2
O2 = Oi

′′ + 2FeFe
•  (6.11) 

 

Note that the holes are located on the Fe sites. Iron disproportionation will always take place 

to some small degree: 

 2FeFe
x = FeFe

• + FeFe
′  (6.12) 

 

The formation of MoFe
••• is described in Eq. 2.9. The electroneutrality condition is given by: 

 [FeFe
′ ] + 2[Oi

′′] = [FeFe
• ] + 3[MoFe

•••] (6.13) 

 

Together with the electroneutrality, oxidation reaction and charge disproportionation of iron, 

the site balances are included. Table 6.2 shows the full list of equations that describe the 
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defect model of SFM. As mention in section 3.3.3, Merkulov et al. [57] demonstrated that the 

equilibrium constant for the electron exchange between Fe and Mo had an insignificant 

influence on the system, thus it was not included in Model 2. 

Table 6.2: Equations describing the defect structure of SFM based on model 2. 

Process Equation 

Oxidation 
Kox =

[Oi
′′][FeFe

• ]2

[FeFe
x ]2[ vi

x]𝑝O2
1/2
= Kox

0 exp(−
∆Hox

0

RT
) 

Iron disproportionation 
 Kd =

[FeFe
• ][FeFe

′ ]

[FeFe
x ]2

= Kd
0exp (−

∆Hd
0

RT
) 

Iron site balance [FeFe
′ ] + [FeFe

x ] + [FeFe
• ] + [MoFe

•••] = 2 

Oxygen site balance [vO
••] + [OO

x ] = 5 

Oxygen interstitial site balance [vi
x] + [Oi

′′] = 1 

Electroneutrality [FeFe
′ ] + 2[Oi

′′] = [FeFe
• ] + 3[MoFe

•••] 

 

By combining the equations in table 6.2 the system is solved with respect to 𝑝O2, yielding: 

 𝑝O2 = (
[Oi
′′][FeFe

• ]2

[FeFe
x ]2(1 − [Oi

′′])Kox
)

2

 (6.14) 

 

where [Oi
′′] = 𝛿. From the iron site balance and the electroneutrality condition, [FeFe

• ] may be 

expressed as: 

 [FeFe
• ] = 0.2 −

1

2
[FeFe

x ] + 𝛿 (6.15) 

 

[FeFe
x ] may in turn be expressed as a function of  Kd and δ to yield: 

 [FeFe
x ] =

10√1.12 Kd − 1.2 Kd + 4.8 Kd − 4𝛿2 Kd + 𝛿2 + 0.36 − 8

20 Kd − 5
 (6.16) 

 

The solution of Eq. (6.14-6.16) depends on δ from TGA and includes the two equilibrium 

constants as variables. Curve fitting of the defect model to the 𝑝O2-dependent oxygen 

nonstoichiometry data is shown in Fig. 6.2. An inflection point in the middle-pressure range is 

observed, corresponding to the condition where all of the iron is Fe
3+

 and δ is independent of 
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𝑝O2. The width of the inflection point is determined by Kd, i.e. the extent of the charge 

disproportionation of iron. By including Kd (and thereby also Fe
2+

) in the model, one obtains 

a solution over a wide range of oxygen partial pressures. The model is in agreement with the 

model derived by Merkulov and co-workers in Fig. 3.3. Model 2 shows an acceptable fit at 

higher temperatures; however the shape of the modeled curve is slightly different from the 

experimental data. In addition, the data deviate increasingly from the model as the 

temperature decreases, with the oxygen nonstoichiometry at 400 °C showing a significantly 

steeper 𝑝O2 dependence than what the model predicts. As the model assumes that δ reaches 

the same plateau at all temperatures, this discrepancy is not unexpected. 
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Figure 6.2: Oxygen nonstoichiometry of SFM20 as a function of oxygen partial pressure at different 

temperatures. Solid lines represent the fit to Model 2. 

Furthermore, the solution of Eq. (6.14-6.16) was used to model the temperature-dependent 

oxygen nonstoichiometry data for SFM20 obtained from TGA in air. The modelled curve was 

obtained by creating a function in MATLAB R2015a (Mfr. MathWorks) that calculated 𝑝O2 

from a T and δ pair based on the defect chemical model in an iterative process: 

1. A set of values for ΔH0and ΔS0 were chosen for the two equilibrium constants, and a 

temperature range with increments of 50 °C was selected. Starting values for 𝑝O2and δ were 

set. 

2.  𝑝O2was calculated from the equilibrium coefficients and δ at each temperature, and 

compared to the experimental value for 𝑝O2(0.21 atm). 

3. Once the calculated 𝑝O2was within a chosen range of 0.20 - 0.22 atm, the value for δ at 

each T was obtained. 
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Figure 6.3: Oxygen nonstoichiometry of SFM20 as a function of temperature in air. The filled squares are data 

points from temperature-dependent TGA, while the open squares represent data points obtained from 𝑝O2-

dependent TGA at different temperatures. The dotted line represents the fit to Model 2. 

The temperature-dependent oxygen nonstoichiometry data from TGA are compared to the 

modelled curve in Fig. 6.3. The data points obtained from 𝑝O2-dependent TGA at different 

temperatures are also included. In accordance with what is observed from curve fitting the 

𝑝O2-dependent oxygen nonstoichiometry in Fig. 6.2, a poor correlation between the 

experimental data and the model becomes apparent below 700 °C. The discrepancies may be 

attributed to deficiencies in the defect chemical model or in the experimental data. Hence, it 

of utmost interest to determine what is the most contributing factor. In this respect, possible 

experimental uncertainties in TGA have been considered, with a main focus on gas leakage 

and slow kinetics. 

Gas leakages should not affect the temperature-dependent data, as these measurements were 

conducted in air. However, it may have influenced the 𝑝O2-dependent data. The 

thermobalance are reported by Netzsch to be vacuum-tight with vacuum levels in the order of 

10
-4

 mbar [77], yet the system has not been tested for gas leakages. The utilized N2 gas is 

assumed to contain ~10 ppm oxygen, yielding a 𝑝O2of 10
-5

 atm. However, if one considers a 

hypothetical leakage resulting in an additional 100 ppm oxygen in the utilized gas mixtures, 

the data would shift towards higher 𝑝O2, as modelled in Fig. 6.4. Although the points at low 

𝑝O2appear to coincide better with the model, a larger deviation is observed at higher 

temperatures, and the data at 400 °C still show a steeper 𝑝O2dependency than what the model 

predicts. 
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Figure 6.4: Hypothetic oxygen nonstoichiometry of SFM20 as a function of partial pressure of oxygen at 

different temperatures with a 100 ppm oxygen leakage during measurements. Solid lines represent the fit to 

Model 2. 

In the case of slow kinetics, the dwell time might have been too short for the sample to reach 

equilibrium at lower temperatures and oxygen partial pressures. The equilibrium time is 

dependent on particle size; hence the particle size distribution of the sample powder plays an 

important role. A powder containing unevenly sized particles may enhance the effect of slow 

kinetics, as situations where equilibrium is reached only in the smaller particles while the 

larger particles are lagging behind may occur. The particle size distribution of the powder 

used for TGA was analyzed from SEM images (Fig. 5.10 and 5.11), and the vast majority of 

the particles was found to vary between 0.2-1.5 µm in size. The narrow particle size 

distribution indicates that it should not enhance the effect of slow kinetics considerably. The 

effect of slow kinetics on the temperature-dependent data would imply smaller values for δ 

(with respect to the reference structure in model 2) than what should be the case, as the 

sample fails to incorporate as much oxygen as it would at equilibrium. Thus, this could 

explain why the data level off at lower values for δ than what is calculated in the model. 

However, the sample appears to reach equilibrium at all temperatures, perhaps with an 

exception at 200 °C, as shown in Fig. 6.5 a). For the 𝑝O2-dependent data the equilibrium time 

increases with decreasing 𝑝O2, as displayed in Fig. 6.5 b). This could imply that, as the sample 

fails to lose as much oxygen as it is supposed to at equilibrium, the data points at lower 

𝑝O2(e.g. at 𝑝O2= 10
-5

 and 10
-4 

atm) in the low temperature measurements (400 and 600 °C), 

are showing larger values for δ. Nonetheless, from the 𝑝O2 ramps at 400 and 600 °C in Fig. 

6.5 b) it appears as the dwell times are long enough for the sample to reach equilibrium at all 

dwelling stages. In addition, attempts to avoid this uncertainty have been made by removing 

data points at 𝑝O2= 10
-5

 and 10
-4 

atm in the curve fitting process. However, the discrepancy in 

the curve shape and position between the experimental data and the model was still too 

apparent, and may therefore not be explained by this factor alone. Moreover, the excellent 
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agreement between the 𝑝O2-dependent TGA data for both SFM20 and SFM25 implies a 

reproducible behavior. Based on the arguments presented above, it is concluded that the data 

are reliable. On basis of this evaluation, one might argue that the defect chemical model needs 

further modifications for a more accurate description of the defect structure of SFM at lower 

temperatures. 
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Figure 6.5: Weight change of SFM20 as a function of  time from a) 1000 to 200 °C in air and b) 1 to 10
-5

 atm at 

400 and 600 °C. 

In that event, the unusual behavior of the oxygen nonstoichiometry in SFM must be 

examined. A possible explanation to why δ approaches dissimilar plateaus at different 

temperatures may be that the material exhibits oxygen vacancy ordering/disordering 

depending on temperature, thus “locking” the structure at certain levels of δ at different 

temperatures. This would be similar to the parent ferrite; as mentioned in section 3.2.1, it has 

been demonstrated that SrFeO3-δ
 
(0 ≤ δ ≤ 0.5) forms a series of discrete oxygen vacancy-

ordered phases below 850-900 °C. Thus, the oxygen nonstoichiometry curves from TGA were 

extrapolated to investigate at what value for δ the oxygen nonstoichiometry becomes 

independent of 𝑝O2at the different temperatures. However, no apparent series of discrete 

oxygen vacancy-ordered phases was found based on the extrapolated values. Hence, a more 

thorough investigation is necessary for further insight into this matter. For this purpose, 

methods such as neutron diffraction or Transmission Electron Microscopy (TEM) are 

suggested. 

6.5 Defect Thermodynamics 

Thermodynamic parameters were extracted from curve fitting both defect chemical models to 

the experimental data from TGA. Model 1 was fitted to the 𝑝O2-dependent data, and the 

standard enthalpies and entropies of oxidation were extracted from the fit. Model 2 was fitted 

to the temperature and 𝑝O2-dependent data, and pairs of the standard enthalpies and entropies 

of oxidation and Fe disproportionation were extracted based on the fit to both datasets. As the 

TGA measurements were only conducted for 𝑝O2 ≥ 10
-5

 atm, the length of the point of 



83 

 

inflection could not be determined from the data. Therefore, initial values for ΔHd
0 and ΔSd

0 

were set based on the fitted parameters obtained by Merkulov et al. [57] in table 3.3. Kd is in 

the order of 10
-5

-10
-10

 in the temperature range 1100-400 °C, thus variations in ΔHd
0 and ΔSd

0 

have an insignificant effect during the fitting process. However, it should be noted that ΔHox
0  

and ΔSox
0  are rather correlated, and different sets of thermodynamic parameters gave equally 

good fits. Therefore, the curve fitting was first conducted with only one fitting parameter, Kox. 

Kox was fitted to the 𝑝O2-dependent data of SFM20 at the different temperatures. A Van’t 

Hoff plot of Kox from Model 2 is displayed in Fig. 6.6. The values for ΔHox
0  and ΔSox

0  

obtained from the linear fit were -71 ± 9 kJ/mol and -75 ± 9 J/molK, respectively, and were 

set as starting values for modelling the temperature-dependent data. Consequently, by 

including the fit to the temperature-dependent data, ΔHox
0  and ΔSox

0  were adjusted to give the 

best possible fit to both datasets. Furthermore, the initial value for ΔSox
0  in Model 1 was set 

based on the value obtained from Model 2, and was allowed to vary within a range of ± 5 

J/molK. Table 6.3 lists the thermodynamic parameters extracted for SFM20 and SFM25. Both 

models yield almost similar thermodynamic parameters. Although ΔHox
0  is less negative 

compared to the values reported by Merkulov et al. in table 3.3, the parameters are within an 

acceptable range. 
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Figure 6.6: Van’t Hoff plot of Kox for SFM20 from Model 2. Kox was obtained from curve fitting to the 𝑝O2-

dependent TGA data. 
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Table 6.3: Thermodynamic parameters obtained from curve fitting Model 1 and Model 2 to 

experimental data. 

SFM20 Model 1  Model 2 

 𝐊𝐨𝐱  𝐊𝐨𝐱 𝐊𝐝 

𝚫𝐇𝟎 [
𝐤𝐉

𝐦𝐨𝐥
] −78 ± 6  −79 ± 5 131 ± 2 

𝚫𝐒𝟎 [
𝐉

𝐦𝐨𝐥
· 𝐊] −81.6 ± 0.6  −81.9 ± 0.4 7.3 ± 0.2 

SFM25    
 

𝚫𝐇𝟎 [
𝐤𝐉

𝐦𝐨𝐥
] −70 ± 6  −77 ± 7 132 ± 2 

𝚫𝐒𝟎 [
𝐉

𝐦𝐨𝐥
· 𝐊] −78 ± 3  −77.8 ± 0.8 8.2 ± 0.3 

 

From TG-DSC measurements (Fig. 5.19), it was found that the oxidation enthalpy is largely 

temperature-dependent; ΔHox
0  becomes increasingly negative with increasing temperatures 

above 700 °C. This is unexpected, as the oxidation enthalpy is normally assumed to have 

negligible temperature dependence. However, from the Van’t Hoff plot in Fig. 6.6., it does 

not appear like ΔHox
0  is constant in the investigated temperature range; the slope becomes 

steeper at higher temperatures. There are several recent studies demonstrating defect 

concentration dependent thermodynamics, where for instance ΔHox
0  vary largely with oxygen 

nonstoichiometry in CeO2-δ [90, 91]. Nonetheless, the studies report conflicting trends, and 

further research is needed to provide clarity on this matter. One could speculate that the 

decrease in ΔHox
0  may be related to a disordering of oxygen vacancies with increasing 

temperatures, as equally distributed vacancies may be easier to fill. A possible explanation for 

the especially large decrease in ΔHox
0  from 1000 to 1100 °C may be that there are additional 

oxidation reactions involved, e.g. the oxidation of Mo
5+

 to Mo
6+

 and/or Fe
2+

 to Fe
3+

. Although 

Fe and Mo are assumed to retain their 3+ and 6+ oxidation states at oxygen partial pressures 

exceeding 𝑝O2~ 10
-6

, some small amounts Mo and/or Fe might have been reduced at higher 

temperatures. In discussing the values from high temperatures, it is important to recognize 

that there is an increased uncertainty in these values caused by the instrument, as both the 

sensitivity of the DSC signal and the mass uptake of the sample decreases with increasing 

temperature. The sensitivity of the DSC signal is corrected for in a calibration curve. The 

calibration procedure is described in Appendix C, and the calibration curve is displayed in 

Fig. C.1. From the calibration curve it is seen that the uncertainty in the DSC signal at 1100 

°C is about three times higher than at 400 °C. Moreover, as the DSC signal becomes more 

dependent on the calibration curve with increasing temperatures, one should note that a 
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correct calibration becomes increasingly important. However, the changes in ΔHox
0  still appear 

to be too large to solely be explained by instrumental uncertainties. On the basis of the  data 

from TG-DSC and what is observed in Fig. 6.6, one might suggest that the values for ΔHox
0  

obtained from curve fitting the defect chemical models are merely reflecting an average of the 

measured values in the said temperature range. The average value for ΔHox
0  obtained from 

TG-DSC in the temperature range 400-1100 °C is -73.2 kJ/mol, which is comparable to the 

values obtained from both defect chemical models. Nevertheless, owing to the uncertainties 

related to the instrument and the limited amount of studies in literature, further investigations 

should be conducted. 

After extracting the thermodynamic parameters from the curve fitting, one may use them to 

calculate the concentrations of each defect as a function of oxygen partial pressure from Eq. 

(6.14-6.16) in Model 2. Calculated Brouwer diagrams and oxygen nonstoichiometry in 

SFM20 as a function of oxygen partial pressure at 800 and 600 °C are presented in Fig. 6.7 

and 6.8, respectively. Electrons (Fe
2+

) are the majority charge carriers at lower 𝑝O2, while 

oxygen vacancies become dominating in the middle-pressure range with a near-constant 

concentration. The concentration of Fe
3+

 is also nearly independent of 𝑝O2in this region. Thus, 

when solving for the concentration of holes (Fe
4+

), 𝑝O2dependencies of +1/4 and -1/4 (in a 

log-log representation) are obtained for the holes and electrons, respectively. The Brouwer 

diagrams are in agreement with the observed electrical conductivities of SFM20 and SFM25, 

which are proportional to ~ 𝑝O2
1/4 (Fig. 5.20). 
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Figure 6.7: a) defect concentrations and b) oxygen nonstoichiometry of SFM20 as a function of oxygen partial 

pressure at 800 °C. 



86 

 

-30 -25 -20 -15 -10 -5 0 5
-10

-8

-6

-4

-2

0

 [Fe
Fe

X
 ]

 [Fe
Fe

• ]

 [Fe
Fe

' ]

 [O
i
'' ]

-1/41/4

lo
g

 [
 ]

log (pO
2
 [atm])

-30 -25 -20 -15 -10 -5 0 5

-0.2

0.0

0.2

0.4

0.6

0.8

1.0

1.2



log (pO
2
 [atm])

 

Figure 6.8: a) defect concentrations and b) oxygen nonstoichiometry of SFM20 as a function of oxygen partial 

pressure at 600 °C. 

6.6 Charge Carrier Mobility 

Based on the thermodynamic parameters obtained from model 2 one may estimate the 

concentration of holes in SFM20 as a function of temperature. Experimental hole 

concentrations are obtained from the temperature-dependent TGA data. From the hole 

concentrations together with electrical conductivity data, a set of estimated and experimental 

hole mobilities may be calculated. The estimated and experimental hole mobilities are shown 

in Fig. 6.8, and coincide quite well. The estimated hole mobilites vary between 4.52 ∙ 10−4 

and 0.02 cm
2
V

-1
s

-1
 from 50 to 900 °C, respectively. These values are within the range of 

typical mobilities for small polarons [12], implying that the holes in SFM20 are localized at 

Fe sites and follow a thermally activated hopping mechanism. According to the estimated 

values, a constant hole concentration as a function of temperature is found ≤ 200 °C, before it 

starts decreasing with increasing temperature. Therefore, a linear fit in the temperature range 

50-200 °C should give the enthalpy of migration ΔHm of the holes. As experimental 

measurements were not conducted below 200 °C, the estimated values were used to determine 

ΔHm. ΔHm was calculated from the slope of the linear fit in Fig. 6.9 to 27 ± 1 kJ/mol, which 

is in excellent agreement with the activation energy of SFM20 in the same temperature range 

obtained from the temperature-dependent conductivity data in Fig. 5.20. The pre-exponential 

μ0 obtained from the intercept was 8.0 ± 0.4 cm
2
KV

-1
s

-1
. The enthalpies of hole migration are 

comparable to those reported for SFM (x = 0.2, 0.25) (0.15 to 0.2 eV) [47, 48] and similar 

electronically conducting perovskite systems, e.g. (La, Sr)(Co, Fe)O3 (0.1 to 0.18 eV) and 

(La, Ba)(Co, Fe)O3 (0.11 to 0.29 eV) [58]. 

The mobility begins to deviate from linearity at temperatures exceeding 200 °C, and appears 

to level off as the temperature increases. The deviation at higher temperatures may be caused 

by several reasons, but a proposal is that it is related to structural variations, as have been 
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discussed previously. An alternative explanation for the non-linear behavior could have been 

that the holes are becoming increasingly delocalized with increasing temperatures, thus 

exhibiting small polaron conduction at lower temperatures and move towards a metallic 

conduction mechanism at higher temperatures, as have been suggested in La2NiO4+δ [92]. 

However, this is unlikely as the mobility values for SFM are an order of magnitude lower 

than those reported for La2NiO4+δ (~ 0.20 cm
2
V

-1
s

-1
) [92] and those considered to be outside 

the range for small polaron hopping (> 0.1 cm
2
V

-1
s

-1
) [12]. Based on Eq. (2.12) the 

conductivity of SFM20 was estimated from the obtained value for ΔHm and the 

thermodynamic parameters from model 2. An Arrhenius plot of the estimated and the 

experimental electrical conductivity of SFM20 is presented in Fig. 6.10. The estimated 

conductivity maximum occurs at higher temperatures than the experimental conductivity 

maximum. Thus, as an effect of the mobility levelling off at higher temperatures, the 

conductivity reaches a maximum at lower temperatures than what is expected with a linear 

mobility increase. The same effect is observed for SFM25. 
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Figure 6.9: Experimental and estimated hole mobilities in SFM20. The solid line represents the linear fit of the 

estimated data in the temperature range 50-200 °C. 



88 

 

0.5 1.0 1.5 2.0 2.5 3.0 3.5

0

1

2

 Model 2 

 Experimental

lo
g
 (


 [
S

·c
m

-1
])

 

1000/T [K
-1
]

800 600 400 200

T [°C]

 

Figure 6.10: Arrhenius plot of estimated and experimental electrical conductivity of SFM20. 

6.7 Oxygen Surface Exchange Kinetics 

Oxygen surface exchange kinetics is an important functional property of cathode materials. 

Homo-molecular surface exchange measurements were conducted on SFM20 as a function of 

temperature and oxygen partial pressure by GPA. The homo-molecular exchange rates were 

in the range 2.1 ∙ 10−11 − 7.4 ∙ 10−10 mol O2 cm
2
 s

-1
 from 425 to 525 °C, respectively. The 

rate constant at 425 °C is comparable to what has been reported for other electrode candidates 

with similar specific surface areas, e.g. La0.9Sr0.1FeO3 (R = 6.5 ∙ 10−11 mol O2 cm
2
 s

-1
 at 400 

°C) and La2NiO4 (R = 4.5 ∙ 10−11 mol O2 cm
2
 s

-1
 at 400 °C). The activation energy of the 

exchange rate for SFM20 (166 ± 5 kJ/mol) lies between the activation energies reported for 

La0.9Sr0.1FeO3 (144 ± 3 kJ/mol) and La2NiO4 (184 ± 9 kJ/mol) [19]. Consequently, the 

exchange rate of SFM should be lower than the exchange rate for La2NiO4 but higher than the 

exchange rate for La0.9Sr0.1FeO3 at typical operating temperatures for PCFCs. Furthermore, it 

was demonstrated that the 𝑝O2dependence of the exchange rate in SFM20 changes as a 

function of temperature. At 450 °C the 𝑝O2dependence of the exchange rate approaches ½ (in 

a log-log representation) which is in accordance with the Langmuir isotherm for dissociative, 

monolayer adsorption of diatomic molecules (see section 2.4). However, the 𝑝O2dependence 

of the exchange rates decreases with increasing temperature. This effect could be due to 

reaching the same plateau as was encountered in the temperature-dependent measurements 

(Fig. 5.6) reflecting limitations in the experimental setup; however, the values for R are about 

two orders of magnitude below this plateau. Consequently, one may speculate that the 

exchange rate could be dependent on defect thermodynamics, as have been demonstrated in 

Fe-doped SrTiO3 by Merkle et al. [20]. The mechanisms involved in the oxygen surface 

exchange should be investigated further by including hetero-molecular exchange 
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measurements, and preferably also complementary techniques such as transient 

thermogravimetry and Time of Flight Secondary Ion Mass Spectrometry (ToF-SIMS). 

6.8 SFM – Applicability and Challenges 

Based on the work done in this thesis, it is evident that SFM fails to meet several 

requirements necessary for exceeding state-of-the-art electrode materials for PCFCs and 

electrolyser cells. Despite some authors reporting otherwise, it has been found that SFM with 

x ≤ 0.3 does not appear to be chemically stable in reducing atmospheres. This would pose a 

crucial challenge for its applicability in symmetrical/reversible fuel cells, and as an anode for 

PCFCs. Hence, the advantage of increasing the n-type conductivity by Mo-substitution 

ceases. SFM with low values of Mo-substitution (x < 3) may still serve as cathode materials 

for PCFCs. However, as Mo-substitution decreases the concentration of p-type charge 

carriers, an electrical conductivity inferior to SrFeO3-δ is obtained for SFM in air. 

Consequently, it is 1-2 magnitudes lower than the electrical conductivities of state-of-the-art 

cathodes such as LSM and LSC. In addition, SFM displays a negligible hydration in wet 

atmospheres, implying that this material does not exhibit protonic conduction. Hence, other 

compounds demonstrating high electronic and O
2-

/H
+
 conduction such as BGLC may be more 

promising for replacing conventional cathode materials. Yet, the properties of SFM may offer 

advantages in terms of other applications. Grossly nonstoichiometric perovskites with mixed 

electronic and ionic conductivity have shown to exhibit high oxygen permeability. Oxygen 

transport through a dense MIEC membrane relies on surface exchange kinetics at the two 

interfaces and bulk diffusion of oxygen ions and electrons/holes through the material. The 

ionic conductivity of SFM is reported to be in the order of 10
-2

-10
-1

 S/cm, and the oxygen 

surface exchange kinetics in SFM appears to be on the same level with other MIEC 

membranes, such as La2NiO4 and La0.9Sr0.1FeO3. Consequently, SFM may serve as a 

promising candidate for oxygen separation membranes. 

6.9 Further Work 

A natural continuation of the work in this thesis is to further examine the oxygen 

nonstoichiometry and electron hole mobility behavior in SFM. Structural insights should be 

prioritized, especially with respect to possible ordering/disordering of oxygen vacancies as a 

function of composition and temperature. For these purposes one may use techniques such as 

neutron diffraction or TEM. In addition, computational approaches could be utilized to obtain 

a detailed theoretical understanding of possible defect interactions related to the oxygen 

nonstoichiometry behavior in SFM. Depending on the outcome of these studies, modifications 

to the defect chemical model could have been made. In addition, owing to the conflicting 

literature on the phase stability of SFM, a detailed investigation focusing on linking synthesis 

methods and conditions to phase stability should also be conducted. 
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Furthermore, it would be interesting to investigate SFM in light of other applications, such as 

for oxygen separation membranes. In this case, further insight into the surface exchange 

mechanisms in SFM is of great interest. One may therefore continue with hetero-molecular 

GPA, and also implement other approaches such as transient thermogravimetry and ToF-

SIMS. Permeability of oxygen may, moreover, be measured using a Probostat cell together 

with gas chromatography (GC) and MS. Finally, as a technique for determining oxygen 

nonstoichiometry with GPA was developed in this thesis, it should be evaluated by testing the 

method on materials with known oxygen nonstoichiometry. 
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7 Conclusions 

In the present work, the functional properties of selected SrFe1-x MoxO3-δ (x = 0.15, 0.2, 0.25, 

0.3) materials were investigated. Compositions with x ≤ 0.25 were successfully synthesized 

while the solubility limit of Mo in SrFeO3-δ was reached for x = 0.3 at 1200 °C in air. SFM is 

unstable in reducing atmospheres, as demonstrated by a reversible formation of Sr3Fe2O6 

upon reduction/oxidation. SFM crystallizes in a cubic 𝑃𝑚3𝑚 space group. The average TEC 

of SFM20 from 25 to 800 °C was 18.2 ∙ 106 K−1, and increases with decreasing Mo-

substitution. 

A technique for measuring oxygen nonstoichiometry by means of GPA was developed in this 

project. The maximum oxygen nonstoichiometry of SFM20 in oxidizing atmospheres was 

determined to δmax = 0.181 by GPA, which is similar to the estimated value of δmax = 0.2. The 

discrepancy between the values is attributed to the sample preparation. From TGA it was 

found that δ becomes constant at 𝑝O2 < 10
-5

 atm at all temperatures and > 1200 °C in air. 

Different plateaus for δ depending on temperature were detected at low 𝑝O2, possibly 

stemming from structural variations, e.g. ordering/disordering of oxygen vacancies. This 

would correlate to the reversible changes detected by in situ XRD upon heating/cooling. 

However, the changes may also stem from segregation/dissolution of one or more secondary 

phases. Hence, it difficult to conclude based on the present data. 

The electrical conductivity of SFM increases with temperature until reaching a maximum at 

400-450 °C for SFM20 and 350-400 °C for SFM25 in air, with maximum conductivities of 

31 and 7.8 S/cm, respectively. The conductivity is proportional to ~ 𝑝O2
1/4 in oxidizing 

atmospheres, showing that SFM is a p-type conductor. SFM does not hydrate in wet 

atmospheres. 

Two defect chemical models were developed for SFM; i) SFM treated as a simple acceptor-

doped system (Model 1) and ii) SFM treated as a partial occupancy disordered system (Model 

2) also including the disproportionation of Fe
3+

 required to model oxygen nonstoichiometry in 

a wide range of 𝑝O2. Curve fitting to the oxygen nonstoichiometry data yielded a good fit at 

higher temperatures and similar thermodynamic parameters for both models. Poor fits were 

obtained at low temperatures, owing to the variable plateaus for δ at different temperatures. 

The enthalpy and entropy of oxidation for SFM20 extracted from Model 2 was -79 ± 5 

kJ/mol and -81.9 ± 0.4 J/molK, respectively, while the enthalpy and entropy of Fe 

disproportionation was 131 ± 2 kJ/mol and 7.3 ± 0.2 J/molK, respectively. ΔHox
0  measured 

by TG-DSC becomes increasingly negative with increasing temperatures above 700 °C.  

The electron hole mobility of SFM20 obtained from electrical conductivity and TGA data is 

in the range of small polaron hopping, and exhibits a linear temperature dependence in the 

range 50-200 °C. The enthalpy of migration was calculated to 27 ± 1 kJ/mol. However, the 

mobility levels off at higher temperatures.  
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With instability issues in reducing atmospheres and a modest electrical conductivity in air, 

SFM is not comparable to state-of-the-art electrode materials for PCFC and electrolyser cells.  

 

 

 

 

  



93 

 

Bibliography 
 

 

1. Atkinson, A., et al., Advanced anodes for high-temperature fuel cells. Nature Materials, 2004. 

3(1): p. 17-27. 

2. Larramendi, I.R.d., et al., Designing Perovskite Oxides for Solid Oxide Fuel Cells. Perovskite 

Materials - Synthesis, Characterisation, Properties, and Applications. 2016: InTech. 

3. Muñoz-García, A.B., M. Pavone, and E.A. Carter, Effect of Antisite Defects on the Formation 

of Oxygen Vacancies in Sr2FeMoO6: Implications for Ion and Electron Transport. Chemistry 

of Materials, 2011. 23(20): p. 4525-4536. 

4. Liu, Q., et al., A Novel Electrode Material for Symmetrical SOFCs. Advanced Materials, 

2010. 22(48): p. 5478-5482. 

5. Ruiz-Morales, J.C., et al., Symmetric and reversible solid oxide fuel cells. RSC Advances, 

2011. 1(8): p. 1403-1414. 

6. Muñoz-García, A.B. and M. Pavone, First-Principles Design of New Electrodes for Proton-

Conducting Solid-Oxide Electrochemical Cells: A-Site Doped Sr2Fe1.5Mo0.5O6−δ 

Perovskite. Chemistry of Materials, 2016. 28(2): p. 490-500. 

7. Xiao, G., et al., Sr2Fe1.5Mo0.5O6 as Cathodes for Intermediate-Temperature Solid Oxide 

Fuel Cells with La0.8Sr0.2Ga0.87Mg0.13O3 Electrolyte. Journal of The Electrochemical 

Society, 2011. 158(5): p. B455-B460. 

8. Muñoz-García, A.B., et al., Unveiling Structure–Property Relationships in 

Sr2Fe1.5Mo0.5O6−δ, an Electrode Material for Symmetric Solid Oxide Fuel Cells. Journal of 

the American Chemical Society, 2012. 134(15): p. 6826-6833. 

9. Shaikh, S.P.S., A. Muchtar, and M.R. Somalu, A review on the selection of anode materials 

for solid-oxide fuel cells. Renewable and Sustainable Energy Reviews, 2015. 51: p. 1-8. 

10. Skinner, S.J., and Laguna-Bercero, M. A., Inorganic Materials For Solid Oxide Fuel Cells. 

Energy Materials, 2011. 

11. Zheng, K., et al., Carbon Deposition and Sulfur Poisoning in SrFe0.75Mo0.25O3-δ and 

SrFe0.5Mn0.25Mo0.25O3-δ Electrode Materials for Symmetrical SOFCs. Journal of The 

Electrochemical Society, 2015. 162(9): p. 1078-1087. 

12. Norby, T., Defects and transport in crystalline solids, in Compendium for the advanced level 

course: Defect Chemistry and Reactions KJM5120. 2015, University of Oslo: Oslo. 

13. Karen, P., Part 2 of compedium for KJM-MENA 5130/9130. 2016, University of Oslo: Oslo. 



94 

 

14. Karen, P., Nonstoichiometry in oxides and its control. Journal of Solid State Chemistry, 2006. 

179(10): p. 3167-3183. 

15. Patrakeev, M.V., et al., Ion–electron transport in strontium ferrites: relationships with 

structural features and stability. Solid State Sciences, 2004. 6(9): p. 907-913. 

16. Prato, R.A., Transport properties and surface kinetics of Ba0.8+xGd0.8La0.2+xCo2O6-d, in 

Department of Chemistry. 2016, University of Oslo: Oslo. 

17. He, H., H.X. Dai, and C.T. Au, Defective structure, oxygen mobility, oxygen storage capacity, 

and redox properties of RE-based (RE = Ce, Pr) solid solutions. Catalysis Today, 2004. 90(3–

4): p. 245-254. 

18. Hörnlund, E., Studies of dissociation of diatomic molecules with isotope spectroscopy. 

Applied Surface Science, 2002. 199(1–4): p. 195-210. 

19. Smith, J.B., Mixed oxygen ion/electron conductors for oxygen separation processes: Surface 

kinetics and cation diffusion, in Department of Chemistry. 2005, University of Oslo: Oslo. p. 

109-128. 

20. Merkle, R. and J. Maier, Oxygen incorporation into Fe-doped SrTiO3: Mechanistic 

interpretation of the surface reaction. Physical Chemistry Chemical Physics, 2002. 4(17): p. 

4140-4148. 

21. Pauw, L.J.V.d., A method for measuring specific resistivity and hall coefficient of discs of 

arbitrary shape. Aerospace Med, 1958. 13(1): p. 1-9. 

22. NorECs, A., ProboStat Manual. 2013, Norwegian Electro Ceramics AS: Oslo, Norway. p. 7-

100. 

23. Schrade, M., On the Oxygen Nonstoichiometry in Thermoelectric Oxides, in Department of 

physics. 2014, University of Oslo: Oslo. 

24. Schrade, M., et al., Oxygen Nonstoichiometry in (Ca2CoO3)0.62(CoO2): A Combined 

Experimental and Computational Study. The Journal of Physical Chemistry C, 2014. 118(33): 

p. 18899-18907. 

25. Niakolas, D.K., Sulfur poisoning of Ni-based anodes for Solid Oxide Fuel Cells in H/C-based 

fuels. Applied Catalysis A: General, 2014. 486: p. 123-142. 

26. Ishihara, T., Perovskite Oxide for Solid Oxide Fuel Cells. 2009: Springer Science & Business 

Media. 

27. Fabbri, E., D. Pergolesi, and E. Traversa, Materials challenges toward proton-conducting 

oxide fuel cells: a critical review. Chemical Society Reviews, 2010. 39(11): p. 4355-69. 

28. Richter, J., et al., Materials design for perovskite SOFC cathodes. Monatshefte für Chemie - 

Chemical Monthly, 2009. 140(9): p. 985-999. 



95 

 

29. Sun, C., R. Hui, and J. Roller, Cathode materials for solid oxide fuel cells: a review. Journal 

of Solid State Electrochemistry, 2010. 14(7): p. 1125-1144. 

30. Chen, J., et al., Nano-structured (La, Sr)(Co, Fe)O3 + YSZ composite cathodes for 

intermediate temperature solid oxide fuel cells. Journal of Power Sources, 2008. 183(2): p. 

586-589. 

31. Strandbakke, R., et al., Gd- and Pr-based double perovskite cobaltites as oxygen electrodes 

for proton ceramic fuel cells and electrolyser cells. Solid State Ionics, 2015. 278: p. 120-132. 

32. Liu, Q., et al., Sr2Fe1.5Mo0.5O6−δ as a regenerative anode for solid oxide fuel cells. Journal 

of Power Sources, 2011. 196(22): p. 9148-9153. 

33. Huang, Y.-H., et al., Double Perovskites as Anode Materials for Solid-Oxide Fuel Cells. 

Science, 2006. 312(5771): p. 254-257. 

34. Tao, S. and J.T.S. Irvine, A redox-stable efficient anode for solid-oxide fuel cells. Nature 

Materials, 2003. 2(5): p. 320-323. 

35. Sengodan, S., et al., Layered oxygen-deficient double perovskite as an efficient and stable 

anode for direct hydrocarbon solid oxide fuel cells. Nature Materials, 2015. 14(2): p. 205-209. 

36. Lan, R., et al., A perovskite oxide with high conductivities in both air and reducing 

atmosphere for use as electrode for solid oxide fuel cells. Scientific Reports, 2016. 6: p. 

31839. 

37. Fernández-Ropero, A.J., et al., High valence transition metal doped strontium ferrites for 

electrode materials in symmetrical SOFCs. Journal of Power Sources, 2014. 249: p. 405-413. 

38. Li, X., et al., Electrical conduction behavior of La, Co co-doped SrTiO3 perovskite as anode 

material for solid oxide fuel cells. International Journal of Hydrogen Energy, 2009. 34(15): p. 

6407-6414. 

39. Poulsen, F.W., G. Lauvstad, and R. Tunold, Conductivity and seebeck measurements on 

strontium ferrates. Solid State Ionics, 1994. 72(PART 2): p. 47-53. 

40. Kozhevnikov, V.L., et al., Electrical Properties of the Ferrite SrFeOy at High Temperatures. 

Journal of Solid State Chemistry, 2001. 158(2): p. 320-326. 

41. Vashuk, V.V., L.V. Kokhanovskii, and I.I. Yushkevich, Electrical conductivity and oxygen 

stoichiometry of SrFeO3-δ. Inorganic Materials, 2000. 36(1): p. 79-83. 

42. Hombo, J., Y. Matsumoto, and T. Kawano, Electrical conductivities of SrFeO3−δ and 

BaFeO3−δ perovskites. Journal of Solid State Chemistry, 1990. 84(1): p. 138-143. 

43. Hodges, J.P., et al., Evolution of Oxygen-Vacancy Ordered Crystal Structures in the 

Perovskite Series SrnFenO3n−1 (n=2, 4, 8, and ∞), and the Relationship to Electronic and 

Magnetic Properties. Journal of Solid State Chemistry, 2000. 151(2): p. 190-209. 



96 

 

44. Haavik, C., T. Atake, and S. Stolen, On the enthalpic contribution to the redox energetics of 

SrFeO3-δ. Physical Chemistry Chemical Physics, 2002. 4(6): p. 1082-1087. 

45. Takeda, Y., et al., Phase relation in the oxygen nonstoichiometric system, SrFeOx (2.5 ≤ x ≤ 

3.0). Journal of Solid State Chemistry, 1986. 63(2): p. 237-249. 

46. Takano, M., et al., Dependence of the structure and electronic state of SrFeOx (2.5 ≤ x ≤ 3) on 

composition and temperature. Journal of Solid State Chemistry, 1988. 73(1): p. 140-150. 

47. Markov, A.A., et al., Structural stability and electrical transport in SrFe1 − xMoxO3 − δ. 

Solid State Ionics, 2008. 179(21–26): p. 1050-1053. 

48. Markov, A.A., et al., Structural features, nonstoichiometry and high-temperature transport in 

SrFe1−xMoxO3−δ. Journal of Solid State Chemistry, 2009. 182(4): p. 799-806. 

49. Mizusaki, J., et al., Nonstoichiometry and phase relationship of the SrFeO2.5SrFeO3 system 

at high temperature. Journal of Solid State Chemistry, 1992. 99(1): p. 166-172. 

50. Holt, A., T. Norby, and R. Glenne, Defects and transport in SrFe1−xCoxO3−δ. Ionics, 1999. 

5(5): p. 434-443. 

51. Zheng, K., et al., Coking Study in Anode Materials for SOFCs: Physicochemical Properties 

and Behavior of Mo-Containing Perovskites in CO and CH4 Fuels. ECS Transactions, 2014. 

64(2): p. 103-116. 

52. Fang, T.-T., M.S. Wu, and T.F. Ko, On the formation of double perovskite Sr2FeMoO6. 

Journal of Materials Science Letters, 2001. 20(17): p. 1609-1610. 

53. Nakamura, S. and K. Oikawa, Precise Structure Analysis Consistent with Mössbauer 

Quadrupole Effect: A Case of the Ordered Double Perovskites Sr2FeMO6 (M = Mo and Re). 

Journal of the Physical Society of Japan, 2003. 72(12): p. 3123-3127. 

54. Zhang, Q., et al., Structural and electromagnetic properties driven by oxygen vacancy in 

Sr2FeMoO6−δ double perovskite. Journal of Alloys and Compounds, 2015. 649: p. 1151-

1155. 

55. Chmaissem, O., et al., Structural phase transition and the electronic and magnetic properties 

of Sr2FeMoO6. Physical Review B, 2000. 62(21): p. 14197-14206. 

56. Li, H., et al., Sr2Fe2−xMoxO6−δ perovskite as an anode in a solid oxide fuel cell: Effect of 

the substitution ratio. Catalysis Today, 2016. 259, Part 2: p. 417-422. 

57. Merkulov, O.V., et al., Oxygen nonstoichiometry and defect chemistry of perovskite-structured 

SrFe1 − xMoxO3 − δ solid solutions. Solid State Ionics, 2016. 292: p. 116-121. 

58. Xiao, G., et al., Synthesis and characterization of Mo-doped SrFeO3−δ as cathode materials 

for solid oxide fuel cells. Journal of Power Sources, 2012. 202: p. 63-69. 



97 

 

59. dos Santos-Gómez, L., et al., Chemical stability and compatibility of double perovskite anode 

materials for SOFCs. Solid State Ionics, 2013. 239: p. 1-7. 

60. Fang, T.-T. and T.-F. Ko, Factors Affecting the Preparation of Sr2Fe2−xMoxO6. Journal of 

the American Ceramic Society, 2003. 86(9): p. 1453-1455. 

61. Rager, J., et al., Oxygen Stoichiometry in Sr2FeMoO6, the Determination of Fe and Mo 

Valence States, and the Chemical Phase Diagram of SrO-Fe3O4-MoO3. Journal of the 

American Ceramic Society, 2004. 87(7): p. 1330-1335. 

62. Miao, G., et al., Sr2Fe1+xMo1−xO6−δ as anode material of cathode–supported solid oxide 

fuel cells. International Journal of Hydrogen Energy, 2016. 41(2): p. 1104-1111. 

63. Beppu, K., et al., Oxygen storage capacity of Sr3Fe2O7-δ having high structural stability. 

Journal of Materials Chemistry A, 2015. 3(25): p. 13540-13545. 

64. Li, H., et al., An all perovskite direct methanol solid oxide fuel cell with high resistance to 

carbon formation at the anode. RSC Advances, 2012. 2(9): p. 3857-3863. 

65. Meng, J., et al., SrFe0.8Mo0.2O3-δ: Cathode material for intermediate temperature solid 

oxide fuel cells. Solid State Ionics, 2014. 260: p. 43-48. 

66. Tietz, F., Thermal expansion of SOFC materials. Ionics, 1999. 5(1): p. 129-139. 

67. Liu, M.F., et al., An Efficient SOFC Based on Samaria-Doped Ceria (SDC) Electrolyte. 

Journal of the Electrochemical Society, 2012. 159(6): p. B661-B665. 

68. Lohne, Ø.F., et al., Oxygen Non-Stoichiometry and Electrical Conductivity of 

La0.2Sr0.8Fe0.8B0.2O3 − δ, B = Fe, Ti, Ta. Journal of The Electrochemical Society, 2014. 

161(3): p. 176-184. 

69. Merkulov, O.V., et al., Defect chemistry and high-temperature transport in SrFe1−xSnxO3–δ. 

Journal of Solid State Chemistry, 2016. 243: p. 190-197. 

70. Sahibzada, M., et al., A simple method for the determination of surface exchange and ionic 

transport kinetics in oxides. Solid State Ionics, 2000. 136–137: p. 991-996. 

71. Muñoz-García, A.B., et al., Oxygen Transport in Perovskite-Type Solid Oxide Fuel Cell 

Materials: Insights from Quantum Mechanics. Accounts of Chemical Research, 2014. 47(11): 

p. 3340-3348. 

72. Wang, Z., Y. Tian, and Y. Li, Direct CH4 fuel cell using Sr2FeMoO6 as an anode material. 

Journal of Power Sources, 2011. 196(15): p. 6104-6109. 

73. Schrade, M., et al., Versatile apparatus for thermoelectric characterization of oxides at high 

temperatures. Review of Scientific Instruments, 2014. 85(10): p. 103906. 



98 

 

74. Semonovs, J., Pure and Substituted 114 Oxides RBaCo4O7+δ (R = Y, Ca, Gd, Tb, Dy, Ho, 

Yb): Defects, Transport, and Applications, in Department of chemistry. 2016, University of 

Oslo: Oslo. 

75. Norby, T. and P. Kofstad, Electrical Conductivity and Defect Structure of Y2O3 as a Function 

of Water Vapor Pressure. Journal of the American Ceramic Society, 1984. 67(12): p. 786-792. 

76. Løken, A., Thermodynamics and transport of defects in Sc-doped CaSnO3 and CaZrO3, in 

Department of chemistry. 2011, University of Oslo: Oslo. 

77. NETZSCH. Key Technical Data Netzsch STA 449 F1 Jupiter.  [cited 10.03. 2017]; Available 

from: https://www.netzsch-thermal-analysis.com/en/products-solutions/simultaneous-

thermogravimetry-differential-scanning-calorimetry/sta-449-f1-jupiter/. 

78. Toby, B.H., R factors in Rietveld analysis: How good is good enough? Powder Diffraction, 

2006. 21(1): p. 67-70. 

79. Kircheisen, R. and J. Töpfer, Nonstoichiometry, point defects and magnetic properties in 

Sr2FeMoO6−δ double perovskites. Journal of Solid State Chemistry, 2012. 185: p. 76-81. 

80. Deganello, F., et al., Cerium effect on the phase structure, phase stability and redox properties 

of Ce-doped strontium ferrates. Journal of Solid State Chemistry, 2006. 179(11): p. 3406-

3419. 

81. Meister, S. Linecut: grain and particle analysis with the line intersection method. 2012  [cited 

02.04. 2017]; Available from: http://se.mathworks.com/matlabcentral/fileexchange/35203-

grain-and-particle-analysis-with-line-intersection-method. 

82. Sher, F., et al., Synthesis, Structure, and Properties of Two New Ruddlesden−Popper Phase 

Analogues of SFMO (Sr2FeMoO6). Chemistry of Materials, 2005. 17(7): p. 1792-1796. 

83. Atkinson, A. and T.M.G.M. Ramos, Chemically-induced stresses in ceramic oxygen ion-

conducting membranes. Solid State Ionics, 2000. 129(1–4): p. 259-269. 

84. Marrocchelli, D., et al., Understanding Chemical Expansion in Non-Stoichiometric Oxides: 

Ceria and Zirconia Case Studies. Advanced Functional Materials, 2012. 22(9): p. 1958-1965. 

85. Marrocchelli, D., S.R. Bishop, and J. Kilner, Chemical expansion and its dependence on the 

host cation radius. Journal of Materials Chemistry A, 2013. 1(26): p. 7673-7680. 

86. Marrocchelli, D., et al., Charge localization increases chemical expansion in cerium-based 

oxides. Physical Chemistry Chemical Physics, 2012. 14(35): p. 12070-12074. 

87. Chatzichristodoulou, C., et al., Size of oxide vacancies in fluorite and perovskite structured 

oxides. Journal of Electroceramics, 2015. 34(1): p. 100-107. 

88. Perry, N.H., et al., Strongly coupled thermal and chemical expansion in the perovskite oxide 

system Sr(Ti,Fe)O3-δ. Journal of Materials Chemistry A, 2015. 3(7): p. 3602-3611. 

https://www.netzsch-thermal-analysis.com/en/products-solutions/simultaneous-thermogravimetry-differential-scanning-calorimetry/sta-449-f1-jupiter/
https://www.netzsch-thermal-analysis.com/en/products-solutions/simultaneous-thermogravimetry-differential-scanning-calorimetry/sta-449-f1-jupiter/
http://se.mathworks.com/matlabcentral/fileexchange/35203-grain-and-particle-analysis-with-line-intersection-method
http://se.mathworks.com/matlabcentral/fileexchange/35203-grain-and-particle-analysis-with-line-intersection-method


99 

 

89. Bishop, S.R., et al., Chemical Expansion: Implications for Electrochemical Energy Storage 

and Conversion Devices. Annual Review of Materials Research, 2014. 44(1): p. 205-239. 

90. Bulfin, B., et al., Statistical thermodynamics of non-stoichiometric ceria and ceria zirconia 

solid solutions. Physical Chemistry Chemical Physics, 2016. 18(33): p. 23147-23154. 

91. Kuhn, M., et al., Structural characterization and oxygen nonstoichiometry of ceria-zirconia 

(Ce1−xZrxO2−δ) solid solutions. Acta Materialia, 2013. 61(11): p. 4277-4288. 

92. Nakamura, T., et al., Electronic state of oxygen nonstoichiometric La2-xSrxNiO4+δ at high 

temperatures. Physical Chemistry Chemical Physics, 2009. 11(17): p. 3055-3062. 

93. Rietveld, H., A profile refinement method for nuclear and magnetic structures. Journal of 

Applied Crystallography, 1969. 2(2): p. 65-71. 

94. David, W.I.F., Powder Diffraction: Least-Squares and Beyond. Journal of Research of the 

National Institute of Standards and Technology, 2004. 109(1): p. 107-123. 

95. Suresh, A., M.J. Mayo, and W.D. Porter, Thermodynamics of the tetragonal-to-monoclinic 

phase transformation in fine and nanocrystalline yttria-stabilized zirconia powders. Journal of 

Materials Research, 2003. 18(12): p. 2912-2921. 

96. Eysel, W. and K.-H. Breuer, Differential Scanning Calorimetry: Simultaneous Temperature 

and Calorimetric Calibration, in Analytical Calorimetry: Volume 5, J.F. Johnson and P.S. 

Gill, Editors. 1984, Springer US: Boston, MA. p. 67-80. 

97. Breuer, K.H. and W. Eysel, The calorimetric calibration of differential scanning calorimetry 

cells. Thermochimica Acta, 1982. 57(3): p. 317-329. 

98. Grey, A.P., Thermal analysis : 4th ICTA : [proceedings of the Fourth International 

Conference on Thermal Analysis held at Budapest, Hungary, July 8-13, 1974]. 1975: Heyden. 

99. Karoui, N.K., et al., The phase diagram of the isobaric binary system (NaNO3 + RbNO3). 

Journal of Thermal Analysis and Calorimetry, 2016. 124(3): p. 1145-1151. 

100. NETZSCH-, G.G., Derived from measurements carried out with a DSC 200, previously 

calibrated with Hg, In, Sn, Bi, Zn and CsCl. 

101. NETZSCH, Proteus- Thermal Analysis. V 4.8.5, 2008. 

 

 

 

  



100 

 

 



101 

 

Appendix A. Combinatorial Analysis 

The equilibrium concentrations of the oxygen molecules (
16

O2 ,
18

O2, and 
18

O
16

O) depend on 

the isotope composition of the gas phase, and the probability 𝑃𝑖 of forming any of the 

molecular species may be described quantitatively by combinatorial analysis [18]: 

 𝑃32 = (
𝑛16

𝑛16 + 𝑛18
)2  𝑃36 = (

𝑛18
𝑛16 + 𝑛18

)2  𝑃34 = 2
𝑛16𝑛18

(𝑛16 + 𝑛18)2
 (A.1) 

 

where 𝑛𝑖 is the number of moles of each oxygen
 
isotope. The concentration of species 𝑖 at 

statistical equilibrium 𝑐𝑒𝑞
𝑖  is given by: 

 𝑐𝑒𝑞
𝑖 = 𝑃𝑖𝑛 (A.2) 

 

in which 𝑛 is the total number of moles of oxygen molecules in the gas phase. Under 

conditions where gas diffusion is significantly faster than surface exchange, the composition 

at the surface is assumed to be the same as in the gas phase. Thus, the rate of adsorption 

𝑟𝑖
+and desorption 𝑟𝑖

−of species 𝑖 may be expressed as: 

 𝑟𝑖
+ = 𝑃𝑖𝑅𝑆

𝑐𝑖(𝑡)

𝑐𝑒𝑞
𝑖

  (A.3) 

   

 𝑟𝑖
− = 𝑃𝑖𝑅𝑆 (A.4) 

 

where 𝑐𝑖(𝑡) is the concentration of species at time 𝑡, 𝑅 is the homo-molecular exchange rate 

and 𝑆 is the specific surface area of the sample. The rate at which the concentration of species 

𝑖 changes is thus given by: 

 
𝑑𝑐𝑖

𝑑𝑡
= 𝑟𝑖

− − 𝑟𝑖
+ =

𝑅𝑆

𝑛
(𝑐𝑒𝑞
𝑖 − 𝑐𝑖(𝑡)) (A.5) 

 

The integrated rate equation becomes: 

 𝑐𝑖(𝑡) = 𝑐𝑒𝑞
𝑖 + (𝑐0

𝑖 − 𝑐𝑒𝑞
𝑖 ) exp (−

𝑅𝑆

𝑛
𝑡) (A.6) 

 

in which 𝑐0
𝑖  is the concentration of species 𝑖 at 𝑡 = 0. 
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Appendix B. Rietveld Refinement 

The Rietveld method fits an experimental XRD pattern to a mathematical model based on the 

hypothesized crystal structure and instrumental parameters. It minimizes the difference 

between the observed and calculated pattern by refining user-selected parameters. The 

residual function 𝑀 is minimized by means of a non-linear least squares algorithm: 

 𝑀 =∑𝑊𝑖 {𝑦𝑖(𝑜𝑏𝑠) −
1

𝑐
∙ 𝑦𝑖(𝑐𝑎𝑙𝑐)}

2𝑛

𝑖=0

 (B.1) 

 

where 𝑐 is the scale factor and 𝑦𝑖(𝑜𝑏𝑠) and 𝑦𝑖(𝑐𝑎𝑙𝑐) are the intensities of the 𝑖𝑡ℎ profile point 

of the observed data and calculated profile, respectively [93]. The weight attributed to each 

observation 𝑊𝑖 is given by: 

 𝑊𝑖 =
1

√𝑦𝑖(𝑜𝑏𝑠)
 (B.2) 

 

The statistical quality of the refinement is defined by several quality parameters; the Chi-

squared or Goodness-of-fit parameter 𝜒2 and different R-factors [94].The weighted profile R-

factor 𝑅𝑤𝑃 and the expected R-factor 𝑅𝐸 are generally provided in most Rietveld refinement 

programs, and are thus used in this thesis. 𝑅𝐸 evaluates the quality of the observed data by 

giving the best possible 𝑅𝑤𝑃 quantity that can be achieved for that set of data: 

 𝑅𝐸 = √
𝑁 − 𝑃

∑ 𝑊𝑖 ∙ 𝑦𝑖(𝑜𝑏𝑠)
2𝑛

𝑖=1

 (B.3) 

 

in which 𝑁 denotes the total number of observations and 𝑃 the total number of variables in 

the refinement. 𝑅𝑤𝑃 compares calculated and observed patterns: 

 𝑅𝑤𝑃 = √
𝑀

∑ 𝑊𝑖 ∙ 𝑦𝑖(𝑜𝑏𝑠)2
𝑛
𝑖=1

 (B.4) 

 

𝜒2 is a measure of how well the experimental data are fitted by comparing the weighted 

profile R-factor and the expected R-factor: 

 𝜒2 = (
𝑅𝑤𝑃
𝑅𝐸
)
2

 (B.5) 
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As a general rule, the values of both 𝑅𝑤𝑃 and 𝑅𝐸 should be as low as possible, while 𝑅𝑤𝑃  ≥

𝑅𝐸. The lesser the difference between 𝑅𝑤𝑃 and 𝑅𝐸 the better, therefore 𝜒2 should be close to 

unity. Additionally, a number of other factors that may be used to evaluate the obtained fit, as 

described elsewhere [94]. However, none of the R-factors or 𝜒2 should be used as an absolute 

measure of the refinement quality, as these values heavily rely on using the correct calculated 

pattern and the quality of the experimental data. 
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Appendix C. TG-DSC Calibration 

In TG-DSC, oxidation thermodynamics in a material is evaluated directly by simultaneously 

measuring the mass change and the corresponding heat exchange upon oxidation or reduction. 

The latter is a product of the temperature difference between the sample and the reference 

crucible, which gives a voltage signal. To convert the voltage signal of the DSC experiment 

into a meaningful heat flow, the voltages are related to a calibration curve, often based on the 

enthalpies of phase transitions of several reference materials. The reference materials with 

their corresponding phase transition temperatures and enthalpies used in this thesis were ZrO2 

(1013 °C, 35 J g
-1

 [95]), BaCO3 (808 °C, 94.9 J g
-1

 [96]), CsCl (476 °C, 17.22 J g
-1

 [97]), 

Ag2SO4 (426.4 °C, 51.7 [98]) NaNO3 (306 °C, 178 J g
-1 

[99]), KClO4 (300.8 °C, 104.9 J g
-1

 

[100]) and RbNO3 (164.2 °C, 26.6 J g
-1 

[99]). In a typical calibration measurement, one would 

heat and cool the reference material in three cycles with rates of 10 K/min around the 

temperature of the phase transition in N2.The average onset temperatures for the phase 

transitions and the integrals of the DSC peaks from the two latter heating curves are 

calculated and fitted to an internal calibration curve implemented in the NETZSCH Proteus 

program [101]. The DSC sensitivity is expressed as a polynomial fit: 

 

 𝑠(𝑇) = [𝑃2 + 𝑃3 ∙
𝑇 − 𝑃0
𝑃1

+ 𝑃4 ∙ (
𝑇 − 𝑃0
𝑃1

)
2

+ 𝑃5 ∙ (
𝑇 − 𝑃0
𝑃1

)
3

] ∙ exp (−
𝑇 − 𝑃0
𝑃1

)
2

 (C.1) 

 

The calibration curve of the DSC sensitivity is displayed in Fig. C.1. The calibration curve 

reveal that the sensitivity of the signal is decreasing with increasing temperatures. For 

instance, the sensitivity is only ~0.2 µV/mW at 1100 °C, and the DSC signal needs to be 

multiplied by 5 in order to reach 1. The uncertainty in the signal, which is reported by 

Netzsch to be ± 2 % for most materials [77], is thus also multiplied by 5. Consequently, the 

uncertainty in the DSC signal increases with increasing temperatures. 
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Figure C.1: DSC sensitivity calibration curve used for TG-DSC measurements. 


